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Preface
Materials science and engineering depends on three classes of materials namely metals, ce‐
ramics and polymers. The aim of this book is to help the graduate and doctoral students in
materials science and related disciplines on the sintering of several materials.
During the sintering process, changes occur in the microstructure because of decomposition
or phase transformations. Three major changes commonly ocur during sintering. The grain
size increases, pore shape and pore size changes. The result is a decrease in the porosity
after sintering. The fabrication process for ceramics involves several different steps. The first
step in ceramics processing is compaction. In the compaction stage, ceramic powders are
pressed in a die to shape the powder into the desired form. Sintering is one of the final
stages of ceramics fabrication and is used to increase the strength of the compacted material.
In the Sintering of Ceramics section, the fabrication of electronic ceramics and glass-ceramics
were presented. Especially dielectric properties were focused on. In other chapters, sintering
behaviour of ceramic tiles and nano-alumina were investigated. Apart from oxides, the sin‐
tering of non-oxide ceramics was examined.
Powder metallurgy manufacturing technology consists of three steps; mixing elemental or
alloy powders, compacting those powders in a die at room temperature and then sintering
or heating the shape in a controlled atmosphere furnace to bond the particles together met‐
allurgically. In the Sintering of Metals section, two sections dealt with copper containing
structures. The sintering of titanium alloys is another topic focused in this section. The chap‐
ter on lead and zinc covers the sintering in the field of extractive metallurgy. Finally two
more chapter focus on the basics of sintering,i.e viscous flow and spark plasma sintering.
Dr.Burcu Ertug
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Istanbul, Turkey
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Oxide Ceramic Functional Thin Layer Processing by
Thermal and Laser Sintering of Green Layers
Guido Falk, Katrin Klein  and Christoph Rivinius
Additional information is available at the end of the chapter
http://dx.doi.org/10.5772/53257
1. Introduction
The growing scientific and technological significance of ceramic thin layer processing method‐
ologies is not only due to steady growth of protection coatings against corrosion, friction and
wear. By entering the micro-scale, the subject of tailoring functional interfaces raises many new
questions, which are connected with an improvement of topological and microstructural char‐
acteristics of thin ceramic single layers, double layers as well as multilayers for advanced ap‐
plications such as electrochemical energy storage and conversion. In this way the global
importance of efficient and functional ceramic thin layers has already been recognized.
Ceramic thin film processing methodologies were also asked to be sustainable and environ‐
mentally compatible. The focus of this book chapter is therefore on laser and thermal proc‐
essing of ceramic thin films from aqueous suspensions. The ceramic thin film systems
assigned to the application areas of anti-wear and electrochemical functional coatings are
displayed in relationship to the desired microstructural, morphological as well as composi‐
tional characteristics. In particular, the study covers comparative research results on laser
sintering of dip coated substrates as well as thermal processing of electrophoretically depos‐
ited ceramic thin films. In both cases colloidal dispersed particles suspended in aqueous sol‐
utions serve as starting levels.
Particle-based processing of ceramic thin films has already been proposed for a wide range
of applications. The singular advantage of this processing methodology involves the aban‐
donment of any vacuum or inert gas conditions. Furthermore, the relatively low tempera‐
tures used result in a simple processing scheme to create complex oxide and non-oxide
structural and functional ceramic coatings.
From the point of view of colloidal process engineering of structural and functional ceramics
this chapter gives on overview of the technological feasibility and the potential of applica‐
tions of laser and thermal ceramic thin films made from aqueous suspensions.
© 2013 Falk et al.; licensee InTech. This is an open access article distributed under the terms of the Creative
Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
Attribution License http://creativecommons.org/licenses/by/3.0), which permits unrestricted use, distribution, 
and reproduction in any medium, provided the original work is properly cited.
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We consider the two applications segments of anti-wear and electrochemical functional
coatings with the strongest potential to be the unique characteristics of the as-processed lay‐
ered systems. Interested readers may find, both, further information about the state-of-the-
art of the topic considered as well as information on future development trends.
As efficient and sustainable production technologies of ceramic thin films involve new prob‐
lem solving strategies, it would be a great success for the co-authors when the reader could
be motivated and activated to maximize all efforts in pursuing new avenues in the challeng‐
ing research field of ceramic thin processing.
In this connection we would like to thank Rolf Clasen for his ever-lasting encouraging sup‐
port and his pioneering visions that are closely connected with this displayed study. The co-
authors also express their gratitude to the numerous colleagues of the institute for their
effort, in particular to Christian Oswald and Doris Ranker, because, without their support
the project would not have succeeded.
1.1. Structural ceramic thin films for anti-wear and anti-corrosion applications
Tasks of ceramic coatings are very diversified. It is expected that they protect metals from
oxidation or corrosion, erosion wear, as well as thermal and electric insulation. According to
the application one or more functions of the coatings stand in the forefront. The oldest proc‐
ess is enameling by which glass melts are deposited on a metal substrate [1, 2]. The enamel‐
ing mixture, also referred to as frit, contains a high portion of oxides, specifically SiO2. The
production is made mostly on powder metallurgical processing. Metal substrates are coated
by dipping or spraying, and then the enamels are melted within the temperature range be‐
tween 700 °C and 900 °C.
High temperature enamels for special applications include additives of Cr2O3, Al, Si, Si3N4,
SiAlON or AlN, which allow application temperatures up to 1000 °C [3]. When conventional
porcelain enamels are used, the basic enamel composition contains CoO or NiO, which en‐
sure improved adhesion onto steel surfaces as a result of interface roughening by selective
corrosion. In practice cracks and spallings (fish scales defect) can occur resulting from a re‐
combination of hydrogen diffusing from the steel interface. High temperature coatings can
be produced by thermal spray process [4-7]. In this case powdered coating materials (usual‐
ly granulated ceramics, agglomerate size about 30 µm – 100 µm), partly of wholly melted,
are deposited with high speed onto adequate substrates.
The bond to the substrate is usually determined by the mechanical interlocking of the
sprayed layer. In individual cases chemical reactions can contribute to the adhesion. We dis‐
tinguish between flame spraying (use of fuel gases) and plasma spraying (use of partly ion‐
ized gases within an arc). In the latter case high melt-point materials can be melted due to
much higher temperature in the range of about up to 30.000 K. Complex ceramic compo‐
sites, such as TiC-TiN-MoSi2-Cr3C2 or Al2O3 or ZrO2 can be applied as substrate materials.
Meanwhile, even monolithic ceramic components can be processed by thermal spray proc‐
ess and higher dimensions (< 1 m) have already been realized due to the near-net shaping
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character of this processing method [8]. In this case the deposition of material is applied lay‐
er by layer onto a cooled preform.
Furthermore, ceramic coatings can be processed by physical (PVD) or chemical (CVD) vapor
deposition methods. Here, thermal loading of substrates is reduced compared to other coat‐
ing processes [9, 10]. PVD is used to be the collective name for reactive evaporation (ion
plating), sputtering, and arc discharge atomization with subsequent deposition by glow dis‐
charge. Here, also several target materials can serve as material suppliers simultaneously.
Dense hard coatings can be processed by PVD from temperatures of 300 °C. For example,
columnar structured PVD-coatings are mainly processed for use in thermal insulation of
highly loaded turbines.
For the CVD process, one or more reactants are chemically converted in gas atmospheres
and are deposited onto a substrate in the temperature range between 600 °C and 1000 °C.
The term chemical vapor infiltration (CVI) refers to the internal coating of porous preforms.
Well-known examples are CVD/CVI synthesis of SiC from SiCl4/CH4 or CH3SiCl3, being
used for example for the processing of large-scale high-temperature SiC matrix fiber compo‐
sites or for CVD-coatings of diamond-like carbon (DLC) [11].
In a few special cases sol-gel process can be used for coating of metal substrates. In this case
the coatings are characterized by complex chemical composition, such as ceramic high tem‐
perature superconductors.
1.2. Functional ceramic thin film processing in energy materials applications
The processing of thin ceramic layers for advanced energy storage and conversion succeeds
for example with a vacuum slip casting process (VSC) [12, 13]. Disadvantages of the VSC
process (such as geometrical confinement, coating quality depending on substrate character‐
istics) involve the development of alternative procedures, suitable for processing of ad‐
vanced ceramic electrolyte layers, such as for solid oxide fuel cell (SOFC) applications.
Special consideration is given to the cost factor of the processing methodologies used, as
soon as large-scale production is implemented.
For the case of the tubular SOFC concept of Siemens-Westinghouse, the processing of the
functional SOFC layers is therefore realized by electrochemical vapor deposition (EVD).
Here, in a first step, salts are evaporated, which then react onto the substrate to the desired
product under adequate boundary conditions (reactants such as oxygen or water). The pores
of the substrate are closed. The further growth of the layer is determined by the (electro‐
chemical) oxygen transport of the first layer [14-16]. This process is technically complex and
not economical for a desired mass-production of SOFC systems.
The processing of SOFC electrolyte layers by laser-assisted PVD (physical vapor deposition)
is subject of current research and scientific discussions. Here, a target material chemically
composed of the electrolyte stoichiometry is evaporated by laser energy. The vapor is depos‐
ited onto the SOFC substrate as electrolyte layer [17].
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The achieved coated surface area is currently fairly low (e.g. 10 x 10 mm2). The equipment
requirement with its associated costs is relatively high due to the necessary heating of the
substrate and the required multiple coating processes when gas-tight coatings should be
achieved.
Increased equipment investment are required for plasma spray process too [18, 19]. Further‐
more, the as-processed coatings are relatively thick and porous.
Processing of SOFC coatings from liquid phases succeeds by spray pyrolysis. Here, a precur‐
sor is sprayed onto a heated substrate. Evaporation of solvent and reaction of remaining salt
result in desired phase formation. Layer thicknesses of up to 30 µm can be achieved by a
multi-layer spray pyrolysis processing [20, 21].
Wet powder spraying is a simple, easy to automate process for production of porous SOFC-
cathode layers [22-24]. Layer thicknesses of up to 50 µm and more have already been realiz‐
ed on substrates of almost any size. The liquid precursor is sprayed by a spray gun. The
processing of the cathode layer onto a substrate sized 300 x 300 mm2 is usually executed
within 5 minutes. Largely independent of the substrate geometry the motion unit of the
spray gun (x-y-positioning system) is controlled by a central computer.
Another process for ceramic thin layer production often reported and discussed in literature
is electrophoretic deposition (EPD) [25-28]. In this case the liquid suspension used is ex‐
posed to an externally applied electric field. Colloidal stabilized and charged particles move
in direction to the oppositely charged electrode or a membrane, where they are collected
and form a layer. Coatings of thicknesses up to several millimeters have already been realiz‐
ed depending on the deposition time. This fast deposition process is specifically adequate
for deposition of nano-sized particles since the deposition kinetic is not dependent on the
particle size.
Advanced EPD processes are based on aqueous suspensions exclusively, other EPD process
methodologies use organic solvents such as acetic acid, acetone, acetyl-acetone and ethanol
[29, 30].
1.3. Sintering of ceramic thin films
A fundamental understanding of ceramic thin film sintering on rigid substrates including a
comprehensive theoretical model for the phenomenological assessment of shear and densifi‐
cation characteristics is given in the literature [31, 32]. A comparative study reports the re‐
sulted sintering stress calculations on the condition that the assumptions of linear viscous
material behaviour and a rigid substrate material are fully respected [33]. In the event that
the thin layer should not be deformable during the sintering process and any dimensional
change should be completely restricted (constrained sintering) the sintering stresses as well
as the strain rate can be calculated with this model too.
Other theoretical calculations comprise the sliding of the thin layer on the substrate when an
equivalent friction coefficient for the interface is assumed [34-36]. This coefficient depends
on the film thickness and the characteristics of the substrate.
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Provided that constrained sintering conditions are fulfilled, viscous Poisson´s ratio for LTCC
tapes can be determined. The change of particle geometry subjected to constrained sintering
conditions has already been modeled at the micro-scale. Parameters such as dihedral angle,
grain size of the particles, thin film densification rate as well as surface and grain boundary
energy are taken account in the model [37, 38]. The described reproduces the equilibrium
shape of the initially spherical particles during the thin film densification process. The dis‐
tance between the centers of gravity of the particles is assumed to be constant.
Another approach is based on a Monte Carlo study in order to solve the viscous flow prob‐
lem during densification process of thin layers [39]. Based on this work numerical simula‐
tions have been elaborated [40, 41]. Close to free edges, sintering density is inconsistent after
sintering process and deformation of the sintered geometry is observed. In the immediate
vicinity of the free edge the density is uniform, however. This free edge mechanism is partic‐
ularly critical as soon as the dimension of the sintered structure is reduced and the thickness
is not negligible in comparison to the lateral dimension. However, the accuracy and applica‐
bility of the simulated densification behaviour of constrained sintered layers should always
be put into relation with experimental data and observed findings.
If conditions of constrained sintering are met significant sintering stresses will appear with‐
in thin layers that result in reduced densification rates[42, 43]. Additionally, in the specific
case of sintering thick layers the constrained sintering condition is only applied alongside
surfaces of the sintered body. By that way, the free surfaces such pores within the sintered
layer are not perfectly constrained resulting in a curvature and distortion of surficial areas.
Tensile stresses that reduces driving sintering forces have already been modeled by Finite
Element Analysis (FEA) [42]. In the exemplary case of Al2O3/glass-interfaces it was shown
that these tensile stresses decrease in through-thickness direction towards the middle of the
interface as well as in close vicinity to free edges. These simulations have been verified by
experimental data and showed good correlation between modeled and experimental data.
Owing to the option of applying significant quantities of targeted heat into surficial layers of a
material by laser energy, laser processing methodologies are well suited to sintering of particu‐
late thin films coatings. Thus one can coat ceramic substrates with metal layers as well as ce‐
ramic coatings on metal substrates. From a technological point of view the latter case is easier
to implement. For example, ferrite powder is easily sintered onto PZT (lead zirconate titanate)
substrates by laser energy [44]. The advanced densification of ceramic coatings and thin films
on metal substrates by laser energy is more sophisticated. Here, care must be taken to ensure
that the interfacial temperature between the layer and the substrate does not exceed the melt‐
ing temperature of the supporting material. When precise process engineering is guaranteed
then sintering of a ceramic protection layer, for example yttrium stabilized zirconia (YSZ) and
alumina (Al2O3) on high-temperature steel substrates is possible.
However it must be noted that the laser sintering process must be subjected to the prior
powder accumulation and pre-sintering in order to keep the exposed overall surficial laser
energy as low as possible [45]. However, the use of sinter active powders will facilitate the
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laser sintering process and might lead to the bypassing of complex powder accumulation
and pre-sintering processing steps.
For example, electrophoretically deposited alumina green layers have already been laser sin‐
tered on standard chromium and chromium-nickel steels, though under inert gas atmos‐
phere conditions [46]. Moreover, laser sintering of powdered YSZ green layers on TiAl6V4-
alloy substrates has already been reported [47].
2. Advanced deposition of oxide ceramic thin films from aqueous
solutions
2.1. Electrophoretic deposition of tubular ceramic thin films
Electrophoretic deposition of nano and sub-micron sized particles represents a technologi‐
cally attractive and relatively simple method. The shaping of homogeneous 2D and 3D
green bodies is achieved during the deposition process (electrophoretic transport and elec‐
troosmotic interfacial kinetics) without the need of additional operating steps [48]. Further
advantages compared with other procedures are shortest possible process times and the
simple design of the deposition equipment. The EPD process consists of two sub-processes.
The charged particles are attracted first to the electrode or interface of the opposite polarity
(electrophoretic transport) under the influence of an external electric field. In a second step,
particles are deposited onto the polar substrate under the influence of interfacial electrohy‐
drodynamic kinetics (electroosmosis of the second kind). Since the deposition rate is inde‐
pendent of the particle size, the EPD methodology is specifically suitable for shaping of
complex green bodies made of nano-sized particles. Especially in this case, green densities
achieved are significantly higher compared to other shaping methods [49]. Furthermore,
processed green bodies exhibit excellent homogeneities of particle packing [50]. Within the
following investigations the EPD processed green thin film layers are exclusively produced
from aqueous suspensions. The substrates are micro-tubular pre-sintered NiO-YSZ compo‐
sites processed by powder injection molding (PIM). The experimental EPD-setup is repre‐
sented in the following Figure 1. The polarizable NiO-YSZ substrate is fixed to the centered
support by means of a clamp mechanism and is stabilized by a central Pt-wire (ξ 0.5 µµ)
working as anode. At the same time the NiO-YSZ substrate subdivides the setup into two
chambers. Inside the micro-tubular substrate there is the compensation chamber housing the
electrolyte solution. The suspension chamber is arranged between the outer tubular shaped
cathode made of graphite and the micro-tubular NiO-YSZ support.
The electrical conductivity of the electrolyte solution is 10-fold higher than the electrical con‐
ductivity of the aqueous suspension. The inside diameter of the EPD cell amounts 15 mm,
with a height of 70 mm.
As the parallel processing of green thin film layers enables higher throughput, another ex‐
perimental EPD setup has been realized, as it is shown in Figure 2. Thereby, seven micro-
tubular substrates can now be coated simultaneously.
Sintering Applications8
Figure 1. Experimental setup of the membrane type EPD cell arrangement. The negatively charged YSZ particles of
the suspension are deposited onto the outer surface of the porous Ni-YSZ micro-tube (1: anode; 2: compensation
chamber; 3: suspension chamber; 4: cathode; 5Ni-YSZ micro-tube).
Figure 2. Experimental multi-cell EPD setup for the simultaneous EPD-coating of seven micro-tubular cells.
Even in this case, the Pt-wire anode is characterized by a diameter of 0.5 mm. The cathode
also consists of a graphite block CB26 (Carbon Industrie-Produkte GmbH, Germany) (di‐
mensions: 185.5 mm wide, 67 mm deep, and 36 mm thick). Seven center-holes in the block of
15 mm in diameter are arranged. The experimental setup enables a reduction of the dead
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volume in the deposition cell, so contributing to reducing waste suspension. In order to
avoid that graphite particles become detached, the graphite block was flushed with cleaning
solutions and cleaned in an ultrasonic unit. Holders and rails are made of POM (polyoxy‐
methylene) with sealing made of duplicating silicone. Various centering gauges made of
POM, Teflon and POM/duplicating silicone combinations have been tested. In Figure 3 the
brackets for the micro-tubular substrates is displayed. Compared to the single-cell EPD set‐
up this multi-cell setup the compensation chamber is not perfectly sealed off from the sus‐
pension chamber. By that way, the suspension is taking over the function of the electrically
conductive electrolyte too.
The micro-tubular substrates to be coated are soaked in an electrolyte solution of 20-fold in‐
creased electrical conductivity in relation to the suspension. Subsequently, the micro-tubular
substrates are positioned on the Pt-electrode wire and the centering gauges are put in place
at the pipe endings.
The Pt-wire threaded micro-tubes are lowered down into the suspension and the voltage is
applied. After switching off the electric field, the rails are removed from the suspension
chamber und the coated micro-tubes are mounted in a frame and stored for drying.
The following Figure 3 displays the EPD coated micro-tubular substrates immediately after
the deposition process.
Figure 3. YSZ-coated NiO-YSZ micro-tubular substrates immediately after processing by the multiple-cell EPD deposi‐
tion setup.
2.2. Dip coating
According to the dip coating procedure described herein Al2O3 thin films are processed onto
borosilicate glass flat specimen. Suspensions used have been prepared by aqueous colloidal
processing route. Hanging on the rails the substrates become immersed in the suspension and
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are retracted after a short deposition period. The parameters such as feed speed, plunge speed,
holding time, and drawing speed are controlled automatically by a remote control system.
Start and end points of the immersion process are freely selectable and are only limited by
the dimensions of the experimental setup.
By that way it is possible to coat various-sized substrates with the same settings. Pilot trial
experiments designed to test rheological characteristics of the suspensions have been made
on soda lime glass substrates. Laser sintering experiments were conducted with borosilicate
substrates later on with the same proven parameters again. The following Figure 4 depicts
the experimental dip coating setup used.
Figure 4. Experimental setup of the remote controlled dip coating setup (a) and removal of a borosilicate substrate
during the dip-coating process (b).
In dip-coating technology, the properties of gelatine forming additives in terms of film for‐
mation, thermoreversibility and adhesion are particularly important. Therefore, the use of
preheated substrates within the temperature range between 80 °C and 100 °C have been in‐
vestigated. This processing option is hereinafter referred to as “thermogelation”.
The coated substrates are hung on a specific sample holder and dried for 24 hours under
ambient laboratory conditions after being pulled out of the dipping chamber. The dip-coat‐
ing drawing speed was varied within a certain experimental matrix in order to determine
the optimum thin layer characteristics suitable for laser sintering. The remote controlled
drawing speeds used were within the designated interval of 8.33 mm/s to 33.3 mm/s.
In order to establish a correlation between dip-coating drawing speed and rheological char‐
acteristics of the suspension, it is necessary to analyze viscosity with a conventional rheome‐
ter at shear-rate conditions that are relevant for the dip-coating process. For this, the
trajectory velocity on the outside of the cylindrical body has to be calculated out of the rota‐
tion speed of the cylindrical body. This calculated speed can be compared with the dip-coat‐
ing drawing speed realized during the dip-coating process. The quantitative derivation of
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these equations is given in the literature [51] and consequently there is a direct connection
between the shear-rate and the dip-coating drawing speed.
The following Table 1 provides the dip-coating drawing speeds as well as the calculated
shear-rates of the experimentally realized dip-coating conditions.




Table 1. Dip-coating drawing speeds and corresponding shear-rates realized from the dip-coating processes
3. Laser assisted surface engineering processes
3.1. Laser sintering system and components
The laser processing of the dip coated specimens is made by a prototypical CO2-laser setup
constructed and designed by Fa. Auratech (Austria). The applied CO2 slab laser (Rofin Sinar
Ltd.) delivers an output power of 100 watts at pulse frequency of 20 kHz and an output sta‐
bility of ± 7%. The wave length of the laser is 10.6 µm. The scanner unit, which is installed
downstream the laser emission enables to precisely control the physical travel of the laser
beam within the x- and y-direction. By that way, the user can home in on any location of an
area of 100 mm x 100 mm. The laser travel speed can be controlled up to 7500 mm/s. The
following Figure 5 depicts the laser equipment used for the laser sintering and densification
of green ceramic thin films.
Figure 5. Prototypical CO2-laser sintering facility used for sintering and densification of green thin film ceramic layers.
Sintering Applications12
Through the use of scanner unit and most modern machines and hardware equipment the
good focussing of the laser beam allows power densities that can barely reached by conven‐
tional weld processes. The height adjustable and heated sample changer allows the variation
of the focal spot diameters in the range between 350 µm and 7.5 mm.
The heated sample holder enables adjustable substrate temperatures up 540 °C in order to
reduce the risk of thermal stress formation during laser operation. Therefore the installed
electric heating plate (Thermolyne Cimarec, Thermo Fisher Scientific Inc., USA) is character‐
ized by thermostatic control and a protecting plate made of alumina (see Figure 6).
Since laser processing of green ceramic thin films is a function of a number of substance and
device specific parameters, an adequate parameter matrix has been tested. Key parameters
are focal spot diameter of the laser, and laser power. These two parameters are applied for
the calculation of the power density. The travel speed of the laser, vscan, is another important
parameter in achieving optimum heat transfer rates. The pulse frequency was kept at a con‐
stant level of 20 kHz for all displayed results. Furthermore, the retaining speed of the scan‐




Figure 6. Schematic of the experimental laser sintering and densification setup with the option of defocused opera‐
tion (a) and focused operation mode (b).
3.2. Laser sintering and laser consolidation
Processes of laser consolidation and laser sintering comprise the scanning the sample sur‐
face by a focused laser beam. The motion system is usually numerically controlled. Here,
small line spacing resulting in a high overlap and energy input result in balling. As soon as
the scan spacing exceeds the focal diameter the as-sintered and as-consolidated thin films
become fragile.
It should also be underlined that the measured distance between two lines on the sample sur‐
face can deviate significantly from the line spacing fixed with a software programmed input
mask. This is because the scanning unit shows significant aberrations such as astigmatism for
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angular incident beams caused by the specific dimensions of the rotating mirrors used. De‐
pending on the present distance between sample and focal plane of the scanning unit the real
line spacing increases or decreases. These aberrations may be offset with correction files con‐
trolled by the software settings. Each correction files only correct the error at a single working
plane. In order to guarantee a high flexibility during laser processing the implementation of
correcting files is omitted in this study. Later in this study it distinguishes between “line spac‐
ing” conventionally set via the software and “real line spacing” at the sample surface. The fol‐
lowing Figure 7 depicts a schematic of the varied adjustment and activation options of the
scanner unit. The schematic shown in Figure 7b represents the only possibility to guarantee a
homogeneous temperature distribution along the entire sample surface.
Figure 7. Schematic of varied adjustment and activation options of the scanner unit used for laser sintering and laser
consolidation.
Figure 8. Schematic of the procedure for the determination of energy densities realized by laser irradiation of ceramic
thin films made of Al2O3 deposited onto borosilicate substrates.
The laser scanning shown in Figure 7a, 7d and 7e results in an irregular temperature distri‐
bution on the edge of the laser scanned sample surface due to the heat flow transmitted
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from the irradiated surface towards the surrounding, cooled zones of the material. The scan‐
ning given in Figure 7c and 7f lead to a rise in temperature in the center of the laser irradiat‐
ed sample area. The following Figure 8 depicts the procedure for the determination of the
energy densities that are at least required in order to realize complete melting of the deposit‐
ed thin film layer, and in this way achieving the necessary transparency.
With the laser scanning technology used the substrate is laser irradiated on nine sample seg‐
ments characterized by different laser parameter combinations. In particular, the laser treat‐
ed lines are irradiated at constant laser energy density and the laser treated columns are
irradiated at constant laser travel speed. Not only we adapt suitable combinations of laser
parameters to improve the surface characteristics of the irradiated sample surfaces, but we
also use multi-laser irradiation procedures. In the latter case, the irradiated area is scanned
multiple times with the same parameters. Only scanning directions are varied in this case.
3.3. Laser ablation
Simple line scanning experiments are performed in order to find essential basics and to un‐
derstand the opportunities and limits of micro-structuring of surfaces by laser ablation. For
example, enabling complex 2D and 3D geometries the scanner software used offers two op‐
tions: First, specially created and designed vector graphic files can be used as template. On
the other hand, any Graphic files can be imported and converted to scanner bitmaps. The
conversion is necessary, because the scanner unit is not able to process gray scale pictures.
Therefore, the optimal solution is to use graphic templates in duplex format, in other words,
graphics that are composed exclusively from white and black pixels. JPEG and BMP-format‐
ted templates usually have smoothed edges by using different gray scales (see Figure 9a).
Visible artifacts appear by using such templates for converting into a scannerbitmap as it is
shown in Figure 9b. The development of artifact formation also depends on the sized of the
given pixels. The smaller the pixel size is, the less important is the artifact formation. The
pixel size, however, is limited downward by the focal-spot: If the pixel size is smaller then
the focal spot of the laser beam, there will be multiple irradiation of the surface area and in
consequence to an increased material removal.
Figure 9. Formation of artifacts caused by the conversion of a graphic template into scanner bitmaps: template (a)
and converted bitmap (b)
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angular incident beams caused by the specific dimensions of the rotating mirrors used. De‐
pending on the present distance between sample and focal plane of the scanning unit the real
line spacing increases or decreases. These aberrations may be offset with correction files con‐
trolled by the software settings. Each correction files only correct the error at a single working
plane. In order to guarantee a high flexibility during laser processing the implementation of
correcting files is omitted in this study. Later in this study it distinguishes between “line spac‐
ing” conventionally set via the software and “real line spacing” at the sample surface. The fol‐
lowing Figure 7 depicts a schematic of the varied adjustment and activation options of the
scanner unit. The schematic shown in Figure 7b represents the only possibility to guarantee a
homogeneous temperature distribution along the entire sample surface.
Figure 7. Schematic of varied adjustment and activation options of the scanner unit used for laser sintering and laser
consolidation.
Figure 8. Schematic of the procedure for the determination of energy densities realized by laser irradiation of ceramic
thin films made of Al2O3 deposited onto borosilicate substrates.
The laser scanning shown in Figure 7a, 7d and 7e results in an irregular temperature distri‐
bution on the edge of the laser scanned sample surface due to the heat flow transmitted
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Laser travel speed as well as laser power will be adopted after the conversion of the tem‐
plate into the scanner bitmap format. However, line spacing is influenced by the pixel size.
The scanning unit controls line by line the individual pixels. This process refers to the scan‐
ning with a laser travel speed vscan analogous to the laser sintering process. Depending on
the pre-configuration the black or white pixels are irradiated.
3.4. Laser micro-structuring
In addition to laser sintering, laser consolidation and laser ablation, the laser equipment de‐
picted and described above is also suitable to process micro-structured decals used in the
processing step of ceramic surface finishing. In general, three different processing routes
have already been verified. First, the decals are processed by selective laser sinter (SLS) onto
flat glass samples. Two alternatives processes are depicted in the following Figure 10.
Figure 10. Alternative micro-structuring of glass surfaces by laser energy.
For the decal laser processing, the process depicted on left side of Figure 10, comprise the
deposition of a green layer made onto the glass substrate (a1). Such a system can be estab‐
lished by means of dip-coating, spray processing or painting. Selective areas are irradiated
by laser energy after drying (a2). By that way, the particles are intended to sink into the glass
surface. After laser processing the selective irradiated surface sites remain structured by the
coated powder (a3). The process depicted on the left side of Figure 10 represents a combina‐
tion of laser ablation and laser sintering. First, pits, recesses, and anomalies are processed
into the surface by means of laser ablation (b1). The injuries are then filled up with the dry or
liquid coating material. During wiping of the excess coating material with a squeegee, it
should be guaranteed that the deposition of coating material is exclusively restricted to the
laser ablated surface sites. The non-treated surface remains almost free of deposited material
(b2). The surface is irradiated by laser energy after drying and consequently, a proper bond‐
ing between the coating material and the substrate is achieved (b3).
Sintering Applications16
4. Thermal processing of thin YSZ-electrolytes for SOFC applications
4.1. Sintering of YSZ thin films
We investigated the influence of sintering parameters on micro-structure of electrolyte and
anode substrate respectively for given EPD boundary conditions: the electrical field strength
was set to 30 V/cm, and the deposition was fixed to 30 seconds. PIM processed and pre-sin‐
tered NiO-YSZ substrates were characterized by mean pore diameter in the range between
of 150 nm and 200 nm. The following figure 11 below depicts an example of the macrostruc‐
ture of the EPD-coated micro-tubular composite after sintering at 1400 °C (heating rate 10
K/min and holding time 10 min).
Figure 11. YSZ coated and sintered NiO-YSZ micro-tubular substrate.
As with all thermal sintering investigation considered in this study the sintered electrolyte
layers were transparent. The following Figure 12 shows an EDX-line-scan of a sample sin‐
tered at 1380 °C (heating rate 5 K/min, holding time 30 min).
Figure 12. EDX-line-scan of the cross section of a YSZ coated NiO-YSZ micro-tubular substrate.
In this specific case the EPD deposition parameters were fixed to electric field strength of 20
V/cm and deposition time of 60 s. The multilayer structure of the coating composed of the
anode substrate, a gradient interlayer and the electrolyte is clearly visible.
4.2. YSZ thin film morphology and green density correlation
In the following Figure 13 SEM topographies of green layers are compared with sintered
layers thermally treated at 1400 °C (heating rate of 10 K/min, holding time 10 min). In the
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In this specific case the EPD deposition parameters were fixed to electric field strength of 20
V/cm and deposition time of 60 s. The multilayer structure of the coating composed of the
anode substrate, a gradient interlayer and the electrolyte is clearly visible.
4.2. YSZ thin film morphology and green density correlation
In the following Figure 13 SEM topographies of green layers are compared with sintered
layers thermally treated at 1400 °C (heating rate of 10 K/min, holding time 10 min). In the
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light of these data and analysis results provided by the study, it may therefore by concluded
that high green layer densities lead to higher grain size.
Figure 13. SEM topography of green electrolyte layer (left) and sintered electrolyte layer (right). Suspension and EPD
characteristics are set to (a) 5 wt.-% YSZ, 3 wt.-% polyelectrolyte additive, E = 30 V/cm, t = 30 s; (b) 15 wt.-% YSZ, 1
wt.-% polyelectrolyte additive, E = 30 V/cm, t = 10 s; (c) 10 wt.-% YSZ, 0.3 wt.-% polyelectrolyte additive, E = 35 V/cm,
t = 5 s.
Figure 14. SEM topographies of breaking edges of three thermally sintered YSZ layers. The processing conditions cor‐
respond to those given in Figure 13.
Sintering Applications18
SEM topographies of breaking edges of the samples shown in Figure 13 depicts that differ‐
ent green densities do not influence the sintering densities and the residual porosity of the
electrolyte layer (see Figure 14).
4.3. Two-step thermal processing of YSZ thin films
Initial steps toward consolidating the layered microstructure were implemented successful‐
ly by two-step-sintering approach in order to achieve high densification rates of the sintered
electrolyte layers at reasonable mean porosity values of the anode substrate. In addition to
this objective, the two-step-sintering approach intends to achieve high densification rates at
relatively low grain growth rates. Thermal analytical methods, such as thermogravimetry,
differential thermogravimetry and dilatometry up to 1500 °C was used, in order to compare
sintering shrinkage of anode substrates between one-step sintering and two-step-sintering
approach. The following Figure 15 shows the porosities of the anode substrates as well as
the YSZ grain sizes achieved as a function of the thermal sintering methodology used.
Figure 15. Porosities of the anode substrate and YSZ grain sizes of micro-tubular NiO-YSZ anode substrates sintered
conventionally at 1400 °C (holding time 10 min) and sintered by two-step-sintering at 1300 °C (holding time 30 min) /
1200 °C (holding time 10 hrs.)
It  is  clearly  shown  that  the  shrinkage  by  two-step-sintering  has  been  significantly  re‐
duced. According to these investigations, the conventionally sintered electrolyte layers are
characterized by a mean grain size in the range of 2 µm, whereas the mean grain size of
the two-step-sintered electrolyte layers is 1.6 µm. On the basis of the experimental sinter‐
ing data and the analysis  of  the breaking edges shown in the following Figure 16,  it  is
evident that electrolytes sintered by two-step-sintering show significantly increased densi‐
fication. The better suitability of two-step-sintered electrolyte layers can easily be seen in
Figure 16 b. Here, a full densification of the electrolyte thin film was only achieved dur‐
ing the second sintering step.
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respond to those given in Figure 13.
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Figure 16 b. Here, a full densification of the electrolyte thin film was only achieved dur‐
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Figure 16. SEM topographies of breaking edges of two-step-sintered YSZ electrolyte thin films processed by EPD. (a)
two-step-sintering at 1400 °C (holding time 10 min) / 1250 °C (holding time 10 hrs.) and (b) two step sintering at
1250 °C (holding time 30 min) /1150 °C (holding time 10 hrs.).
The effects of different two-step-sintering conditions on the porosity and shrinkage behav‐
ior of the NiO-YSZ anode substrates are depicted in the following Figure 17.
Figure 17. Densification behavior of NiO-YSZ substrates, two-step-sintered at different sintering conditions.
Investigations regarding the film thicknesses of the as-sintered layers revealed mean values
in the range between 3.5 µm and 15.5 µm at EPD coating conditions of 30 V/cm (applied
electric field) and deposition time of 30 s. Different thin film thicknesses were almost impos‐
sible to be correlated with the sintering programs used, because over the entire sample cross
section the thickness variation was in the range of about 8µm. Specific coating condition (35
V/cm at deposition time of 5 s) lead to a reduced thickness variation in the range of 3 µm.
4.4. SEM/EDX characterization of YSZ thin layers
Initial tests of SOFC-systems, made of micro-tubular anode-electrolyte composites presented
in this study, resulted in a performance of 1.7 W at operating temperature of 850 °C, which
corresponds to a power density of 400 mW/cm2.
Sintering Applications20
A prototype of the cell is shown in the following Figure 18a. Figure 18b depicts the SEM top‐
ography of the cross-sectioned structure of NiO-YSZ substrate, YSZ electrolyte layer and
LSM cathode processes by wet powder spraying.
(a) (b) 
Figure 18. Prototype of a micro-tubular SOFC cell (a) and SEM topography of the cross-sectioned structure of NiO-
YSZ-substrate, YSZ electrolyte and LSM cathode.
The following Figure 19 shows the EDX mapping of the three layer systems of NiO-YSZ
anode support, YSZ electrolyte and LSM cathode. It is shown that faulty anode edges are
automatically smoothed by the EPD processed YSZ layer.
Figure 19. EDX mapping of the three-layer systems of NiO-YSZ anode support, YSZ electrolyte and LSM cathode.
Above, from left to right: secondary electron image, back scattered electron image, Zr element distribution. Bottom,
from left ro right: La, Mn and Ni element distribution.
5. Laser processing of anti-wear resistant alumina thin layers
The laser processing investigations should take all reasonable steps to ensure that wet depo‐
sition and subsequent laser irradiation of different Al2O3 coating specifications would result
in superior wear resistance and anti-scratch behavior of coated borosilicate glass surfaces.
On these aspects Al2O3 suspensions have been prepared according to precautionary specifi‐
cations, whilst at guaranteeing optimum quality of processing.
Oxide Ceramic Functional Thin Layer Processing by Thermal and Laser Sintering of Green Layers
http://dx.doi.org/10.5772/53257
21
Figure 16. SEM topographies of breaking edges of two-step-sintered YSZ electrolyte thin films processed by EPD. (a)
two-step-sintering at 1400 °C (holding time 10 min) / 1250 °C (holding time 10 hrs.) and (b) two step sintering at
1250 °C (holding time 30 min) /1150 °C (holding time 10 hrs.).
The effects of different two-step-sintering conditions on the porosity and shrinkage behav‐
ior of the NiO-YSZ anode substrates are depicted in the following Figure 17.
Figure 17. Densification behavior of NiO-YSZ substrates, two-step-sintered at different sintering conditions.
Investigations regarding the film thicknesses of the as-sintered layers revealed mean values
in the range between 3.5 µm and 15.5 µm at EPD coating conditions of 30 V/cm (applied
electric field) and deposition time of 30 s. Different thin film thicknesses were almost impos‐
sible to be correlated with the sintering programs used, because over the entire sample cross
section the thickness variation was in the range of about 8µm. Specific coating condition (35
V/cm at deposition time of 5 s) lead to a reduced thickness variation in the range of 3 µm.
4.4. SEM/EDX characterization of YSZ thin layers
Initial tests of SOFC-systems, made of micro-tubular anode-electrolyte composites presented
in this study, resulted in a performance of 1.7 W at operating temperature of 850 °C, which
corresponds to a power density of 400 mW/cm2.
Sintering Applications20
A prototype of the cell is shown in the following Figure 18a. Figure 18b depicts the SEM top‐
ography of the cross-sectioned structure of NiO-YSZ substrate, YSZ electrolyte layer and
LSM cathode processes by wet powder spraying.
(a) (b) 
Figure 18. Prototype of a micro-tubular SOFC cell (a) and SEM topography of the cross-sectioned structure of NiO-
YSZ-substrate, YSZ electrolyte and LSM cathode.
The following Figure 19 shows the EDX mapping of the three layer systems of NiO-YSZ
anode support, YSZ electrolyte and LSM cathode. It is shown that faulty anode edges are
automatically smoothed by the EPD processed YSZ layer.
Figure 19. EDX mapping of the three-layer systems of NiO-YSZ anode support, YSZ electrolyte and LSM cathode.
Above, from left to right: secondary electron image, back scattered electron image, Zr element distribution. Bottom,
from left ro right: La, Mn and Ni element distribution.
5. Laser processing of anti-wear resistant alumina thin layers
The laser processing investigations should take all reasonable steps to ensure that wet depo‐
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cations, whilst at guaranteeing optimum quality of processing.
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5.1. Powder, substrates and substrate pretreatment
Tailor-made submicron Al2O3-particle suspensions doped with 10 wt.-% methylcellulose
(MC) binder additives have been produced. Furthermore all suspensions have been dis‐
persed with 2 wt.-% anti-foaming agents. The following Figure 20 shows the viscosity of
three different Al2O3 suspension qualities as a function of the shear rate.
Figure 20. Viscosity as a function of the shear of three different Al2O3-supension qualities. The variations pertain pH
value and particle concentration.
Suspensions with a particle concentration of 10 wt.-% are characterized by almost Newtoni‐
an flow behavior. Due to increase of particle concentration to 20 wt.-%, a tenfold and up‐
ward increase in viscosity is even possible. Therefore, it is not possible to further increase
the particle concentration of Al2O3-suspensions, because the resulting viscosity increase
makes it impossible to use these suspensions for dip coating. Second, the lowering of the
pH-value to below 1.8 to 1.5 causes significant increase of viscosity, especially at small shear
rates. This impact is almost compensated for shear rates exceeding values of 80 s-1. Since the
relevant shear rates realized during dip-coating deposition process attain values in the
range of about 24 s-1, tailoring of the suspensions was performed in consideration of mean
shear rate levels below of 24 s-1.
5.2. Surface characterization
The mean diameter of agglomerates formed in the suspension must be smaller than the
thickness of the processed layer, in order to realize homogeneous dip-coated layers. Figure
21 provides an overview with the best possible combination of coatings processed with dif‐
ferent Al2O3 powder qualities characterized by different mean particle diameters d50 as well
as specific BET surface areas Aspec.
The following Figure 22 depicts the curves of the as-processed layer thicknesses as a func‐
tion of the distance from the sample lower border and the different powder qualities, in or‐
der to quantify the different impact of the various processing conditions.
Sintering Applications22
Figure 21. Green thin film layers processed by dip-coating onto silica glass substrates. The Al2O3 qualities used are (a)
Alu-C, Evonik Degussa, Germany, d50 = 13 nm, Aspec = 50 m2/g; (b) AKP-50, Sumitomo Chemical Ltd., Japan, d50 = 200
nm, Aspec = 10.6 m2/g; (c) Al2O3 Alfa Aeasar, Germany, d50 = 2.07 µm, Aspec = 11.3 m2/g. The dip-coating was performed
at a particle concentration of 30 wt.-%, a drawing speed of 33.3 mm/s and pH 4.5.
Figure 22. Comparison of the as-processed layer thicknesses of different dip-coated alumina layers.
This Figure shows that the largest layer thickness can be achieved using a combination of
Alfa Aesar powder quality as well as a particle concentration of 30 wt.-%. Values at similar
levels were determined for Alu-C suspensions with a particle concentration of 20 wt.-%. The
layer thicknesses having achieved with AKP-50 suspensions with a particle concentration of
30 wt.-% were below these corresponding values mentioned above. Layers made of AKP-50
and Alfa-Aesar suspensions with particle concentration of 20 wt.-% were not included in the
decision to determine the most suitable suspension characteristics, because the laser process‐
ing of scratch resistant Al2O3 layers requires the greatest possible layer thicknesses.
The green Alu-C layers, when viewed with the naked eye, appear as homogenous coatings.
Light-microscopy images, however, reveal a tendency to form drying cracks. According to
these investigations, drying cracks appear only occasionally at reduced layer thicknesses.
For thicker coatings, produced of high solid loaded suspensions, drying cracks extend
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ing of scratch resistant Al2O3 layers requires the greatest possible layer thicknesses.
The green Alu-C layers, when viewed with the naked eye, appear as homogenous coatings.
Light-microscopy images, however, reveal a tendency to form drying cracks. According to
these investigations, drying cracks appear only occasionally at reduced layer thicknesses.
For thicker coatings, produced of high solid loaded suspensions, drying cracks extend
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throughout the full depth of the layer. The characteristics of the substrate chosen have no
effect on how many cracks are generated.
By contrast, the layers produced of AKP-50 and Alfa Aesar powders are crack-free and ho‐
mogeneous. The surface topographies of these layers produced of 20 wt.-% AKP-50 and Alfa
Aesar powders are depicted in the following Figure 23. Suspensions with increased propor‐
tions of solids do not significantly impede surface morphology of coatings.
Figure 23. Al2O3 green layers: Alu-C green layers produced of suspensions showing a solid concentration of 20 wt.-%
(a), AKP-50 green layers (b) and Alfa Aesar green layers (c) produced of suspensions showing a solid concentration of
20 wt.-%. All green layers shown have been processed onto soda lime glass substrates.
5.3. Laser processing of alumina thin films and characterization
The following Figure 24 depicts light optical microscope images of laser processed Alu-C
layers. The parameters were not changed with the exception of the scanning speed.
Figure 24. Light optical microscope images of Alu-C layers processed by dip-coating and subsequent CO2-laser techni‐
que. For the structures shown laser line spacing was 0.1 mm, focused laser beam diameter was 1.0 mm and laser pow‐
er density was set to 4000 W/cm2. The scanning speed was varied as follows: 400 mm/s (a) and 200 mm/s (b).
Unlike other topographies, the Figure 24a shows an incomplete laser processed layer. Build‐
ing bridges between laser sintered and green, not sintered areas are clearly visible. This ef‐
fect is caused by the considerably high scanning speed of 400 mm/s in which the cracks
already contained in the green layer were propagated. Simultaneously, the green layered,
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floe oriented microstructures resulting in brownish to black discoloration and complete in‐
transparency. The discoloration of the coating results from incomplete thermal degradation
of polymer additives used.
The microstructure of laser processed green layers remains almost unchanged by reducing
the scanning speed. The coloration of the floe-oriented microstructure only is varied from
dark brown to light brown. A further decrease of the scanning speed down to 300 mm/s fi‐
nally caused the floe-oriented microstructure to be increased and completely transparent.
Singular floe-oriented microstructures are characterized by remaining pin holes and bub‐
bles. From a scanning speed of 250 mm/s and less these heterogeneities disappeared, even
though, inbetween singular floe-oriented micro zones not coated areas are observed. This
surficial micro-structure is thus termed in the following as “island structure”. Finally, a fur‐
ther increase of the specific laser power density by a further reduction of the scanning speed
down to 200 mm/s causes completely densified and transparent coatings. These coatings are
characterized by a shed-like external micro-structure. The orientation of the sheds takes
place perpendicular to the scanning direction of the laser beam. Consequently the laser scan‐
ning lines of the microstructure shown in Figure 24b are run from the top to the bottom.
Figure 25. Topography of laser scanned alumina coating onto borosilicate substrates analysed by white light interfer‐
ometry (WLI). Dual laser processing at corresponding scanning direction results in a decreased surface roughness of
the irradiated sample
Multiple scanning was performed in order to avoid the formation of the shed-like micro-
structures and, by that way, to improve the transparency of the as-laser processed layers.
The following Figure 25 depicts the sample topography after dual laser scanning moves. The
laser powder density used has to be reduced to 3000 W/cm2, in order to restrict the laser en‐
ergy quantity absorbed by the irradiated surface. The scanning speed was fixed at 200 mm/s,
as mentioned before. The smoothed surface of Figure 25 is twofold laser irradiated. In this
case first and second laser run are characterized by consistent scanning direction. Here, the
mean roughness is in the range of 0.7 µm.
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In another specific case, the scanning direction of the second laser run has been rotated 90°
with respect to the first run. Here, the surface roughness is significantly reduced to 0.3 µm.
The WLI and SEM analysis show that the thickness of the anti scratch alumina coatings is
difficult to determine. Therefore, EDX mappings of breaking edges of the as-laser processed
and alumina coated borosilicate samples were captured.
The EDX mappings show that the thickness of the scratch-resistant layer processed by laser
irradiation is in the range between 20 µm and 40 µm. Moreover, it was found by the analysis
results that the coating does not consist of the pure alumina phase, but also a certain Si-con‐
centration in the layer has been assessed.
Consequently, pure alumina green bodies were processed, laser sintered and analysed, in
order to investigate the interaction between the laser beam and the coated substrate surface.
The following SEM topography shown in Figure 26 depicts a breaking edge of a laser sin‐
tered alumina green body with detail magnification. The following Figure 26 shows the
edge of a layer processed by high scanning rate of 350 mm/s causing surface-near isolated
floe-oriented microstructures of alumina. Alumina rich zones, however, are largely free
from Si intercalations.
The laser irradiation parameters given in Figure 27 lead to the processing of completely den‐
sified alumina coatings. First, the SEM topography shows that the thickness of the coatings
obtained varies between 150 µm and 200 µm.
Figure 26. SEM topography of front edge Alu-C layer showing near-surface floe-oriented alumina microstructures (a),
EDX mapping showing red coloured dots of Al-k-α peaks (b) and EDX mapping showing green coloured dots of Si-k-α
peaks (c).
Detail magnification shown in Figure 27a represents a completely densified layer. The tran‐
sition between completely densified layer and porous residual structure is depicted in detail
magnification of Figure 27b.
Even at a distance of 100 µm below the densified layer the thermal impact of the laser irradi‐
ation and absorption of laser energy is observed as it is shown in detail magnification of
Figure 26c. Compared to the untreated green structure (see detail magnification of Figure
26d) the grain structure of Figure 26c reveals significant grain growth effect caused by laser
energy absorption.
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Figure 27. SEM topography of a breaking edge of casted alumina green body made of AKP-50 powder after laser
irradiation (vscan = 200 mm/s; laser beam energy density 4000 W/cm2).
X-ray diffraction (XRD) patterns of a laser irradiated alumina green body and a laser irradi‐
ated alumina coating onto borosilicate glass substrate indicate the pure α-alumina phase.
The crystalline state of the green layer is converted to an amorphous structure after laser ir‐
radiation as soon as Si atoms diffuse into the alumina phase and significantly high cooling
rates are achieved. However, laser sintering of glass substrates coated with alumina layers
enables the effective and sustainable processing of scratch resistant protecting layers. Within
these application areas, laser processing is expected to develop as a sustainable production
methodology. Furthermore, the study showed that laser sintering model systems are diffi‐
cult to evaluate, because material characteristics and specific absorption behavior of laser
energy controls the as-processed coatings substantially.
6. Conclusion
Comparative investigations include the processing of dense YSZ electrolyte layers in thick‐
nesses between 5 µm and 20 µm by means of electrophoretic deposition of aqueous YSZ
suspensions and subsequent thermal co-sintering. The resulting micro-tubular NiO-YSZ/
YSZ-composite has shown promising potential to be used as SOFC key components.
In this study, it was shown that electrophoretic deposition enables the processing of green,
crack-free YSZ thin layers, based on sustainable and simple processing methodologies. The
layer thickness, however, was not homogeneous over the entire cross section. Thermal sin‐
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tering programs used resulted in crack-free co-sintered composites. During sintering investi‐
gations, a specific impact of the green in the sintering microstructure was observed:
Increased green densities generally result in increased grain growth effects. The two-step-
sintering approach enables the complete densification of the sintered YSZ layers at a maxi‐
mum sintering temperature of 1250 °C. The mean grain size achieved at these conditions is
below 1 µm. However, a sintering temperature of 1350 °C is necessary in order to guarantee
the electrical conductivity of the NiO-YSZ anode support.
Reducing sintering atmospheres would result in an increase of the anode porosity, inde‐
pendent of the sintering programs used previously. The total porosity after anode reduction
to the Ni-YSZ-system consists of the porosity achieved after two-step-sintering and the po‐
rosity formed according to the reduction process. Three layered systems composed of micro-
tubular Ni-YSZ anode supports, YSZ electrolyte layers and LSM cathodes have already been
tested successfully as prototype cells for SOFC applications.
The framework of the efforts to deal with thermal and laser sintering problems of green lay‐
er densification include the processing of transparent, scratch-resistant coatings made of alu‐
mina and the production of thin electrolyte layers made of YSZ for energy applications.
The processing of transparent scratch-resistant alumina coatings started with the evaluation
of suitable suspension conditioning methods. It was shown that in the light of the experien‐
ces gained, three different alumina powders were tailored in terms of their suitable aqueous
suspension characteristics. These starting materials were used to develop alumina dip coat‐
ings on borosilicate glass substrates.
Because of the different powder characteristics, the process development succeeds provided
that a careful tailoring of specific suspension characteristics (particle concentration, pH, ad‐
ditive type and concentration, viscosity) is considered.
The different layers derived from the developed suspensions are optimized so that homoge‐
neous and thick green layers are processed.
The results of the laser irradiation experiments showed first that is was not necessary to de‐
bind the methylcellulose additive within a subsequent debinding step. Temperatures
formed under the influence of laser absorption cause complete degradation and evaporation
of polymer additives without any structural change of the coatings. The subsequent laser ir‐
radiation experiments showed that reduced laser powder densities result in an incomplete
densification of the processed coatings. Once a critical laser power density is achieved (4000
W/cm2 in this specific case) a complete densification of the coated surface is observed. Opti‐
cal characteristics of laser-irradiated coatings, above all transparency, have been affected by
single laser irradiation processing caused by significant roughness of the surficial coating
layers. The subsequent dual laser sintering methodology lead to significantly reduced sur‐
face roughness and increased transparency. Based on comparative sintering investigations
with casted alumina green bodies, EDX mappings and XRD analysis showed that Si atoms
diffuse into the alumina layer during laser densification of the coating. Caused by signifi‐
cantly high cooling rates as-processed and densified oxide Si-Al-layers are generally refer‐
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red to as amorphous. However, caused by the extended Al atoms within the layer, a
increase of strength, toughness and scratch resistance is observed.
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1. Introduction
Boron nitride was first prepared in 1840's by an English chemist, W.H.Balmain, by using
molten boric acid and potassium cyanide, but unfortunately this new compound was un‐
stable  and  required  many  attempts  to  obtain  a  stable  boron  nitride.  For  nearly  a  hun‐
dred years studies on boron nitride remained in laboratory scale because of the technical
difficulties of different production techniques and high cost of the material which is ob‐
tained  with  these  synthetic  methods  but  in  1950's  Carborundum  and  Union  Carbide
companies managed to prepare boron nitride powder on an industrial scale and fabricat‐
ed  shaped  parts  of  boron  nitride  for  commercial  applications  with  sophisticated  hot
pressing techniques [1].
2. Synthesis of boron nitride
Several methods have been studied for the synthesis of boron nitride. A chart prepared by
D.Fister showing the possible routes to produce boron nitride is given in Figure 1.
A  partial  list  showing  generalized  methods  to  produce  hexagonal  boron  nitride  is  also
given here :
1. Direct nitridation of boron according to
2B + N2= 2BN
reaction. This method is limited since pure boron is an expensive element and nitridation of
the element is not homogeneous even at high temperatures [2].
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dred years studies on boron nitride remained in laboratory scale because of the technical
difficulties of different production techniques and high cost of the material which is ob‐
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companies managed to prepare boron nitride powder on an industrial scale and fabricat‐
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2. Nitridation  of  an  oxygen  containing  boron  compound  with  a  nitrogen  containing
compound such  as  ammonia  or  ammonium compound.  Borates  such  as  boric  acid
(H3BO3)  or  borax  (Na2B4O7)  are  heated  in  the  presence  of  a  nitrogen-containing
compound such as ammonia or urea ((NH2)2CO) to form a B-N bond. Such reactions
are usually carried out at temperatures 800-1200ºC and due to the low melting of boron
compounds, inert fillers such as tri-calcium phosphate are used. Carbon addition might
be required to tide the excess oxygen. Since reactants and fillers create a large volume,
the flow through the porous media is dominant in synthesis. Ingles and Popper tried
re-nitrided BN as solid filler to eliminate the further processes to purify the powder
but obtained lower yields probably due to the fact that BN filler is not wetted by boric
oxide [2,3].
Although this  route  can yield cheap product,  the reaction kinetics  and the state-of-
art is not given in the scientific literature. Ingles and Popper employed this reaction;
however,  together  with  a  complicated  and  excessive  flow  chart.  Kuhn  et.  al,  also
employed this  reaction  in  an  arc  plasma reactor.  Their  work  consisted  of  a  vapor-
phase  reaction  between  boric  oxide  and  ammonia  at  800-2400ºC.  The  product  was
ultrafine  boron  nitride  powder  having  a  thickness  in  the  c-direction  of  between
20-50Aº. It was noted that the boric oxide vapor should not be allowed to condense
into  large  particles  susceptible  to  boron nitride  barrier  film formation  and that  the
ammonia should not be allowed to fully dissociate before contacting the boric oxide
vapor [2].
3. Reacting  alkali  metal  borides  or  alkaline  earth  metal  borides  with  silicon  and/or
aluminum or  their  alloys  while  mixtures  of  an  alkali  metal  oxide  and alkali  metal
borates  or  boron  trioxide  are  present  in  a  nitrogen  containing  atmosphere  at  a
temperature  between  200-1200ºC.  The  product  is  leached  after  the  reaction  to  re‐
move the water soluble alkali metal salts. This method however, requires the prepara‐
tion of starting materials and a tedious leaching step in order to remove the difficultly
soluble trimetal hydroxide impurities. Knorre et al., patented a process which employs
such a reaction [2].
4. Through reactions involving the formation of elemento-organic BN compounds as
intermediate-reaction products, the carbothermic decomposition of which would yield
BN. By this method, high purity BN powder at temperatures below those of conventional
techniques has been obtained at laboratory scale. Such elemento-organic BN compounds
could be boranes and borazines. Among boranes, both amine boranes and amino boranes
are potential candidates. Amine boranes are compounds of amines and the borane unit
or substituted boranes.These compounds can be derived from halides through direct
combination of reactants or by indirect elmination and displacement reactions.Monomeric
aminoboranes are characterized by a structure in which boron and nitrogen are coordin‐
ately unsaturated. The disadvantage is that all of these starting materials are oxygen and
moisture sensitive and best prepared prior to being used [2].
5. Pressure pyrolysis of borazine (B3N3H6) can also yield to BN, namely in amorphous form.
The yield in such a route is reported to be as high as 60% by Hirano et al. [2].
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3. Properties of hexagonal boron nitride
Key boron nitride properties are high thermal conductivity, low thermal expansion, good
thermal shock resistance, high electrical resistance, low dielectric constant and loss tangent,
microwave transparency, non toxicity, easily machinability- non-abrasive and lubricious,
chemical inertness, non-wetting by most molten metals [4].
Figure 1. Possible routes to produce boron nitride [2].
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Hexagonal boron nitride is being used increasingly because of its unique combination of
properties which include a low density (2.27 g.cm-3 theoretical density), high temperature
stability (melting point near 2600ºC), chemical inertness (corrosion resistance against acids and
molten metals), stability in air up to 1000ºC (in argon gas atmosphere up to 2200ºC and in
nitrogen up to 2400ºC), stability to thermal shock, easy workability of hot-pressed shapes,
excellent electrical insulating character as well as very high thermal conductivity. As a thermal
conductor, BN ranks with stainless steel at cryogenic temperatures and with beryllium oxide,
BeO, at elevated conditions; above 700ºC, the thermal conductivity of hexagonal boron nitride
exceeds that of toxic BeO [5].
Of particular interest are its good dielectric properties (dielectric constant is 4, i.e half of that
of α-Al2O3), also high dielectric strength and its ability to lubricate over a wide range of
temperatures. Its small coefficient of friction is retained up to 900ºC, whereas other solid
lubricants like graphite and molybdenum disulphide are burnt away at lower temperatures.
Because of its high temperature stability and inertness against carbon and carbon monoxide
up to 1800ºC it is as a refractory ceramic superior to the nitride ceramics Si3N4 and AlN and
the oxide ceramics MgO, CaO, ZrO2. Due to its non-wetting properties it is stable to attack by
molten glass, molten silicon, boron, nonoxidizing slags, molten salts (borax, cryolite) and
reactive metal melts (e.g Al, Fe, Cu, Zn). Because of its poor sinterability, dense shapes of
hexagonal boron nitride are obtained almost exclusively by hot-pressing [5].
It must be recognized that the most chemical and physical properties of axial hot-pressed BN
shapes depend on the nature and the amount of additives used for densification (up to 6 wt.
% of B2O3, metal borates or SiO2). Further some thermal (coefficient of expansion, thermal
conductivity) and mechanical (flexural strength, Young's modulus) property values vary
according to the direction of hot-pressing, BN being similar to graphite in respect of anisotropy.
By hot-pressing isostatic of canned BN-powder, theoretically dense and pure hexagonal boron
nitride shapes without texture (isotropic) and with improved properties can nowadays be
obtained [5].
4. Applications of boron nitride
As can be seen from Figure 2, hexagonal boron nitride has established itself in the various field
of chemistry, metallurgy, high temperature technology, electrotechnology and electronics [5].
Typical boron nitride uses are electronic parts (heat sinks, substrates, coil forms, prototypes),
boron doping wafers in silicon semiconductor processing, vacuum melting crucibles, CVD
crucibles, microcircuit packaging, sputtering targets, high precision sealing, brazing and
metallizing fixtures, microwave tubes, horiziontal caster break rings, low friction seals, plasma
arc insulators, high temperature furnace fixtures and supports [4].
In the following, a few examples of the uses for hexagonal boron nitride hot-pressed shapes
are described in detail.
Sintering Applications36
Figure 2. The applications of boron nitride [1].
4.1. Insulators for high temperature furnaces
The heating elements of resistance-heated electric furnaces, like graphite, molybdenum or
tungsten-tube high temperature furnaces, require fixing devices made from ceramic insulating
materials [5].
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boron doping wafers in silicon semiconductor processing, vacuum melting crucibles, CVD
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In the following, a few examples of the uses for hexagonal boron nitride hot-pressed shapes
are described in detail.
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Figure 2. The applications of boron nitride [1].
4.1. Insulators for high temperature furnaces
The heating elements of resistance-heated electric furnaces, like graphite, molybdenum or
tungsten-tube high temperature furnaces, require fixing devices made from ceramic insulating
materials [5].
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Figure 3. a.tunsten heater [6] and b. tunsten/molybdenum weave and mesh furnace elements [7].
Today due to frequent breakdown of oxide ceramic insulators at temperatures higher than
2000ºC, hexagonal boron nitride insulators are almost exclusively in use [5].
Figure 4. a. boron nitride insulator [8], b.insulator for furnace construction [9].
Therefore the BN material should contain only minimum amounts of boric oxide since B2O3
exudes at high temperatures and finally forms a conductive surface layer [5].
4.2. Protective tubes and insulating sleeves for thermocouples
The high temperature refractoriness, high thermal conductivity and high electrical resisivity
of dense hexagonal boron nitride are utilized as thermocouple protection tubes and insulating
sleeves. Preferably for the new B4C/C thermocouple which can be used up to 2200ºC, hexagonal
boron nitride sleeves are used. The B4C/C couple consists of a graphite tube and a B4C rod
connected to ecah other by a conical fitting. This end is exposed to the heated area. Along its
entire length the B4C rod is insulated from the graphite tube by a hexagonal boron nitride
sleeve of segmented construction [5].
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Figure 5. a. thermocuple protection tubes [10], b. tubes made of several materials [11].
Figure 6. Heater protection tubes [12].
Typical fields of application are sintering furnaces, hot presses and hot isostatic pressing
equipment working in the temperature range 1800-2200ºC. The thermocouple should only be
used in a rare gas atmosphere or under vacuum. If the inert gas used contains oxidizing gases
or nitrogen, reaction with the graphite tube and the B4C rod will occurr, which can strongly
influence the life of the thermocouple [5].
4.3. Break rings for horizontal continous casting of steel
The high chemical and thermal stability combined with the non-wetting property makes
hexagonal boron nitride a useful crucible and structural material in metallurgical applications.
For horizontal continuous casting of non-ferrous metals, graphite can be used as mould.
However, the higher melting temperatures of steel alloys and their aggressiveness towads
graphite and other conventional refractory metarials results in the need for special materials
at the point of connection between tundish and the mould. This connection consists of a casting
nozzle made of a high quality refractory such as zirconium oxide and a break ring made of
boron nitride or a BN-composite ceramic. The sizes and shapes of the break rings and geometry
are generally dependent on the type of equipment and type of steel (high or low alloy steels) [5].
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Figure 7. Horizontal continous casting [13].
Figure 8. a. h-BN parts including break rings [14], b. Boron Nitride Horizontal Continuous Casting Split Rings [15].
Cross-sections of 50-250 mm diameters are now in use. The break ring determines the zone in
which the liquid steel forms a solid. In addition the break ring must act as a seal or gasket with
the tundish and the mould itself. The reaction of the ceramic boron nitride ring with steel
alloying agents such as nickel, chromium, tungsten, manganese, sulphur etc. can cause
breakdown of the BN material during service life. Therefore particular emphasis has been
placed upon BN-composite materials to prevent this corrosive attack. Until now the least wear
of all BN composites has been shown by the SC-BN material ; today 100-200 tonnes of steel per
break ring in low alloy steel and 40-100 tonnes in high alloy steel can be cast using this new
SC-BN material. Other BN metallurgical processing applications include crucibles for molten
sodium carbonate at 900-1150ºC and crucibles for production of single crystals in high vacuum
(Al-Li and Cu-Ti alloys) [5].
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4.4. Pyrolytic boron nitride crucibles
A low-volume but high-value use for pyrolytic BN is for crucibles for growing GaAs single
crystals by the liquid encapsulation technique [5].
Figure 9. a. Pyrolytic boron nitride crucibles [16], b. thin-wall PBN crucible [17].
5. The hot-pressing and the microstructural properties of hexagonal boron
nitride
5.1. Experimental procedure
The starting powders used for preparing h-BN ceramics were BN (C grade, H.C.Starck,
Germany). Powder characterization was carried out on starting h-BN powders. The powder
composition was confirmed by chemical analysis. Particle size, surface area, tap density and
powder morphology of the h-BN powders were determined by Malvern Laser Particle
Analyzer, BET analysis, Quantachrome pycnometer and SEM analysis, respectively. Hexago‐
nal boron nitride (h-BN) based ceramics were fabricated by reactive hot-pressing in a graphite
die with BN coating at 1900ºC under a pressure of 50 MPa for 60 min. with B2O3 as sintering
additive in a nitrogen atmosphere. The obtained products had dimensions of 80 mm x 80 mm
x 10 mm. Hot-pressed ceramics were cut into cube-shaped samples with dimensions approx‐
imately 10 mm x 10 mm x10mm. using a precision diamond saw. The sintered densities were
determined on cube-shaped samples by Archimedes’ method. The microstructural properties
of h-BN powder and hot-pressed surfaces were evaluated by SEM-EDS analysis. Prior to SEM
analysis, agglomerated BN particles were dispersed in acetone and adhered on a carbon tape
and then coated with carbon. For the sintered bodies, the formation of the secondary phase
was also investigated with particular interest on grain boundaries via SEM-EDS analysis [18].
5.2. Results and discussion
Powder morphology of the h-BN powders was shown in SEM images. Unlike the typical
platelet shaped h-BN powder particles, near-spherical shaped particles can be observed in the
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SEM images in Fig.10. These spherical particles could be explained as molten B2O3 particles
that were not converted to BN during synthesis [18].
Figure 10. h-BN powder SEM micrograph (secondary-electron image) at (a)2000x and (b)3000x [18].
An average value of 92 % of the theoretical density was achieved by the hot pressing process.
Apparent density values of 81-96 % of the theoretical density were obtained in related literature
studies carried out on h-BN based ceramics formed by hot pressing depending on the process
temperature and the composition [18].
Microstructural observations by SEM revealed an orientation of the c-axis of the crystal,
parallel to the hot pressing direction as shown in Fig. 11. SEM observations indicated a fine
platelet evolution in the hexagonal boron nitride grains. It is known that regardless of the type
of sintering aids used, products manufactured from hexagonal boron nitride powder by hot-
pressing exhibit a directional grain growth and an anisotropic microstructure due to the biaxial
application of pressure at a high temperature so that the properties of the articles are direction-
dependent. The degree of anisotropy increases as higher degrees of densification are achieved.
In other words, a high degree of orientation of the hexagonal boron nitride grains leads to
mechanical anisotropy. Densification via hot-pressing occurs by three consecutive mecha‐
nisms: re-arrangement of the powders, removal of open porosity by plastic deformation and
elimination of closed porosity by bulk diffusion processes [18].
In the re-arrangement process, as the low melting compound (550ºC), B2O3, as a glass network-
forming oxide, forms an intergranular liquid phase at a relatively low temperature during the
sintering process. Thus promotes the orientation of the hexagonal boron nitride grains.
Therefore the presence of a limited content of boron oxide is anticipated to enhance the
densification process and grain orientation regarding the high purity h-BN grades. As can be
seen from Fig.11, hexagonal boron nitride grains aligned perpendicular to the hot pressing
direction and platy grains had an average diameter of 5 µm and a thickness of 1 µm. However,
a high degree of orientation was not observed therefore not all the grains in the microstructure
aligned towards the hot-pressing direction. This particular microstructural feature could be
expected to reduce the strong anisotropy of the hot-pressed bodies. The low degreee of
orientation prevents efficient packing and lowers density besides basal planes near parallel to
the hot pressing direction act as flaws on the microstructural scale and decreases flexure
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strength. Thus orientation and densification characteristics are important from the mechanical
point of view [18].
Figure 11. Hot-pressed hexagonal boron nitride microstructure (a) Low magnification, (b) high magnification and (c)
plastic deformation at the fracture surface [18].
The hot-pressing operation, which involves the hexagonal boron nitride grains containing
boron oxide, is not just a physical process. The trapped-in h-BN between the pressing rams
and the inner wall of the matrix undergoes a decomposition reaction with the thermally
released water as follows:
nBN + 3H2O = B2O3+ (3n-2)BN + 3H2+ N2
Regarding the equation above, one can expect that a higher oxygen content will be in the hot-
pressed body than in the starting h-BN powder since the yield of boron oxide in the reaction
product is reversally proportional to the crystallite size. Above explanation was confirmed by
XRD analysis results in Fig.12. Thus in XRD patterns a single phase was observed. Despite the
presence of boron oxide in the microstructure, no sign of B2O3 was observed due to the
amorphous structure.The results of the SEM/EDS analysis demonstrated that nitrogen is
distributed throughout the cross section, while oxygen is localized in the grain boundary
structures. SEM images indicated that a glassy amorphous phase is present in the grain
boundaries. B and O in the grain boundaries suggest an amorphous oxide phase as confirmed
by XRD analysis, which denotes a preferential oxidation [18].
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Figure 12. XRD pattern of hot-pressed h-BN ceramics [18].
6. The hot-pressing and the mechanical properties of hexagonal boron
nitride
6.1. Experimental procedure
The  overall  mechanical  characterization  of  hot-pressed  hexagonal  boron  nitride  (h-BN)
based  ceramics  was  performed.  Hardness  of  the  h-BN ceramics  was  tested  on  the  pol‐
ished  samples  by  means  of  Vickers  hardness  tester,  the  applied  load  was  0.3  kg  and
the  duration  was  20  seconds.  The  indentation  cycle  was  repeated  at  15  points  in  each
specimen with  a  step  of  0.5  mm from one  point  of  indentation  to  another.  The  length
of  the  reciprocal  diagonals  of  the  indentation  made  by  Vickers  diamond pyramidal  in‐
denter  tool  was  determined  using  optical  microscope.  The  measurements  were  per‐
formed  for  parallel  and  perpendicular  surfaces  and  then  an  average  hardness  value
(HV)  was  determined  for  both  surfaces.  Specimens  for  strength  measurements  were
cut  from  the  hot-pressed  plates  into  small  rectangular  blocks.  The  tensile  surfaces  of
the  samples  were  ground with  silicon carbide  papers  and then polished with  diamond
paste  along the  longitudinal  direction  of  the  specimens  until  a  scratch-free  surface  was
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obtained.  The  four  edges  of  the  specimens  were  chamfered  in  order  to  minimize  the
stress  concentration  induced  by  the  machining  flaw.  The  strength  tests  were  carried
out  on  Instron  universal  materials  testing  machine.  Flexure  strength  (MOR)  measure‐
ments  were  performed  by  three-point  bending  tests  (test  bars  4  mm  x  3  mm  x  45
mm)  with  a  span  of  40  mm  and  a  crosshead  speed  of  0.5  mm/min.  according  to
ASTM  C1161-94.  Five  samples  were  tested  for  parallel  and  perpendicular  surfaces  and
two average flexure strength values were obtained [19].
Fracture toughness (KIC) was evaluated by a single edge-V-notched beam (SEVNB) test, the
dimensions of testing bars were 3 mm x 4 mm x 45 mm with a notch of 0.3 mm width and 2
mm depth. The fracture toughness tests were performed by four-point bending tests with a
span of 40 mm. according to ASTM C1421. Five specimens were tested for each experimental
condition. Prior to the testing, each specimen was mechanically polished to a mirror finish
from both sides and five specimens were mounted parallel and side by side with their
compression surface down on a plate and a straight notch to a depth of about 0.5 mm was
tapered at the center of each specimen's tensile surface with a diamond wheel and then a second
deeper notch was polished with a razor blade sprinkled with diamond paste as shown in Fig.
1. Following the four-point bending tests, the fracture toughness value, KIC was computed
using the equation as follows:
KIC = F / B√W . S1-S2 / W . 3√α/ 2(1-α)1.5 . Y*
where, F, Sx, a,  B are the fracture load, span, notch depth, specimen width, respectively
and W, α, Y* are specimen height, a/W, stress intensity shape factor, respectively. Finally
the  fracture  characteristics  of  hot-pressed  h-BN ceramics  was  investigated  by  analyzing
fracture surfaces after bending tests using scanning electron microscope (SEM, JEOL JSM-
T330 at 20 kV) [19].
6.2. Results and discussion
Several studies on hot-pressed boron nitride based ceramics denote a range of 15-285 Vickers
hardness values for various compositions. On the other hand, particular work on hexagonal
boron nitride ceramics point out a range of 0.15-0.24 GPa, which indicates that our results are
agreeable within error. The average hardness value obtained, ranged from HV = 0.,20GPa to
HV = 0.25GPa, which was higher in the surfaces parallel to the hot pressing direction due to
the perpendicular alignment of the basal planes of the h-BN platelets to the hot pressing
direction.
The results of the three-point bending tests carried out on surfaces parallel to the hot pressing
direction indicated a relatively low average flexure strength (MOR) value of 0.14 GPa, which
is in agreement with several studies on hexagonal boron nitride based composites confirming
similar results regarding the flexure strength. A high degree of orientation of the hexagonal
boron nitride grains was shown to lead to mechanical anisotropy. The flexure strength was
found to be higher for the basal planes of the hexagonal boron nitride grains, which contain a
covalent bonding of boron and nitrogen atoms. The average flexure strength value for the
perpendicular direction was determined to be 0.17 GPa.
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For the fracture toughness evaluation, a SEVNB test was conducted, where a linear stress
profile occurs with tensile stresses below the neutral axis of the pre-cracked specimen and
compressive stresses. This particular stress profile ensures the steady propagation of the crack
initiated from the sharp notch root depending on the load. It is known that the anisotropy in
the microstructure has also an influence on the fracture toughness. The cracks formed on the
surface have a tendency to deviate in the direction of platelets due to the orientation and in
some cases could not propagate at all. However, for the case that the direction of the crack
propagation is not perpendicular to the basal planes of the platy grains, fracture toughness is
not affected by the orientation of the grains. The average fracture toughness value was
determined to be 2.6 MPa.m1/2. A single KIC value was obtained since a slight variation of the
fracture toughness was observed with the orientation of h-BN due to aforesaid causes [19].
Finally the fracture characteristics of hot-pressed h-BN ceramics was investigated by analyzing
fracture surfaces after bending tests using SEM using ASTM C1322. In Fig. 13, crack path of
the fractured specimens after three-point bending test was indicated. No crack deflection was
observed for each of the five bending tests, which is a sign of the high degree of grain orien‐
tation. Instead, crack followed a more straight path through the thickness of the specimen
proving a low degree of grain orientation. The two sides of the fracture surface fit together
very well after failure [19].
Figure 13. Crack path of the fractured specimens after three-point bending test [19].
The fracture halves were mounted back to back in order to reveal the crack path. Fig.11 shows
the relatively flat fracture surface of the specimens. The stripped region at low magnification
indicates the crack initiation pattern perpendicular to the applied stress on the fracture surfaces
of three-point bending rods as shown in Fig.11.a. The crack formed at the maximum stress
region, where typically occurs some plastic flow, easily propagates to reach the smooth surface
of the specimen. Fig.11, shows a completely brittle type of fracture exhibiting small plastic
deformation before failure. Thus the microstructural observations of h-BN grains indicated
completely brittle fracture with intergranular voids and microcracks inside the individual
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grains revealing a mixed mode of fracture. A combination of a typical predominant transgra‐
nular fracture mechanism at room temperature and intergranular cracking due to the presence
of grain boundary phase content was determined as a result of fracture tests [19].
7. The hot-pressing and the thermal and mechanical properties of h-BN/
TiB2 composites
7.1. Experimental procedure
The starting powders used in this study were: TiB2 powder (H. C. Starck), average size 0.7-2.0
µm and h-BN powder (H.C.Starck). In order to examine the effect of composition on mechan‐
ical and thermal properties, 5 series of TiB2/h-BN compositions were prepared in this study.
The powder mixtures were ball-milled in a YSZ vial (MSE Mill) using ethanol as a solvent for
3h and resulting slurry was then dried. The obtained powder mixtures were hot pressed in
graphite dies at 1900 oC for 1 h under a pressure of 30MPa in vacuum to yield consolidated
and sintered samples with dimensions of 40mm x 40mm x 40mm. The densities, ρ, of the hot
pressed composite compacts were measured using Archimedes method with distilled water
as medium. The theoretical densities of composites were calculated according to the rule of
mixtures. Microstructure of the composites was observed by scanning electron microscopy
(SEM-Hitachi). The grain size, d, was determined by measuring the average linear intercept
length, dm, of the grains in SEM images of sintered BN ceramics [20].
The hardness values of the h-BN/TiB2 composites was measured using a HMVTM Shimadzu
Micro hardness tester (made in Japan). The surface of samples were prepared by using a
StruersTM Tegrapol-15 polishing instrument to obtain the accurate hardness values of the
composites and then the hardness tests were performed on the polished surface of the
specimens by loading with a Vickers indenter for 10 s in ambient air at room temperature. The
corresponding diagonals of the indentation were measured by using an optical microscope
attached to the indenter. The indentation load of 490mN was used and five indentations were
made for each measurement. In addition, X-ray diffraction (XRD) (BrukerTM D8 Advance) was
used for crystalline phase identification of the composites. Moreover, to examine the effect of
addition powders, thermal expansion measurement was done in argon (Ar) atmosphere and
10 oC/min. temperature by using Anter UnithermTM Model 1181 Dilatometer instrument [20].
7.2. Results and discussion
The microstructural images of three different samples were given in Fig.14. Since c-axis of
HPBN was aligned along hot-pressing direction, anisotropy could be anticipated in h-BN
containing samples. As shown in Fig.14., basal plane of graphite-like plates (T0BN) was aligned
perpendicular to hot-pressing direction. On the other hand, in B50T50 samples hexagonal
grains did not indicate any sort of alignment despite hot-pressing process. The platelet
thickness of HPBN sample (T0BN) was measured to be 1 µm after sintering at for 60 min. in
vacuum atmosphere. The grain size obtained in the present study was nearly half of the
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For the fracture toughness evaluation, a SEVNB test was conducted, where a linear stress
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the microstructure has also an influence on the fracture toughness. The cracks formed on the
surface have a tendency to deviate in the direction of platelets due to the orientation and in
some cases could not propagate at all. However, for the case that the direction of the crack
propagation is not perpendicular to the basal planes of the platy grains, fracture toughness is
not affected by the orientation of the grains. The average fracture toughness value was
determined to be 2.6 MPa.m1/2. A single KIC value was obtained since a slight variation of the
fracture toughness was observed with the orientation of h-BN due to aforesaid causes [19].
Finally the fracture characteristics of hot-pressed h-BN ceramics was investigated by analyzing
fracture surfaces after bending tests using SEM using ASTM C1322. In Fig. 13, crack path of
the fractured specimens after three-point bending test was indicated. No crack deflection was
observed for each of the five bending tests, which is a sign of the high degree of grain orien‐
tation. Instead, crack followed a more straight path through the thickness of the specimen
proving a low degree of grain orientation. The two sides of the fracture surface fit together
very well after failure [19].
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the relatively flat fracture surface of the specimens. The stripped region at low magnification
indicates the crack initiation pattern perpendicular to the applied stress on the fracture surfaces
of three-point bending rods as shown in Fig.11.a. The crack formed at the maximum stress
region, where typically occurs some plastic flow, easily propagates to reach the smooth surface
of the specimen. Fig.11, shows a completely brittle type of fracture exhibiting small plastic
deformation before failure. Thus the microstructural observations of h-BN grains indicated
completely brittle fracture with intergranular voids and microcracks inside the individual
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grains revealing a mixed mode of fracture. A combination of a typical predominant transgra‐
nular fracture mechanism at room temperature and intergranular cracking due to the presence
of grain boundary phase content was determined as a result of fracture tests [19].
7. The hot-pressing and the thermal and mechanical properties of h-BN/
TiB2 composites
7.1. Experimental procedure
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µm and h-BN powder (H.C.Starck). In order to examine the effect of composition on mechan‐
ical and thermal properties, 5 series of TiB2/h-BN compositions were prepared in this study.
The powder mixtures were ball-milled in a YSZ vial (MSE Mill) using ethanol as a solvent for
3h and resulting slurry was then dried. The obtained powder mixtures were hot pressed in
graphite dies at 1900 oC for 1 h under a pressure of 30MPa in vacuum to yield consolidated
and sintered samples with dimensions of 40mm x 40mm x 40mm. The densities, ρ, of the hot
pressed composite compacts were measured using Archimedes method with distilled water
as medium. The theoretical densities of composites were calculated according to the rule of
mixtures. Microstructure of the composites was observed by scanning electron microscopy
(SEM-Hitachi). The grain size, d, was determined by measuring the average linear intercept
length, dm, of the grains in SEM images of sintered BN ceramics [20].
The hardness values of the h-BN/TiB2 composites was measured using a HMVTM Shimadzu
Micro hardness tester (made in Japan). The surface of samples were prepared by using a
StruersTM Tegrapol-15 polishing instrument to obtain the accurate hardness values of the
composites and then the hardness tests were performed on the polished surface of the
specimens by loading with a Vickers indenter for 10 s in ambient air at room temperature. The
corresponding diagonals of the indentation were measured by using an optical microscope
attached to the indenter. The indentation load of 490mN was used and five indentations were
made for each measurement. In addition, X-ray diffraction (XRD) (BrukerTM D8 Advance) was
used for crystalline phase identification of the composites. Moreover, to examine the effect of
addition powders, thermal expansion measurement was done in argon (Ar) atmosphere and
10 oC/min. temperature by using Anter UnithermTM Model 1181 Dilatometer instrument [20].
7.2. Results and discussion
The microstructural images of three different samples were given in Fig.14. Since c-axis of
HPBN was aligned along hot-pressing direction, anisotropy could be anticipated in h-BN
containing samples. As shown in Fig.14., basal plane of graphite-like plates (T0BN) was aligned
perpendicular to hot-pressing direction. On the other hand, in B50T50 samples hexagonal
grains did not indicate any sort of alignment despite hot-pressing process. The platelet
thickness of HPBN sample (T0BN) was measured to be 1 µm after sintering at for 60 min. in
vacuum atmosphere. The grain size obtained in the present study was nearly half of the
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densityof fully sintered TiB2 in the literature. The grain sizes of 5 to 100 µm were reported for
the TiB2 sample which had theoreticaldensity of 4.5g.cm-3. Since hot-pressing is a hot consoli‐
dation technique and stress-enhanced densification of powders, a higher density for HPBN
(T0BN) was expected in comparison to those samples which contain lower amounts of BN, i.e
B50T50. In the hot-pressing process, initially, compaction is by particle rearrangement and
plastic flow (particle yielding at point contacts). As densification progresses, grain boundary
and volume diffusion processes become controlling. Pressing before sintering as in pressure‐
less sintering, reduces porosity and increases the dislocation population in powder. Higher
disclocation density contributes to an initially faster sintering rate. However, in the present
study direct hot-pressing was used and low density percentages were obtained. The micro‐
structure of h-BN composition (T0BN) indicated a good agreement with literature microstruc‐
tural features. The as-sintered microstructure consisted of hexagonal platelets with basal
planes perpendicular to hot-pressing direction. However, as can be seen in Fig.14, the index
of orientation preference or degree of orientation defined in the literature was low for our
sample, T0BN [20].
Refining the microstructure of the starting material, i.e. ball-milling h-BN/TiB2 powder to a
defective, nanocrystalline or even amorphous state, enhances the reactivity. On the other hand,
small grain sizes aid densification. That is why for five samples, ball-milled starting powder
was employed. The main impurity in boron nitride powder was boric oxide, which is hygro‐
scopic and is converted to boric acid. Since boron-oxygen compounds act as sintering aids
during consolidation processes, 6 wt.% of B2O3 enhanced sintering behaviour (poor sintera‐
bility of h-BN) in all boron nitride containing samples except B0-TiB2. Despite vertical die
pressure of hot-pressing process at high temperatures, B2O3 also assisted sintering in HPBN.
The amount of additives used for densification has a great effect on the chemical and physical
properties of h-BN. h-BN powder utilized in the present study was a two phase system
involving mixed powders of BN and low-melting boric oxide. Boric oxide provided for rapid
transport and rapid sintering. That is why boric oxide content was kept constant for five
different compositions. The resultant parts of five samples were easily machined with standard









T0-BN 100 0 2.30 1.582 68.78
B75T25 75 25 2.86 1.977 69.11
B50T50 50 50 3.41 2.406 70.57
B25T75 25 75 3.97 2.845 71.66
B0-TiB2 0 100 4.52 3.248 71.86
Table 1. Compositions, density and relative densities of the hot-pressed h-BN/TiB2 composites [20].
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Figure 14. SEM images for 3 different samples at magnifications (a) 1kx and (b) 5kx. [20].
In general, micro-hardness is higher in the surfaces parallel to the hot pressing direction due to
the perpendicular alignment of the basal planes of the h-BN platelets to the hot pressing direc‐
tion. However, since h-BN content is lower than pure material in four of the samples, the aniso‐
trophy in Vickers hardness was slight. The main difference between hot-pressed T0BN and B0-
TiB2 samples was the presence of high orientation of the hexagonal crystals and the grain
growth, which was responsible for poor sinterability of pure h-BN sample. Due to the orienta‐
tion of the crystals there could be different property data perpendicular and paralel to the
pressing direction. B50T50 neither showed decrease in mechanical properties when measured
at paralel to hot-pressing direction nor a dependence of microstructure on the direction [20].
In the Table 1, it is displayed that the densities of hot pressed samples decreased with the
increase in the addition of boron nitride amount in the composition, the measured density for
B25T75 is 2,845 g/cm3, for B50T50 is 2,406 g/cm3 and for B75T25 is 1,977 g/cm3 and T0-BN is
1.582 g/cm3 which is in accordance with the theoretical density for boron nitride (BN). The
relative density for that is 68.78. The relative densities of the samples B0-TiB2, B75T25 and
B50T50 are 71.86 g/cm3, 69.11 g/cm3 and 70.57 g/cm3 relatively, these values revealed that the
measured densities of the samples much lower than the theoretical ones. This may be due to
sintering conditions for TiB2 containing samples [20].
The X-ray diffraction patterns of the sintered samples were shown in Fig.15 XRD analysis of the
as-sintered samples revealed that main phases are titanium diboride (TiB2, PDF card No.
35-0741) and boron nitride (BN, PDF card No. 34-0421). According to the X-ray patterns, in the
composition as the ratio of boron nitride (BN) powder increased the peaks of TiB2 phase gradu‐
ally decrease while the peaks belong to the boron nitride (BN) phase getting stronger. The
strongest peak for TiB2 phase is about 52o, for boron nitride (BN) which is around 31o [20].
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Figure 14. SEM images for 3 different samples at magnifications (a) 1kx and (b) 5kx. [20].
In general, micro-hardness is higher in the surfaces parallel to the hot pressing direction due to
the perpendicular alignment of the basal planes of the h-BN platelets to the hot pressing direc‐
tion. However, since h-BN content is lower than pure material in four of the samples, the aniso‐
trophy in Vickers hardness was slight. The main difference between hot-pressed T0BN and B0-
TiB2 samples was the presence of high orientation of the hexagonal crystals and the grain
growth, which was responsible for poor sinterability of pure h-BN sample. Due to the orienta‐
tion of the crystals there could be different property data perpendicular and paralel to the
pressing direction. B50T50 neither showed decrease in mechanical properties when measured
at paralel to hot-pressing direction nor a dependence of microstructure on the direction [20].
In the Table 1, it is displayed that the densities of hot pressed samples decreased with the
increase in the addition of boron nitride amount in the composition, the measured density for
B25T75 is 2,845 g/cm3, for B50T50 is 2,406 g/cm3 and for B75T25 is 1,977 g/cm3 and T0-BN is
1.582 g/cm3 which is in accordance with the theoretical density for boron nitride (BN). The
relative density for that is 68.78. The relative densities of the samples B0-TiB2, B75T25 and
B50T50 are 71.86 g/cm3, 69.11 g/cm3 and 70.57 g/cm3 relatively, these values revealed that the
measured densities of the samples much lower than the theoretical ones. This may be due to
sintering conditions for TiB2 containing samples [20].
The X-ray diffraction patterns of the sintered samples were shown in Fig.15 XRD analysis of the
as-sintered samples revealed that main phases are titanium diboride (TiB2, PDF card No.
35-0741) and boron nitride (BN, PDF card No. 34-0421). According to the X-ray patterns, in the
composition as the ratio of boron nitride (BN) powder increased the peaks of TiB2 phase gradu‐
ally decrease while the peaks belong to the boron nitride (BN) phase getting stronger. The
strongest peak for TiB2 phase is about 52o, for boron nitride (BN) which is around 31o [20].
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Figure 15. X-ray diffraction patterns of titanium diboride(B0-TiB2) boron nitride(T0-BN), B25T75, B50T50 and B75T25
(t, titanium diboride; b, boron nitride) [20].
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As expected, the content of TiB2 increased, Vickers micro-hardness increased. The average Hv
value of h-BN was measured to be 75kg/mm2, which is good agreement with our previous
study. As TiB2 content was raised, micro-hardness increased gradually to 145kg/mm2 when
measured for the sample which contain 25% of TiB2. The highest Vickers value was obtained
for the sample which contain 100% of TiB2. In a study by Munro, mechanical and thermal
properties of nearly dense (98% of relative density and 4.5g.cm-3 of theoretical density)
polycrystalline TiB2 were examined [20]..
The diversity of the processing conditions is a significant factor in the often widely varying
property values reported in the literature for polycrystalline TiB2. Thus porosity greatly affect‐
ed our Vickers hardness results. The cursory examination of the data for the Vickers hardness
of TiB2 has no immediately perceptible dependence on either density or grain size. However,
our Vickers hardness, i.e 100% of TiB2 (B0TiB2 composition) was significantly affected by rela‐
tive density and grain size (3-4 µm). The maximum Vickers hardness obtained for the present
study in Fig.16, was that of B0T100 composition, which had a value of 450 kg.mm-2. The higher
values measured in the literature was the result of full densification of TiB2 [20].
In Fig.17 the coefficient of thermal expansion curves as a function of temperature of h-BN,
B50T50 and TiB2 compositions are plotted. Hexagonal boron nitride is known to have low
coefficient of thermal expansion, i.e high thermal shock resistance. The thermal expansion
coefficients of hot-pressed h-BN in the literature were reported as 1.1x10-6 and 8.4x10-6 K-1 for
perpendicular and parallel to hot-pressing directions, respectively. CTE of hot-isostatic
pressed sample was measured to be 4.1x10 -6 K-1. In the samples studied, the lowest thermal
expansion belonged to the pure h-BN composition, T0-BN. As TiB2 content was raised, thermal
expansion increased gradually as can be seen in the B50T50 curve. The coefficient of thermal
expansion measured for 100% of TiB2 (B0T100) in the present study (obtained at room
temperature) well fitted with the literature data, which was 7.4x10 -6 K-1 [20].
Figure 16. Plots of hardness of the hot-pressed h-BN/TiB2 composites as a function of TiB2 content [20].
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temperature) well fitted with the literature data, which was 7.4x10 -6 K-1 [20].
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Figure 17. Plots of CTE of the hot-pressed h-BN/TiB2 composites as a function of temperature [20].
8. Conclusion
1. The first synthesis method of boron nitride is the direct nitridation of boron. In another
method, boric acid or borax are heated in the presence of a nitrogen-containing compound
such as ammonia or urea. Reacting alkali metal borides or alkaline earth metal borides
with silicon and/or aluminum is another method. However, there is a tedious leaching
step after the synthesis. The carbothermic decomposition of elemento-organic BN
compounds can also yield boron nitride. The disadvantage is that all starting materials
are oxygen and moisture sensitive. Pressure pyrolysis of borazine (B3N3H6) can also yield
to BN, namely in amorphous form.
2. Key boron nitride properties are high thermal conductivity, low thermal expansion, good
thermal shock resistance, high electrical resistance, low dielectric constant and loss
tangent, microwave transparency, non toxicity, easily machinability- non-abrasive and
lubricious, chemical inertness, non-wetting by most molten metals.
3. Typical boron nitride uses are electronic parts (heat sinks, substrates, coil forms, proto‐
types), boron doping wafers in silicon semiconductor processing, vacuum melting
crucibles, CVD crucibles, microcircuit packaging, sputtering targets, high precision
sealing, brazing and metallizing fixtures, microwave tubes, horiziontal caster break rings,
low friction seals, plasma arc insulators, high temperature furnace fixtures and supports.
4. In  the  first  experimental  study  descibed  in  the  present  work,  hexagonal  boron  ni‐
tride  ceramics  with  boron  oxide  content  as  sintering  additive  were  fabricated  by
the  hot-pressing  technique.  The  major  microstructural  features,  grain  orientation
and densification characteristics  of  the hot-pressed ceramics were influenced by the
presence  of  B2O3.  However,  the  enhancement  of  the  sintering  additive  did  not
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cause  a  strong  grain  orientation  or  microstructural  anisotropy  as  shown  by  SEM
analysis.  Only  a  slight  orientation  of  the  h-BN  crystals  towards  the  hot-pressing
direction  was  observed.  Thus  it  is  anticipated  that  the  mechanical  properties  of
the  h-BN  samples  will  not  show  serious  variations  with  the  hot-pressing  direction
due to the low degree of  orientation.
5. The  overall  mechanical  characterization  of  hot-pressed  hexagonal  boron  nitride  (h-
BN)  based  ceramics  was  conducted  in  the  second  experimental  study.  The  effect
of the anisotropy of  hot-pressed h-BN based ceramics for  various mechanical  prop‐
erties  was  determined.  The  mechanical  characterization  results  were  evaluated  in
terms  of  the  orientation  characteristics  of  hot-pressed  ceramics.  It  was  concluded
that  the  hardness  and  the  flexure  strength  properties  in  the  hot-pressed  h-BN  ce‐
ramics  are  extremelydependent  on  the  direction.  Thus  the  average  hardness  and
the  flexure  strength  values  are  higher  in  the  surfaces  parallel  to  the  hot-pressing
direction.  However,  the  measured  fracture  toughness  (KIC)  of  the  h-BN  samples
did  not  show  serious  variations  with  the  hot-pressing  direction.  In  addition,  frac‐
ture  characteristic  of  the  hexagonal  BN grains  is  determined to  be  completely  brit‐
tle  exhibiting  a  mixed  mode  of  fracture.  Crack  path  evaluations  after  the  fracture
tests  indicated that  no crack deflection occurred through the thickness of  the speci‐
men.  Instead,  the  crack  followed  a  straight  path,  demonstrating  a  low  degree  of
grain orientation following the hot-pressing process.
6. In  the  final  experimental  study,  the  mechanical  characterization  of  four  hexagonal
boron  nitride  containing  and  one  titanium  diboride  samples,  produced  by  hot
pressing  was  conducted.  It  was  concluded  that  the  hardness  and  the  fracture  sur‐
face  in  the  five  samples  were  dependent  on the  h-BN content.  On the  other  hand,
fracture  characteristic  of  the  samples  was  brittle.  There  were  both  transgranular
and  intergranular  cracks  in  the  microstructures.  After  3-point  bending  test,  the
crack  followed a  straight  path,  demonstrating  a  low degree  of  grain  orientation.  It
was  concluded  that  TiB2  content  increased  the  thermal  expansion  property  of  h-
BN ceramics.
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Figure 17. Plots of CTE of the hot-pressed h-BN/TiB2 composites as a function of temperature [20].
8. Conclusion
1. The first synthesis method of boron nitride is the direct nitridation of boron. In another
method, boric acid or borax are heated in the presence of a nitrogen-containing compound
such as ammonia or urea. Reacting alkali metal borides or alkaline earth metal borides
with silicon and/or aluminum is another method. However, there is a tedious leaching
step after the synthesis. The carbothermic decomposition of elemento-organic BN
compounds can also yield boron nitride. The disadvantage is that all starting materials
are oxygen and moisture sensitive. Pressure pyrolysis of borazine (B3N3H6) can also yield
to BN, namely in amorphous form.
2. Key boron nitride properties are high thermal conductivity, low thermal expansion, good
thermal shock resistance, high electrical resistance, low dielectric constant and loss
tangent, microwave transparency, non toxicity, easily machinability- non-abrasive and
lubricious, chemical inertness, non-wetting by most molten metals.
3. Typical boron nitride uses are electronic parts (heat sinks, substrates, coil forms, proto‐
types), boron doping wafers in silicon semiconductor processing, vacuum melting
crucibles, CVD crucibles, microcircuit packaging, sputtering targets, high precision
sealing, brazing and metallizing fixtures, microwave tubes, horiziontal caster break rings,
low friction seals, plasma arc insulators, high temperature furnace fixtures and supports.
4. In  the  first  experimental  study  descibed  in  the  present  work,  hexagonal  boron  ni‐
tride  ceramics  with  boron  oxide  content  as  sintering  additive  were  fabricated  by
the  hot-pressing  technique.  The  major  microstructural  features,  grain  orientation
and densification characteristics  of  the hot-pressed ceramics were influenced by the
presence  of  B2O3.  However,  the  enhancement  of  the  sintering  additive  did  not
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cause  a  strong  grain  orientation  or  microstructural  anisotropy  as  shown  by  SEM
analysis.  Only  a  slight  orientation  of  the  h-BN  crystals  towards  the  hot-pressing
direction  was  observed.  Thus  it  is  anticipated  that  the  mechanical  properties  of
the  h-BN  samples  will  not  show  serious  variations  with  the  hot-pressing  direction
due to the low degree of  orientation.
5. The  overall  mechanical  characterization  of  hot-pressed  hexagonal  boron  nitride  (h-
BN)  based  ceramics  was  conducted  in  the  second  experimental  study.  The  effect
of the anisotropy of  hot-pressed h-BN based ceramics for  various mechanical  prop‐
erties  was  determined.  The  mechanical  characterization  results  were  evaluated  in
terms  of  the  orientation  characteristics  of  hot-pressed  ceramics.  It  was  concluded
that  the  hardness  and  the  flexure  strength  properties  in  the  hot-pressed  h-BN  ce‐
ramics  are  extremelydependent  on  the  direction.  Thus  the  average  hardness  and
the  flexure  strength  values  are  higher  in  the  surfaces  parallel  to  the  hot-pressing
direction.  However,  the  measured  fracture  toughness  (KIC)  of  the  h-BN  samples
did  not  show  serious  variations  with  the  hot-pressing  direction.  In  addition,  frac‐
ture  characteristic  of  the  hexagonal  BN grains  is  determined to  be  completely  brit‐
tle  exhibiting  a  mixed  mode  of  fracture.  Crack  path  evaluations  after  the  fracture
tests  indicated that  no crack deflection occurred through the thickness of  the speci‐
men.  Instead,  the  crack  followed  a  straight  path,  demonstrating  a  low  degree  of
grain orientation following the hot-pressing process.
6. In  the  final  experimental  study,  the  mechanical  characterization  of  four  hexagonal
boron  nitride  containing  and  one  titanium  diboride  samples,  produced  by  hot
pressing  was  conducted.  It  was  concluded  that  the  hardness  and  the  fracture  sur‐
face  in  the  five  samples  were  dependent  on the  h-BN content.  On the  other  hand,
fracture  characteristic  of  the  samples  was  brittle.  There  were  both  transgranular
and  intergranular  cracks  in  the  microstructures.  After  3-point  bending  test,  the
crack  followed a  straight  path,  demonstrating  a  low degree  of  grain  orientation.  It
was  concluded  that  TiB2  content  increased  the  thermal  expansion  property  of  h-
BN ceramics.
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1. Introduction
In recent years nano crystalline materials have been paid much attention because they have a
variety of interesting and novel physical properties.
Research on the sintering of nano crystalline ceramics has focused on the problem of achieving
high densities(> 95% of theoretical) without excessive grain growth.
Dense and fine grained alumina ceramics are widely used in practical applications, because
of mechanical, electrical and optical properties. The mechanical strength, dielectric properties
and transparency are strongly affected by the microstructure of alumina ceramics such as
porosity, grain size and their distribution. (Fig.1)
Figure 1. The variation of hardness in alumina-diamond nanocomposite with sintering temperature at 1GPa “in [1]”
For example, the transparency and mechanical strength of alumina were improved by
decreasing the grain size, and the residul porosity less than 0.05% was required for obtaining
a high transmission of light.“in [2]”
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Alumina ceramics with sub micrometer microstructure obtained by pressureless sintering
have been widely studied.
It is difficult to obtain a fully dense ceramic with nanocrystalline grain size. Because phase




0C) →θ Al2O3(> 1000
0C)→α Al2O3
The transition paths and temperatures vary depending on the particle size, chemical homo‐
geneity, heating rate, and water vapor pressure.
The transformation from θ –Al2O3 to α - Al2O3 involves a chance in the oxygen sublattice from
cubic close packing to hexagonal close packing and generally requires temperatures above
1100 0C.
There is 10% decrease in specific volume during transformation because the density changes
from 3.56 g/cm3 ( θ Al2O3) to 3.986 g/cm3 (α - Al2O3 ).
As a result of the volume reduction and low real nucleation density (10 8-1011 nuclei /cm 3)
during the transformation, the α - Al2O3 colonies recede from the matrix and the microstructure




Figure 2. SEM images show the microstructure development of α - Al2O3 specimens pressureless sintered at (a) 1200
°C, (b) 1400 °C, (c) 1500 °C for 5 h. All specimens have fully transformed to α - Al2O3 at these sintering temperatures
“in [3]”.
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The temperature required for the densification of this vermicular microstructure is over
16000C. to obtain dense, fine grained α- Al2O3 at low temperatures, the scale of the vermicular
microstructure must be minimized “in [4 ]”.
Pressure-assisted densification provide to obtain nanometric grains in fully sintered compacts.
The effect of pressure on nucleation and growth of the α- phase is the critical subject because
the final grain size after sintering depends on these factors.
Low pressures create a smaller number of nucleation sites where the transformation begin..
These nuclei grow very fast forming vermicular clusters. The clusters stop growing when they
touch on each other.
 
                                      
            Low pressure               Vermicular  microstructure 
 
                                                                                    
           High pressure                    equiaxed microstructure 
During High pressure each particle can act as an original nucleation site and transformation
can occur within each particle, so that avoiding the formation of vermicular structure. In other
words, high pressure can create a sufficient number of nucleation sites to prevent the formation
of the vermicular structure.
Modifications in the structure, by the application of high pressure, have been investigated by
several groups “in [5-7 ]”. They have reported applying pressure decreases the thermodynamic
energy barrier and kinetic energy barrier required for nucleation and causes the phase
transformation to shift to a lower temperature.
Figure 3 shows that the start of transformation from γ- to α -Al2O3 temperature decreases from
about 1075 0C at 1 atmosphere, to around 8000C at 1 GPa, and to 6400C at 2.5 GPa; 560 0C at 5.5
GPa and to 460 0C at 8 GPa.
Grain growth is limited by the low sintering temperature and variation of nucleation events
in the γ phase at high pressure creates a nanoscale α grain size “in [7 ]”.
In this work the required conditions were examined to produce high- density nano- Al2O3
ceramics using high pressure and different sintering temperatures. The effect of various
sintering conditions on the properties of sintered sample such as microstructure and relative
density were discussed.
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The starting powder used consists of spherical γ- Al2O3 phase with an average particle size of
20 nm (Plasma & Ceramic Technologies Ltd.-Latvia) and specific surface area of 50 m2/ g in
the granulated state. ( Fig.4)
(a) 
(b) 
Figure 4. a) SEM micrograph of the starting granulated γ-Al2O3 powder. (b) XRD spectrum of the starting γ-Al2O3 pow‐
der (JSPDS Card No: 00-046-1215).
Figure 3. Pressure – Temperature phase diagram of α and γ phases of Al2O3 “in [ 7 ]”.
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According to supplier’s analytical certificate: <1000 <200 < 1000
Table 1. The chemical composition of the starting γ -Al2O3 powder.
The powder was first preheated in the air at 700 0C for 3 h for the removal of the binder. After
preheating, the pure γ-Al2O3 powder containing no additives was uniaxially cold pressed at
20 MPa into cylinders 20mm in diameter and 10mm in height. All the green compacts were
pellets of 4 g. Green compact was encapsulated in a cube die made of pyrophyllite.
Figure 5. The sample assembly for Al2O3 ceramics sintered at high pressure.
All the high-pressure sintering experiments were carried out in a cubic anvil apparatus. High
mechanical pressure was applied on all six faces of the die concurrently.
Additionaly 10 wt% TiO2 was added by sol-gel to inhibited the grain growth.
TiO2 doped alumina were prepared by adding titanium –isoproxide (Ti(OC3H7)4 into alumina.
The TIP was hydrolyzed by addition of water. The ethanol was removed in a rotating evapo‐
rator at 65 0C and powders were dried in a furnace at 90 0C for 24 hour.After drying powder
mixture was decomposed into oxide at 400 0C.
The Al2O3 bodies were fabricated in cubic anvil high pressure (2- 7 GPa) and varying temper‐
ature ( 600-1200 0C) for 1- 15 minutes.
Phase analysis of the sintered samples was carried out by X-ray diffraction (XRD). Grain sizes
were estimated from high-resolution scanning electron micrographs taken from fracture
surfaces and micro hardness was determined on the polished surfaces using an applied load
of 500 g.
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3. Results and discussion
3.1. X-ray difraction profile of sintered samples
Fig.7-8-9 clearly shows the significant effect of applied pressure time on phase content with
the exception of the sample sintered at 5GPa and 500oC for only 5 min.(Fig a). All the sintered
samples showed the presence of the α phase, with no evidence of any remaining γ phase.
Because of pressure decreases the transformation temperature of γ to α phase of Al2O3
Figure 7. XRD patterns of Al2O3 sintered at 5GPa and 500 0C for 5 min.
Fig. 7-8 also shows that under the same applied pressure (5 GPa) and temperature (500 oC ),
the sintering time have a significant effect on the phase content, as the sintering time of 5 min.
is not adequate for phase transformation from gamma to alpha alumina although both samples
are translucent.
An alumina hydrate, AlO(OH), phase ( Fig. 8-9) was found in the samples sintered at 5 and 7
GPa and 500 0C. This phase is caused by trapped water or surface OH groups which forms the
hydrate phase during low temperature sintering.
Figure 6. Processing flow chart for coating γ-Al2O3 particle with 10 wt %TiO2 by sol-gel.
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3.2. Effect of temperature on the microstructure and density at 5 GPa
As can be seen in Fig 10, the morphology of the sintered samples at high temperatures were
different from those sintered at lower temperatures.
The grain size of sintered sample increases with increasing sintering temperature and the grain
size distribution was fairly wide at especially high sintering temperature.
Samples sintered at a low sintering temperature (500 0C-700 0C) showed fine (about 200 nm)
equiaxed grains under 5 GPa pressures as shown in Fig. 10 ( a), ( b ).
Grain Growth was started at 900 0C and abnormal grain growth was observed at the higher
sintering temperature (1200 0C) as shown in Fig. 10 (c ), ( d ).
Previous experimental results indicate that abnormal grain growth in commercially pure
alumina is strongly correlated with presence of impurities. The minimum concentration for
AGG over 300 ppm silicon or 30 ppm calcium. “in [8]”
This impurities are believed to form glassy films in the grain boundaries and somehow to
catalyze AGG.
The sintered density generally increases with the sintering temperature for all samples.
From Figure 11, it is noted that the relative density first increased rapidly, than climbed slowly
from 1000 to 1500 0C.
Figure 8. XRD patterns of Al2O3 sintered at 5GPa and 500 0C for 15 min.
Figure 9. XRD patterns of Al2O3 sintered at 7GPa and 500 0C for 15 min.
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At 1500 0C. the relative density of sintered sample is reached a highest value of 98.1% when
the pressure is 5GPa.
Due to significant grain growth, no complete densification could be reached with initial γ-
Al2O3 powder
Figure 11. Relative density of sintered sample at 5 GPa as a function of sintering temperature.
(a) (b) 
(c) (d) 
Figure 10. The fracture surfaces of Al2O3 samples sintered at different temperature ( a) 500 0C - (b) 700 0C – ( c ) 900 0C
- ( d) 1200 0C at 5 GPa for 15 min. sintering time.
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3.3. Effect of pressure on the grain size of sintered samples
The microstructure of sintered samples obtained from γ -Al2O3 powders at 1000 0C and 5-7
GPa for 15 minute were examined. Representative SEM’s of fracture surfaces are shown in
figure 12.
(a) (b) 
Figure 12. SEM micrograph of fracture surface for samples sintered at 1000 0C and (a) 5 GPa, ( b) 7GPa for 15 minutes.
As shown in Fig. 12 the overall grain size for the sample sintered at 1000 0C at 7GPa appeared
coarser than the sample sintered at the lower pressures (5 GPa) ( for the same sintering
temperature and time of 15 minutes).
Fig. 13 shows the SEM micrographs of the sample sintered at 1000 0C and 7 GPa for a shorter
time (1 minute).
Figure 13. SEM micrograph of fracture surface for samples sintered at 1000 0C and 7GPa for 1 minute.
As shown in Fig. 13 the microstructure of the Al2O3 ceramics sintered at high pressure (7GPa)
and high temperature (1000 0C) for 1 minute is obviously different from the ceramic micro‐
structure sintered at the same pressure and temperature for 15 minutes (see in Fig. 12 (b)).
While Fig.13 contains much smaller fine grains, coarser grains are visible on the microstructure
shown in Fig.12 ( b), showing the considerable effect of sintering time on the sintered grain size.
This could be attributed to the higher input energy in the system at high pressure and high
temperature conditions, thus the final stage in sintering was reached quickly as was the grain
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Due to significant grain growth, no complete densification could be reached with initial γ-
Al2O3 powder
Figure 11. Relative density of sintered sample at 5 GPa as a function of sintering temperature.
(a) (b) 
(c) (d) 
Figure 10. The fracture surfaces of Al2O3 samples sintered at different temperature ( a) 500 0C - (b) 700 0C – ( c ) 900 0C
- ( d) 1200 0C at 5 GPa for 15 min. sintering time.
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3.3. Effect of pressure on the grain size of sintered samples
The microstructure of sintered samples obtained from γ -Al2O3 powders at 1000 0C and 5-7
GPa for 15 minute were examined. Representative SEM’s of fracture surfaces are shown in
figure 12.
(a) (b) 
Figure 12. SEM micrograph of fracture surface for samples sintered at 1000 0C and (a) 5 GPa, ( b) 7GPa for 15 minutes.
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coarser than the sample sintered at the lower pressures (5 GPa) ( for the same sintering
temperature and time of 15 minutes).
Fig. 13 shows the SEM micrographs of the sample sintered at 1000 0C and 7 GPa for a shorter
time (1 minute).
Figure 13. SEM micrograph of fracture surface for samples sintered at 1000 0C and 7GPa for 1 minute.
As shown in Fig. 13 the microstructure of the Al2O3 ceramics sintered at high pressure (7GPa)
and high temperature (1000 0C) for 1 minute is obviously different from the ceramic micro‐
structure sintered at the same pressure and temperature for 15 minutes (see in Fig. 12 (b)).
While Fig.13 contains much smaller fine grains, coarser grains are visible on the microstructure
shown in Fig.12 ( b), showing the considerable effect of sintering time on the sintered grain size.
This could be attributed to the higher input energy in the system at high pressure and high
temperature conditions, thus the final stage in sintering was reached quickly as was the grain
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growth regime. Thus for high pressure high temperature conditions, either the sintering time
or the temperature should be reduced to prevent grain growth.
The effect of the sintering time on the microstructure can also be seen from the pictures shown
in Fig.14. Sintering γ-Al2O3 at 900 0C at 7GPa for 15 min. resulted in obtaining the opaque
sample while a translucent sample was obtained with a sintering time of 5 min. as shown in
Figs.14 (a and b, respectively.
The opaque structure is considered as a result of abnormal grain growth of alumina, as shown
in Fig.14 (a). But when the sintering temperature is lowered to 500 oC, a translucent alumina
with the finest grain size and the gamma form is evident using a sintering time of 5 min. as





Figure 14. The fracture surfaces of Al2O3 samples sintered at 900 0C at 7 GPa for sintering time 15 min. (a), 5 min. (b)
and 5GPa (c) at 500 0C for sintering time of 5 min.
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Fig.15 clearly indicates the relationships between the translucency of alumina, temperature
and sintering time. For example, a translucent alumina can be achieved either using a high
sintering temperature of 900 oC for 5 min. or low sintering temperature of 500 oC for 15 min.,
as shown in Fig.15(a)
(a) 
(b) (c) 
Figure 15. a) The effect of sintering temperature on the optical appearance of sintered sample at 7GPa (b) the optical
micrograph of the translucent alumina sample sintered at 7 GPa, at 900 oC for 5 min. that was mechanically thinned to
a 1mm in thicknes using lapping technique. (c) opaque alumina sample (at 7 GPa, 900 oC for 15 min.) after laser cut for
characterization.
3.4. Influnce of TiO2 additives on alumina microstructure
As you can see Fig. 16 The secondary phase precipitates mostly at along the grain boundaries
(white phase)..The existence of this secondary phase reduces the driving force for grain growth
by pinning effect.
It can be shown that TiO2 additive leads to finer grain size after pressure assisted sintered at
low and high temperature for same sintering pressure and time. ( Fig 17 -18)
From figure 17 – 18 it is obvious that average grain size of TiO2 doped sample is finer than that
of undoped alumina sintered at the same temperature and pressure for same holding time.
However TiO2 addition did not has significant effect on the density of sintered samples
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(a)(1-6 µm-96.7 % TD) 
(b)( 1-3 µm-97.0% TD) 
Figure 17. SEM micrographs of Al2O3 (a) and Al2O3 +10 %wt TiO2 (b) sintered at 5GPa and 1200 0C for 15 min.
Figure 17 shows that Abnormal Grain Growth did not occur at 1200 0C in using 10 wt% TiO2
additive
 




                                             
Figure 16. Typical microstructures and EDS spectrum of TiO2 doped Al2O3 sintered sample.
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(a)(>100 nm-96.0 %TD) 
(b)(<100 nm-97.0 %TD.) 
Figure 18. SEM micrographs of Al2O3 ( a) and Al2O3 +10 wt % TiO2 ( b) sintered at 5GPa and 700 0C for 15 min.
Although Translucent Alumina is obtained with the alumina sample at 6GPa and 600 oC for
15 min ( Fig 19 (a) ). it is not possible to obtained translucent alumina with the alumina
containing 10 wt% TiO2 sample at same sintering conditions (Fig 19 (b) )
(a) 
(b) 
Figure 19. Fracture surfaces of Al2O3 ( a ) and Al2O310 wt % TiO2 ( b) samples sintered at 600 0C and 6 GPa for 15 min
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3.5. Effect of pressure and sintering time on the hardness of sintered samples
Sintering time has a strong effect on the grain size and hence the hardness. For example, a
sample sintered at 1000 oC (at 7 GPa) for 15 min. shows a hardness value of 8.30 GPa while a
sample sintered at the same temperature for 1 min. provides a hardness value of 11.46 GPa.
The increment in hardness depending on the decrease in sintering time can be correlated with
the grain size as shown by the SEM micrographs in Figs.12 b and 13. As shown in Fig. 12b, the
sample sintered at 1000 oC for 15 min. (the applied pressure is at 7 GPa )contains much bigger
alumina grains (the main grain size is about 5 microns) compared with sample in Fig.13 that
was sintered at the same temperature and pressure for 1 min (the main grain size is about 200
nm).
Using applied pressures of 7 GPa and 5 GPa and lower sintering temperature of 600 0C,
translucent α-alumina could be obtained with the hardness value of 13.89 and 13.35 GPa,
respectively.
The highest hardness value of 20.31 GPa is achieved for the TiO2 doped sample sintered at 700
oC for 15 min (the applied pressure is at 5 GPa) due to presence of very fine alumina grains
with the main grain size of < 100 nm, as shown in Fig.18 b.
4. Conclusions
In the present work, the sintering behavior of a γ-Al2O3 powder subjected to different pressure,
temperature and time conditions is examined.
Applying pressure drops γ- α Al2O3 transformation temperature and increase nucleation rate
making it possible to obtain nano grain size sintered sample.
It was also found that, when using nano-size starting powder, the sintering time should be
optimised in order to control the final sintered grain size under the same sintering temperature
and applied pressure.
Chemical impurity in initial powder is very important to reduce grain growth during sintering.
To produce lower than 100 nm sintered sample it is very important to eliminate the hydrates
& impurities before sintering.
TiO2 additive in initial γ-Al2O3 leads to finer grain size after pressure assisted sintered
Using applied pressures of 5-7 GPa and lower sintering temperature of 500- 600 0C, translucent
α-alumina could be obtained
Translucency can be controlled by increasing the applied pressure from 5 GPa to 7 GPa for a
sample sintered at 700 oC for 15 min. or decreasing the sintering temperature and time. As the
sintering pressure is decreased, the sintering temperature also needs to be decreased in order
to obtain translucent samples.
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The hardness of the sintered 10 wt % TiO2 doped Al2O3 nanocomposites were higher than
undoped Al2O3 at same sintering conditions.
The highest hardness value of 20.31 GPa is achieved for the TiO2 doped sample sintered at 700
oC for 15 min. (the applied pressure is at 5 GPa)
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1. Introduction
Currently, the urgent need to preserve the environment has aroused great interest in aca‐
demic and industrial areas for the reuse of pollutant wastes. In the XXI century one of the
challenges of the environmental sustainability of the planet is to seek solution to the final
disposal of huge volumes of pollutant wastes produced every year.
The petroleum industry generates various types of oily sludges in its production chain [1]: i)
extraction of crude oil from the ground; ii) transportation to refineries and product distribu‐
tion centers; iii) refining into finished products; and iv) marketing or sale of the products to
consumers. These oily sludges are basically composed by hydrocarbons in the form of oil,
water, solids, and traces of heavy metals in different proportions according to each area. For
this reason, the oily sludges are considered as being hazardous waste materials. Thus, the
petroleum industry is confronted with the environmental problem of the correct manage‐
ment of huge amounts of oily sludges produced worldwide.
Recently, the Brazilian petroleum industry has presented high growth in the production of
crude oil. As a result, Brazilian oil industry generates huge volume of oily sludge during the oil
extraction process. The traditional disposal methods used for management of this oily sludge in‐
clude storage in ponds, dikes, and biodegradation (landfarming) [2,3]. More recently, the oily
sludge has been treated with bentonite clay for disposal in sanitary sites, resulting in a new waste
material that hereafter will be named as petroleum waste [4]. However, these waste manage‐
ment options are very limited, costing money and environmental impact.
Nowadays, the reuse of waste materials as an alternative raw material in the production of
ceramic materials for civil construction has become a very attractive method [5-7]. The reuse
approach is environmentally correct and can contribute to the environmental sustainability,
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resulting in three main advantages: i) use of low cost raw material; ii) the conservation of the
natural resources; and iii) the management of a pollutant waste.
The reuse of petroleum waste into ceramic materials for civil construction has already been
investigated [2-4,8-11]. However, the sintering behavior of floor tiles containing petroleum
waste during the firing step, which is a complex process, is not still thoroughly understood.
Floor tiles are a multicomponent system primarily composed of clays, feldspar, and quartz,
and is considered to be one of the most complex ceramic materials [12].
This chapter focuses on the sintering behavior of vitrified floor tiles containing petroleum
waste. Emphasis is given on the effects of the petroleum waste additions on the sintering
behavior, microstructural evolution, and physical properties of the vitrified floor tiles.
2. Experimental details
The raw materials used are commercial kaolin, Na-feldspar, quartz, and petroleum waste from
petroleum extraction industry from south-eastern Brazil. The petroleum waste sample is a solid
material in the form of granular powder. The raw materials were dried at 110 ºC, dry-ground,
and then passed through a 325-mesh (45 µm ASTM) sieve. The chemical and mineralogical com‐
positions are given in Table 1. The processing flow diagram is shown in Fig. 1.
Oxides kaolin Petroleum Waste Na-feldspar Quartz
SiO2 49.07 41.73 69.55 09.97
Al2O3 33.74 10.93 18.82 0.41
Fe2O3 0.22 7.63 0.14 0.01
TiO2 0.01 0.52 0.02 0.02
Na2O 0.52 0.44 9.63 0.13
K2O 1.97 0.95 1.47 0.18
CaO 0.30 7.76 0.17 0.01





Loss on ignition 14.01 18.74 0.32 0.26






Table 1. Chemical (wt.%) and mineralogical compositions of the raw materials.
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Figure 1. Process flow diagram of the vitrified floor tiles.
Several floor tile compositions were prepared using mixtures of kaolin, Na-feldspar, quartz,
and petroleum waste (Table 2). The petroleum waste additions were up to 5 wt.% in gradual
replacement of kaolin. The floor tile formulation used as a reference consisted of 40 wt.%
kaolin, 47.5 wt.% Na-feldspar, and 12.5 wt.% quartz.
Raw materials Tile formulations (wt.%)
MT1 MT2 MT3
Kaolin 40 37.5 35
Waste 0 2.5 5
Na-feldspar 47.5 46.5 47.5
Quartz 12.5 12.5 12.5
Table 2. Composition of the floor tile formulations containing petroleum waste.
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The floor tile formulations (Table 2) were mixed, homogenized, and granulated via dry
process using a high intensity mixer. After granulation step, the granules coarser than 2 mm
were discarded. The moisture content (moisture mass/dry mass) was adjusted to 7 %.
Mineralogical analysis of the floor tile formulations was done using Cu-Ka radiation and
1.5º (2θ)/min scanning speed in a conventional diffractometer. Mineral phases were identi‐
fied by comparing the intensities and positions of the Bragg peaks to those listed in the
JCPDS/ICDD data files.
Thermogravimetric analysis (TGA and DrTGA) of the floor tile powder sample was per‐
formed in air between 25 ºC and 1200 ºC using a heating rate of 10 ºC/min. Dilatometric analy‐
sis of the floor tile samples was carried out on unfired test pieces within the 25 – 1200 ºC
temperature range using a heating rate of 10 ºC/min under air atmosphere.
The tile powders were uniaxially pressed into test bars (11.5 x 2.54 cm2) under a load of 50
MPa, and then dried at 110ºC. The sintering step was carried out at soaking temperatures
varying from 600 to 1250 ºC, using a fast firing-cooling cycle of total duration < 60 min. The
heating and cooling rates used in this work were chosen to simulate actual sintering process
used in the tile industry.
The following physical properties of the floor tile pieces have been determined: linear
shrinkage, water absorption, apparent density, and apparent porosity.
The linear shrinkage values were obtained by measuring the length of the rectangular speci‐
mens before and after sintering step using a caliper with a precision of ± 0.01.
Water absorption values were determined from weight differences between the as-sintered
and water saturated samples (immersed in boiling water for 2h) according to the ASTM
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(SIO2). XRD pattern of the petroleum waste containing formulation (MT3 sample) is shown
in Fig. 3. In addition to kaolinite, albite, and quartz, peaks of barite (BaSO4), hematite
(Fe2O3), calcium sulphate (CaSO4), and montmorillonite were identified. These results are in
accordance with the raw materials data (Table 1).
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The thermogravimetric curves (TGA and DrTGA) for the MT2 sample (with 2.5 wt.% petro‐
leum waste) is shown in Fig. 4. DrTGa curve shows that the floor tile formulation exhibit
one endothermic event around 573.5 ºC. This endothermic event is related mainly to the de‐
hydroxylation of kaolinite. In addition, this endothermic reaction corresponds to an intense
process of mass transfer in the tile sample as observed in the TG curve. The MT2 sample
presented a total weight loss during sintering around 4.4 %. In addition the removal of
chemically bound water of the kaolinite structure, the volatization of oil (hydrocarbons) of
the petroleum waste should be also considered.
Figure 4. TGA/DrTGA curves of the MT2 sample.
Table 3 gives the particle size distribution of the raw materials used. The results revealed
that the raw materials presented high concentration (83.2 – 96.8 %) of mineral particles < 63
µm. This means that the raw materials used in the floor tile formulations have good degree
of comminution that could favor the reactivity of the particles during the sintering process.
It also prevents the segregation of non-plastic and plastic components present in the tile for‐
mulations.
Particle size Kaolin Petroleum Waste Albite Quartz
< 2 μm 22.9 12 5 9.6
2 < x < 63 μm 73.9 83 89 73.6
63 < x < 200 μm 3.2 5 6 16.8
Table 3. Particle size distribution of the raw materials (wt.%).
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3.2. Phase evolution during sintering
The XRD patterns of the MT1 samples sintered between 600 and 1250 ºC are presented in
Fig. 5. Based on the X-ray diffraction patterns and previous studies [14-17] it is possible to
describe the phase transformations underwent by the waste-free floor tile formulation (MT1
sample) at different temperatures.
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Figure 5. XRD patterns of the MT1 sample sintered at different temperatures.
The phase transformations involved in the waste-free floor tile body (MT1 sample) during
sintering could be described as follow. The evolution of the physically adsorbed water by
the mineral particles takes place until 100 ºC (H2O (l) → H2O (g)). At 573 ºC, α-β quartz inver‐
sion of free silica occurs. At 600 ºC, the characteristic peaks of kaolinite have disappeared. In
fact, between ~ 450 and 600 ºC, kaolinite loses the OH groups of the gibbsite sheet leading to
the formation of amorphous metakaolinite according to:
Al2O3.2SiO2.2H2O (kaolinite) → Al2O3.2SiO2 (metakaolinite) + 2 H2O (g)
At 800 ºC, the peaks of quartz and albite are still seen. At 1000 ºC, peaks of mullite appear. In
this temperature range, the silicate lattice totally collapse, followed by reorganization of the
metakaolinite structure and the formation of amorphous silica. A spinel structure is formed
and then quickly transformed to mullite according to:
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metakaolinite structure and the formation of amorphous silica. A spinel structure is formed
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2 (Al2O3.2SiO2) (metakaolinite)→2Al2O3.3SiO2(spinel) + SiO2(amorphous)
2Al2O3.3SiO2(spinel)→2(Al2O3.SiO2) (mullite) + SiO2
It can be seen that the mullite peaks increasing in intensity with the sintering temperature,
but the quartz peaks decreasing slightly due its partial dissolution. Above 1100 ºC the albite
peaks are not seen. At 1200 ºC, an amorphous band between 2θ = 15º and 2θ = 25º can be
also observed. This is due to the fusion of albite to form a viscous liquid phase, which is
then cooled to glass.
The XRD patterns of the MT3 formulation (with 5 wt.% petroleum waste) sintered between
600 and 1250 ºC are shown in Fig. 6. In addition the mullite and quartz, characteristic peaks
of barite, hematite, and calcium sulphate were also identified. These results are in agreement
with the chemical composition data (Table 1) and X-ray diffraction (Fig. 2). Thus, the partial
replacement of kaolin with petroleum waste influenced the phase evolution of the vitrified
floor tiles. This means that the petroleum waste addition can influence the sinterability of
the floor tile formulations.
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Figure 6. XRD patterns of the MT3 sample sintered at different temperatures.
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3.3. Microstructural analysis of the sintered floor tiles
The microstructure of fractured surface of MT1 sample (waste-free sample) sintered al 1210
ºC obtained via SEI/SEM is shown in Fig. 7. One can clearly observe that the microstructure
is composed mainly of dense zones (glassy phase) connected with rugous zones (open po‐
rosity). As indicated by the XRD analysis (Fig. 5), it consists of mullite, quartz, and glassy
phase. In addition, the open pore volume is essentially formed by a narrow channels struc‐
ture of irregular morphology. This means that the densification of the MT1 sample during
sintering at 1210 ºC is incomplete.
Figure 7. SEM micrograph of the MT1 sample after sintering at 1210 ºC.
Fig. 8 shows the fractured surface of the MT1 sample sintered at 1250 ºC. It also comprises
kaolinite-derivate material (mullite), quartz, and glassy phase. However, the presence of few
rounded and isolated pores indicates the consistent development of the liquid phase during
sintering. As a consequence, the overall microstructure of the MT1 sintered at 1250 ºC is
clearly denser.
Figure 8. SEM micrograph of the MT1 sample after sintering at 1250 ºC.
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SEM micrographs of the fractured surfaces of the MT3 sample are presented in Fig. 9a-c. The
micrographs show the evolution of the microstructure of the MT3 sample as temperature in‐
creases. It may be noted that at 1210 ºC (Fig. 9a) and 1230 ºC (Fig. 9b), the microstructure is
characterized by few nearly spherical isolated pores associated with high degree of vitrifica‐
tion. At 1250 ºC (Fig. 9c), however, a more porous fractured surface can be observed. Larger
and more irregular pores can be seen. This effect suggests a gas evolution (gas trapped) for
higher petroleum waste additions. Thus, the incorporation of petroleum waste into floor tile
formulation brought about a relevant variation in the sintered microstructure.
Figure 9. SEM micrographs of the MT3 sample after sintering: a) 1210 ºC; b) 1230 ºC; and c) 1250 ºC.
3.4. Sintering behavior
In the manufacturing process of floor tiles the sintering step is critical.  On sintering, the
floor  tile  materials  undergo a  series  of  physical  and chemical  reactions  involving dehy‐
droxylation of clay minerals, partial melting of feldspar-quartz eutectic compositions, col‐
lapse of the silicate structure to formation of mullite and progressive dissolution of quartz
in the liquid phase.  These processes play an important role in the sintering behavior of
floor tile compositions.
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The dilatometric curve of the MT1 sample is shown in Fig. 10. As it can be seen, the sintering
behavior of the floor tile formulation is characterized by three main regions. The first region
(~ up to 895 ºC) is characterized by a negligible shrinkage. The second region within the ~
900 and 1100 ºC temperature range is characterized by a small shrinkage. In this tempera‐
ture range, the reorganization of the metakaolinite structure and initial formation of the liq‐
uid phase occur. In addition, the vitrification of the tile piece is already in progress. The
third region (above 1150 ºC) is characterized by a considerable shrinkage of the floor tile
pieces. It is plausible to consider that an abundant amount of liquid phase was formed, re‐
sulting in high densification. This is consistent with the dense microstructure of the MT1
samples sintered at 1250 ºC.
Figure 10. Dilatometric curve of the MT1 sample.
Figure 11. Dilatometric curve of the MT3 sample.
The dilatometric curve of the MT3 sample is shown in Fig. 11. The sintering behavior of the
MT3 sample compared with that of the MI1 sample shows small but important differences.
It seems that the petroleum waste tends to retard the densification of the tile pieces during
sintering. This could be related to the complex composition of the petroleum waste. In fact,
the petroleum waste used is composed of several mineral phases and oil (hydrocarbons).
The linear shrinkage of the floor tile pieces is shown in Fig. 12. The linear shrinkage indi‐
cates the degree of densification during sintering, and is a physical property very important
for dimensional control of the finished tile products.
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Figure 12. Linear shrinkage of the floor tile samples after sintering.
It is observed that the linear shrinkage presents different behaviors, depending on the sin‐
tering temperature range. This is consistent with the dilatometric curves (Figs. 10 and 11).
This means that the predominance of distinct sintering mechanisms in their temperature
range can occur. In the 600 and 950 ºC range, a small linear shrinkage (< 1%) was observed.
This low linear shrinkage suggests that the dominant sintering mechanism is surface diffu‐
sion [18]. In this temperature range prevails mainly the growth of necks between the miner‐
al particles coupled with significant specific surface area reduction. Moreover, the structural
reorganization of matakaolinite and initial melting of quartz-feldspar eutectics are already
underway. Between 1000 and 1100 ºC, a higher linear shrinkage can be observed. The forma‐
tion of mullite occurs. The formation of a larger amount of liquid phase also occurs. Above,
1100 ºC, however, the linear shrinkage accelerates resulting in high densification of the tile
pieces. In this case, the sintering is accompanied by the formation of a significant amount of
liquid phase. This liquid phase acts to densify the structure by liquid phase sintering. Vis‐
cous flow closing open porosity is the dominant sintering mechanism [19]. It can also be
seen in Fig. 12 that the shrinkage tends to be lightly lower for the samples containing petro‐
leum waste. Appearance of the floor tile pieces after sintering is presented in Fig. 13.
The apparent density of the floor tile pieces is shown in Fig. 14. The results show that, in
general, the density tends to lightly decrease with petroleum waste addition. Density
presents only a small variation up to ~ 1100 ºC. This occurred due to the combined inverse
effects of sintering and weight loss. As a matter of fact, the green tile pieces when heating up
to ~1000 ºC underwent weight loss, as shown in Fig. 4. Above 1100 ºC, a substantial increase
in density is observed. This behavior is in line with the formation of more abundant liquid
phase during sintering that fills the open pores. This is consistent with the microstructure
(Figs. 8 and 9) and linear shrinkage (Fig. 12).
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Figure 13. Appearance of the floor tile pieces after sintering.
The water absorption of the tile pieces is shown in Fig. 15. This property is related to the
microstructure, and also determines the open porosity level of the pieces. For sintering tem‐
peratures up to ~ 1100 ºC, the water absorption remains practically constant. Above 1100 ºC,
however, a strong decrease in water absorption is measured. This means that the sintering
accelerates above 1100 ºC and causes densification. The results also showed that the addition
of petroleum waste lightly increased the water absorption, except on temperatures above
1100 ºC. The variation of the apparent porosity (Fig. 16) is very similar to that observed for
the water absorption.























Figure 14. Apparent density of the floor tile samples after sintering.
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peratures up to ~ 1100 ºC, the water absorption remains practically constant. Above 1100 ºC,
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Figure 15. Water absorption of the floor tile samples after sintering.


































Figure 16. Apparent porosity of the floor tile samples after sintering.
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4. Conclusion
In this chapter the sintering behavior of vitrified floor tiles bearing petroleum waste was in‐
vestigated. It was found that the petroleum waste added influenced the chemical and min‐
eralogical compositions of the floor tile formulations. It was also found that the sintering
behavior was influenced by the petroleum waste and sintering temperature. Distinct sinter‐
ing regions were observed. For the region above 1100 ºC, with predominance of the viscous
flow sintering mechanism, important changes of the physical properties and sintered micro‐
structure occurred. XRD analysis confirmed the mineralogical changes during sintering.
Moreover, it was also observed that the petroleum waste tends retard the densification proc‐
ess of the floor tile pieces. It implies, therefore, that additions of very high petroleum waste
amounts in the floor tile formulation should be avoided, because it affects the densification
and technical properties of sintered floor tiles.
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Figure 15. Water absorption of the floor tile samples after sintering.


































Figure 16. Apparent porosity of the floor tile samples after sintering.
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4. Conclusion
In this chapter the sintering behavior of vitrified floor tiles bearing petroleum waste was in‐
vestigated. It was found that the petroleum waste added influenced the chemical and min‐
eralogical compositions of the floor tile formulations. It was also found that the sintering
behavior was influenced by the petroleum waste and sintering temperature. Distinct sinter‐
ing regions were observed. For the region above 1100 ºC, with predominance of the viscous
flow sintering mechanism, important changes of the physical properties and sintered micro‐
structure occurred. XRD analysis confirmed the mineralogical changes during sintering.
Moreover, it was also observed that the petroleum waste tends retard the densification proc‐
ess of the floor tile pieces. It implies, therefore, that additions of very high petroleum waste
amounts in the floor tile formulation should be avoided, because it affects the densification
and technical properties of sintered floor tiles.
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1. Introduction
The main requirements of microwave circuit technology for wireless applications are a com‐
bination of high performance circuit, high integration density and frequency stability with a
cost effective price [1-2]. Ceramic technology is particularly well suited to these require‐
ments due to the superior performance of their electrical, electromechanical, dielectric and
thermal properties in order to satisfy the many complex tradeoffs involved in electronic de‐
vices to meet many of today’s and future needs [3]. However, as the demand for revolution‐
ary changes in mobile phone and other communication systems using microwave as a
carrier is increasing, the usage of ceramics may have reached at a certain limit. Thus, contin‐
uous research on this ceramic technology is urgently required in order to get an advanced
improvement and innovation in the material properties in conjunction with the rapid
change of required device characteristics. Although we may sometimes experience misera‐
ble insufficiency of accumulated knowledge in regard to basic research, it is believed that
these research activities can contribute immeasurably to give scientific and technological un‐
derstanding which is very important especially for the new engineer and researcher.
‘Ceramic’ is derived from the Greek word ‘keramos’ which means potters clay or pottery [4].
This material is usually used as ceramic-ware such as floor tiles. However the demand for
ceramics is becoming more important in helping electronic devices to attain better perform‐
ance for medical, global communication, military and other uses. Their introduction as engi‐
neering components in recent years has been based upon considerable scientific effort and
has revolutionized engineering design practice. The development of engineering ceramics
has been stimulated by the drive towards higher, more energy-efficient, process tempera‐
tures and foreseeable shortages of strategic minerals. Since 1750 ceramics materials have
been used for the chemical industry, electrical insulation and especially for being heat resist‐
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The main requirements of microwave circuit technology for wireless applications are a com‐
bination of high performance circuit, high integration density and frequency stability with a
cost effective price [1-2]. Ceramic technology is particularly well suited to these require‐
ments due to the superior performance of their electrical, electromechanical, dielectric and
thermal properties in order to satisfy the many complex tradeoffs involved in electronic de‐
vices to meet many of today’s and future needs [3]. However, as the demand for revolution‐
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carrier is increasing, the usage of ceramics may have reached at a certain limit. Thus, contin‐
uous research on this ceramic technology is urgently required in order to get an advanced
improvement and innovation in the material properties in conjunction with the rapid
change of required device characteristics. Although we may sometimes experience misera‐
ble insufficiency of accumulated knowledge in regard to basic research, it is believed that
these research activities can contribute immeasurably to give scientific and technological un‐
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ceramics is becoming more important in helping electronic devices to attain better perform‐
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neering components in recent years has been based upon considerable scientific effort and
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ant to withstand the heating effects of high frequency electromagnetic fields. The last-men‐
tioned property is crucial for radio and television broadcasting. The electro ceramics such as
magnetic ceramics (Ferrites) and electrochemical ceramics (piezoelectric ceramics) were sub‐
sequently developed [5]. Presently, the ceramic packaging and multilayer substrate process
have received much worldwide attention in response to an increasing demand for circuit
miniaturization and higher performance device have led to the development of the Low
Temperature Co-fired Ceramic (LTCC) technology.
1.1. An overview of low temperature co-fired ceramic (LTCC) technology
LTCC is a multilayer substrate technology for device integration. This technology has been
growing continuously since the appearance of the first commercial cofired ceramic product for
robust capacitors in the early 60’s [6]. In the standard LTCC technology ceramic green tapes are
processed by punching and screen printed to form vertical interconnect and planar conductor
patterns, laminated and finally fired at 850 ºC to form a highly integrated substrate. The low
sintering temperature provided by the LTCC technology is the key factor enabling its advanta‐
geous utilization for today’s packaging concepts in microwave modules [2].The main motiva‐
tion for the use of the LTCC technology is the possibility of fabricating three dimensional
circuits using multiple ceramic layers allowing more complex design circuits and device struc‐
tures. A simple diagram of an LTCC substrate is presented in Figure 1. Through this technolo‐
gy a highly integrated package which contains embedded passive parts which increase the
level of circuit function can be realized [7-11]. Besides, LTCC modules or packages provide a
hermetic multilayer interconnection structure with very uniform and stable frequency and
temperature dependent properties. Furthermore they also allow high density of lines through‐
out the part, are able to construct various geometries of interconnects by layer cut outs and
have good heat transfer ability [12]. In contrast to the conventional ceramic technology, this
technology which uses the ceramic material as the main ingredient is growing continuously es‐
pecially for industrial and telecommunication area due to the low investment and short proc‐
ess development in addition to the flexibility of the technology including obtaining interesting
properties of the ceramic material itself by controlled processing methodology [13-14]. More‐
over, high fired density with repeatable shrinkage and frequency characteristics are necessary
for high performance and low cost modules.
Figure 1. Multilayer ceramic substrates
LTCC is a system consisting of a glass ceramic dielectric composition which can be descri‐
bed as a polycrystalline material formed by controlled crystallization of glass [15-17]. This
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composite material consists of multi-components inside the multilayer structure involving
more than one component, more than a single phase and complex morphology. The prepa‐
ration of this composite system is not an easy task because its properties are known to de‐
pend significantly on the chemical and physical properties of the starting raw materials [17],
chemical composition, chemical purity, homogeneity of particle size distribution and the na‐
ture of grains and pores (size, shape, orientation) in the conductor surface and the glass-ce‐
ramic composite. Consequently, accurate characterization of the starting powders is
essential to achieve high quality and reproducible production of current materials and to de‐
velopment of new materials with optimized or designed properties [18]. Furthermore, the
variation of sintering temperatures and chemical composition of the composite also strongly
changes the properties of the substrate, so in order to obtain a high quality product, a special
working knowledge of ceramic science is needed for a judicious and scientifically reasoned
choice of starting constituents that could yield desired properties for required applications.
A multilayer component or microelectronic device requires a highly conductive metal to be
used for internal circuitry pattern to obtain a high quality factor and should have a low
melting point to co-fire together with the substrate [19]. Conductors are the carriers of elec‐
trical current and substrate are the carriers of electromagnetic waves that are related to the
current being carried in the conductors. The conductors also must be match with other com‐
ponents in the LTCC substrate in terms of shrinkage and thermal coefficient expansion. So
the right selection of the conductor is necessary because it will determine the overall system
cost and will impact on the product reliability. A silver conductor is the most commonly
used for this purpose due to its low resistivity, low cost, low melting point and being com‐
patible with the high performance substrate, thus providing good electrical properties and
good adhesion to the substrate [20-21].
The studies on glass-ceramic systems related to the dielectric and structural properties of
CaO-B2O3-SiO2 (CBS) for the LTCC technology have been previously reported by some re‐
searchers [22-24]. In 1992, the crystallization behavior of a non-alkali glass system was inves‐
tigated by Ota and his-coworkers, 1992 [25]. They concluded that with an addition of
wollastonite (CaOSiO2) powder, the crystallization of the glass can be controlled. Jean et al.,
1995 [26] reported a systematic study on the densification kinetic mechanism of glass-com‐
posite. They found that the addition of cordierite glass (CG) to the low binary glass (Borosi‐
licate glass-BSG) significantly slowed down the densification kinetics but increased the
activation energy of densification. It could be attributed to the strong coupling reaction
which takes place between BSG and CG during sintering. More recently Wang et al., (2011)
[27] investigated the structure evolution process for CSB glass ceramic powder for LTCC ap‐
plication. The prepared powder exhibits an amorphous network structure with steady Si–O
and B–O bonds after heat treatment at 600 °C, in which Ca2+ is distributed. They also found
that the main phases in the CBS glass ceramic are CaSiO3 and CaB2O4, which made the as-
sintered CBS glass ceramic to have excellent dielectric properties. Presently research on the
CBS system has been carried out by Zhou et al., 2012 [28] on the effect of La2O3–B2O3 on the
flexural strength and microwave dielectric properties of the low temperature co-fired CaO–
B2O3–SiO2 glass–ceramic. They found that LB addition promotes the crystallization of the
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plication. The prepared powder exhibits an amorphous network structure with steady Si–O
and B–O bonds after heat treatment at 600 °C, in which Ca2+ is distributed. They also found
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CaSiO3 but a highly amount of the LB addition leads to the formation of more pores, which
is due to the liquid phase formed during the sintering process.
The effect of sintering temperature variations on microstructure changes of the CaO-B2O3-
SiO2 glass-ceramic system has been carried out before [29]. In this chapter, an extension of
some previous studies has been made to investigate the effect of sintering temperature on
the structural properties and the dielectric properties in the range of 10 KHz to 10 MHz at
room temperature. The work was constructed as follows: A low temperature co-fired ceram‐
ic substrate was prepared by laminating eight layers of ceramic-glass tape to study the rela‐
tion of different sintering temperatures, 800ºC, 825ºC, 850 ºC, 875 ºC and 900ºC, on density
and shrinkage of the whole substrate. The evolution of microstructural changes of the sub‐
strate was also studied and observed by using scanning electron microscopy. The density
and the shrinkage of the substrate did not show any significant trend with increased sinter‐
ing temperature. The main aim of this work is to analyze the changes of permittivity, dissi‐
pation factor and structural performance with varied sintering temperatures of laminated
substrates. Thus these perhaps would provide good information for making high quality
substrate materials comparable with those available in the market.
1.2. Sintering
Sintering forms the key stage of the fabrication route in which powder or sample is heated
to a certain temperature and converted to the dense body by removal of pores between the
starting particles (accompanied by shrinkage of the component) [30]. It involves heat treat‐
ment of powder compacts at elevated temperatures, where diffusional mass transport is ap‐
preciable which results in a dense polycrystalline solid [31]. The criteria that should be met
before sintering can occur are (i) a mechanism for material transport must be present (ii) a
source of energy to activate and sustain this material transport must be present. The pri‐
mary mechanisms for transport are diffusion and viscous flow. Heat is the primary source
of energy, with energy gradients due to particle contact and surface tension. A ceramist,
physicist, chemist and metallurgist have to work together to produce a material with partic‐
ular properties, must identify the required microstructure and must then design processing
conditions that will produce this required microstructure. The objective of sintering studies
is therefore normally to identify and understand how the processing variables such as tem‐
perature, particle size, applied pressure, particle packing, composition and sintering atmos‐
phere influence the microstructure that is produced.
Thermodynamically, sintering is an irreversible process in which during this process the
constituent atoms redistribute themselves in such a way as to minimize the free energy of
the system. It involves consolidation of the powder compact by diffusion on an atomic scale
resulting in reduction of surface area by grain boundary formation, neck growth between
particles and densification of the system (Figure 2) [32-33]. The principal goal of sintering is
the reduction of compact porosity. The effect of sintering temperature variations on the
physical properties and microstructure of the finished product has always been a subject of
great importance in ceramic literature since several decades ago [34-37]. The development of
microstructure and densification during sintering is a direct consequence of mass transport
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through several possible paths and one of these paths is usually predominant at any given
stage of sintering [38]. They are (i) evaporation/condensation (ii) solution/precipitation (iii)
lattice diffusion (iv) bulk diffusion and (v) surface diffusion or grain boundary diffusion
with neck surface diffusion and any combination of these mechanisms. Through the differ‐
ent diffusion mechanisms, matter moves from the particles into the void spaces between the
particles, causing densification and resulting in shrinkage of the part and thus the micro‐
structural developments will occur [39-40]. Several variables influence the rate of sintering.
Some of them are initial density, material, particle size, sintering atmosphere, temperature,
time and heating rate. The sintering phenomena are of two types: 1) Solid-state sintering,
where all densification is achieved through changes in particle shape, without particle rear‐
rangement and 2) liquid-phase sintering, where some liquid that is present at sintering tem‐
peratures aids compaction.
Figure 2. Diffusion process.
1.2.1. Sintering of LTCC substrate
In  an LTCC technology,  the  sintering process  of  a  glass-ceramic  substrate  is  one of  the
most important steps from the green laminate to the final product. In this step, a ceram‐
ic and a metal conductor would densify simultaneously at the same firing profile and at
similar  densification and shrinkage rate.  Any mismatch between the sintering shrinkage
of the electrode and the dielectric substrate induces stress which later will affects the de‐
vice  performance  [41].  During  this  process  particles  are  bonded  together  by  heating  to
form sturdy solid bodies [42]. A good sintering profile stage for a dense and crystallized
glass-ceramic  should  consider  several  factors  i.e.  1)  the  transition  temperature  of  glass,
Tg, which determines the starting sintering temperature. For all ceramic materials includ‐
ing LTCC substrates,  it  is  important  that  no sintering occur before  the complete  binder
burn-out.  The  binder  burn-out  stages  is  complex  and historically  least  understood [43].
This  is  because  mass/heat  transport,  chemical  kinetics  and  binder  distribution  interact
with  each  other  to  determine  the  binder  burn-out  characteristics.  The  volatiles  are  pro‐
duced at a rate which depends on the amount of heat available. The binder distribution
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CaSiO3 but a highly amount of the LB addition leads to the formation of more pores, which
is due to the liquid phase formed during the sintering process.
The effect of sintering temperature variations on microstructure changes of the CaO-B2O3-
SiO2 glass-ceramic system has been carried out before [29]. In this chapter, an extension of
some previous studies has been made to investigate the effect of sintering temperature on
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tion of different sintering temperatures, 800ºC, 825ºC, 850 ºC, 875 ºC and 900ºC, on density
and shrinkage of the whole substrate. The evolution of microstructural changes of the sub‐
strate was also studied and observed by using scanning electron microscopy. The density
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pation factor and structural performance with varied sintering temperatures of laminated
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substrate materials comparable with those available in the market.
1.2. Sintering
Sintering forms the key stage of the fabrication route in which powder or sample is heated
to a certain temperature and converted to the dense body by removal of pores between the
starting particles (accompanied by shrinkage of the component) [30]. It involves heat treat‐
ment of powder compacts at elevated temperatures, where diffusional mass transport is ap‐
preciable which results in a dense polycrystalline solid [31]. The criteria that should be met
before sintering can occur are (i) a mechanism for material transport must be present (ii) a
source of energy to activate and sustain this material transport must be present. The pri‐
mary mechanisms for transport are diffusion and viscous flow. Heat is the primary source
of energy, with energy gradients due to particle contact and surface tension. A ceramist,
physicist, chemist and metallurgist have to work together to produce a material with partic‐
ular properties, must identify the required microstructure and must then design processing
conditions that will produce this required microstructure. The objective of sintering studies
is therefore normally to identify and understand how the processing variables such as tem‐
perature, particle size, applied pressure, particle packing, composition and sintering atmos‐
phere influence the microstructure that is produced.
Thermodynamically, sintering is an irreversible process in which during this process the
constituent atoms redistribute themselves in such a way as to minimize the free energy of
the system. It involves consolidation of the powder compact by diffusion on an atomic scale
resulting in reduction of surface area by grain boundary formation, neck growth between
particles and densification of the system (Figure 2) [32-33]. The principal goal of sintering is
the reduction of compact porosity. The effect of sintering temperature variations on the
physical properties and microstructure of the finished product has always been a subject of
great importance in ceramic literature since several decades ago [34-37]. The development of
microstructure and densification during sintering is a direct consequence of mass transport
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through several possible paths and one of these paths is usually predominant at any given
stage of sintering [38]. They are (i) evaporation/condensation (ii) solution/precipitation (iii)
lattice diffusion (iv) bulk diffusion and (v) surface diffusion or grain boundary diffusion
with neck surface diffusion and any combination of these mechanisms. Through the differ‐
ent diffusion mechanisms, matter moves from the particles into the void spaces between the
particles, causing densification and resulting in shrinkage of the part and thus the micro‐
structural developments will occur [39-40]. Several variables influence the rate of sintering.
Some of them are initial density, material, particle size, sintering atmosphere, temperature,
time and heating rate. The sintering phenomena are of two types: 1) Solid-state sintering,
where all densification is achieved through changes in particle shape, without particle rear‐
rangement and 2) liquid-phase sintering, where some liquid that is present at sintering tem‐
peratures aids compaction.
Figure 2. Diffusion process.
1.2.1. Sintering of LTCC substrate
In  an LTCC technology,  the  sintering process  of  a  glass-ceramic  substrate  is  one of  the
most important steps from the green laminate to the final product. In this step, a ceram‐
ic and a metal conductor would densify simultaneously at the same firing profile and at
similar  densification and shrinkage rate.  Any mismatch between the sintering shrinkage
of the electrode and the dielectric substrate induces stress which later will affects the de‐
vice  performance  [41].  During  this  process  particles  are  bonded  together  by  heating  to
form sturdy solid bodies [42]. A good sintering profile stage for a dense and crystallized
glass-ceramic  should  consider  several  factors  i.e.  1)  the  transition  temperature  of  glass,
Tg, which determines the starting sintering temperature. For all ceramic materials includ‐
ing LTCC substrates,  it  is  important  that  no sintering occur before  the complete  binder
burn-out.  The  binder  burn-out  stages  is  complex  and historically  least  understood [43].
This  is  because  mass/heat  transport,  chemical  kinetics  and  binder  distribution  interact
with  each  other  to  determine  the  binder  burn-out  characteristics.  The  volatiles  are  pro‐
duced at a rate which depends on the amount of heat available. The binder distribution
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is  also  influenced  by  the  thickness  which  means  that  the  organics  near  the  surface  re‐
move quicker than the inner organics.  The binder decomposition temperature is  usually
in the range of 450 ºC - 750 ºC and recommended for a firing temperature of 850-950 ºC.
A melting point below 450 ºC usually causes the organic material to be encapsulated re‐
sulting in blister forming in the dielectric layer as the organic decomposes [44]. The glass
transition temperature determined by the composition of the glassy phase and is not af‐
fected by the presence of the crystal [45]. 2) Crystallization temperature (Tp) which deter‐
mines  the  temperature  that  the  crystal  phase  starts  to  grow.  When  the  crystallization
occurs the densification process rates is  decreased.  The crystallization of  a glass-ceramic
system  usually  occurs  below  950  ºC.  3)  Sintering  rate;  glass-ceramic  substrates  can  be
fully sintered before densification which depends on the sintering rate.  Factor 1)  and 2)
contribute significantly in the temperature region for efficient densification.
According to Imanaka (2005) [46], the optimum firing temperature for an LTCC material
is  very  important  to  achieve  better  performance  of  the  LTCC module.  So,  the  co-firing
process of  an LTCC substrate should be carefully controlled and monitored. The binder
burn-out stage depends on the part size, the number of layers and the amount of metal‐
lization and should be  considered as  a  starting point  for  the  co-firing process  of  LTCC
materials.  At  this  stage  the  binder  in  the  laminates  must  be  completely  removed  after
binder burn-out to make sure the joining of  the layers are in good condition.  The driv‐
ing force for the joining of the tape is generally attributed to the surface tension of parti‐
cles that exists during the burn-out process. The mechanism of binder removal transport
are limited to the viscous flow, evaporation, condensation, volume diffusion and surface
diffusion of binder phase which occurs at the interphase of the porous microstructure of
the  green  tape  and these  causes  capillary  forces  to  arise  [47].  These  forces  result  in  an
approach of the ceramic layers towards to each other. Ceramic particles close enough af‐
ter  binder  removal  between ceramic  layers,  the  particles  at  the  edge can rearrange and
move so that the ceramic layers interpenetrate each other and make a homogenous junc‐
tion due to capillary force resulting in a laminate free of defects [48].
1.3. An overview of dielectric properties
The  ceramic  material  provides  the  dielectric  properties  where  the  relative  permittivity
and dissipation factor of  LTCC dielectrics become more important as frequency increas‐
es. It has been found that this parameter can be varied, therefore their values have to be
determined before the design of  any module or circuit  can be started.  In the microelec‐
tronics industry, the development of high speed interconnects for semiconductor devices
demands  new  packaging-style  technology  to  meet  high-speed  signal  processing  with
high density and high frequency pulse requirements for multi-chip modules. To improve
the performance of high speed systems, not only must high speed IC devices be exploit‐
ed but also the signal delay in the substrate has to be reduced because the propagation
delay time greatly depends upon the dielectric constant of the substrate [49-51]. The sig‐
nal propagation delay time is given by [52]:
Sintering Applications94






l: signal transmission length
εr dielectric constant of the substrate
c : speed of light
There are two ways to reduce the delay time by shortening the transmission length by:
1. forming fine patterns and many multilayers
2. lowering the dielectric constant
The relative permittivity values of commercial LTCCs which are usually measured at low
frequency are in the range 3-10 as shown in Figure 3.
Figure 3. Variation of propagation delay as a function of permittivity of ceramic materials [50]
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According to Wakino et al., (1987) [53], the permittivity is especially important because the
length of a resonator is inversely proportional to the square root of the permittivity. Thus
the footprint of RF components operating at low frequencies can increase to an inconvenient
size if the εr is low. On the other hand, materials with too large a permittivity can also cause
problems because they need narrow and accurate lines for proper impedance matching. In a
later work by Sasaki and Shimada, 1992 and Kellerman et al., 1998, they noted that the low
dielectric is necessary to shorten the delay per unit length and the total wiring length in or‐
der to reduce propagation delay for signal transmission speed with minimum attenuation
[54,55]. Besides, the dielectric constant is also important to control the impedance of micro‐
wave and RF circuits to within a few percent of a nominal value so as to minimize energy
reflections at interfaces between the circuit tracks and circuit components. In the RF world,
circuit components, as well as input and output impedance, are generally 50Ω. Therefore
circuit track impedance should be 50Ω as well [16]. The recent progress in microwave tele‐
communication, satellite broadcasting and intelligent transport system has resulted in an in‐
creasing demand for a dielectric resonator with low loss pucks which are used mainly in
wireless communication devices [56]. NIL (Figure 3).
Besides appropriate dielectric constant, low dielectric loss is also an important property of
the substrate material for microelectronic packaging with high propagation speed [57-58].
The dielectric constant (permittivity) describes the material behavior in the electric field and
consists of a real part, ε’, called the dielectric constant, and an imaginary part, ε”, called the
dielectric loss factor. Thus, the permittivity is expressed as;
*  ’  ”e e je= - (2)
where the dielectric constant represents the ability of a material to store electric energy and the
dielectric loss factor describes the loss of electric field energy in the material. At microwave fre‐
quencies, ionic and electronic polarization mechanisms contribute predominatly to the net di‐
pole moments and the permittivity as depicted in Figure 4 which basically have four basic
mechanisms contributing to polarization [16]: 1) Electronic polarization, 2) Ionic/atomic polari‐
zation, 3) Molecular/dipole/orientation polarization and 4) Space charge polarization.
A low dissipation factor, DF is also required for low electrical losses in dielectric materials
particularly at high frequency [59]. Dissipation factor or loss tangent (tan δ) is the ratio of











The loss tangent or loss angle may be used to determine how lossy a medium is. A medium
is said to be a good (lossless or perfect) dielectric if tan δ is very small (σ << ωε’) or a good
conductor if tan δ is very large (σ >> ωε’). The characteristic behavior of a medium also de‐
pends on the operational frequency (f = ω/2π). A medium that is regarded as a good conduc‐
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tor at low frequency may be a good dielectric at high frequencies. The simplest way to
define dissipation factor (loss tangent) is the ratio of the energy dissipated to the energy
stored in the dielectric material. The more energy that is dissipated into the material the less
is going to make it to the final destination. This dissipated energy typically turns into heat or
is radiated as RF (Radio Frequencies) into the air. The optimal goal is to have 100% of the
signal pass through the interconnection network, and not be absorbed in the dielectric. With
“high power” signals, a material with a large dissipation factor could result in the develop‐
ment of a tremendous amount of heat, possibly culminating in a fire (advanced dielectric
heating). When the signals are very weak a high loss material means that little or no signal is
left at the end of the transmission path. In order to retain maximum signal power, a low loss
material should be used [61].
Figure 4. Polarization mechanisms [32].
As well known, the dielectric loss tangent of materials denotes quantitatively dissipation of
the electrical energy to the different physical process such as electrical conduction, dielectric
relaxation and loss from linear processes. The total dielectric loss is the sum of intrinsic and
extrinsic loss. Intrinsic dielectric loss depends on the crystal structure and can be described
by the interaction of the phonon system with the AC electric field. The ac electric field alters
the equilibrium of the phonon system and the subsequent relaxation associated with energy
dissipation. The extrinsic losses are associated with the imperfections in the crystal lattice
such as impurities, microstructural defects, grain boundary, porosity, microcrack, random
crystallite orientation, dislocations, vacancies, dopant etc. The extrinsic losses are caused by
lattice defects and therefore can be in principle eliminated or reduce to the minimum by
proper material processing [62].
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2.1. Multilayer substrate process
The multilayer process was carried out using the LTCC process flow as shown in Figure 5. It
started with cutting the Ferro A6S tape for the required dimension (204 mm x 204 mm) us‐
ing a die cutting machine ATOM SE 20C to suit with the printing table dimension. Via hole
filling with CN 33-407 was carried out using the manual filling process before printing the
pattern onto the substrate using the suggested printing parameter with CN 33-391 for the
surface and inner conductor on a KEKO P-200Avf Screen Printer Machine. The printed pat‐
tern and via hole filling were dried in an oven at 70 ºC for 10 minutes to avoid the printed
pattern in one layer from adhering to each other during the stacking process. The printed
pattern was then stacked using a manual stacker plate as shown in Figure 6. A simple and
low cost mechanical fixture with alignment pins can be used to accomplish the stacking
process layer by layer before insertion into an aluminum bag and vacuumed to remove the
air in order to avoid the presence of warpage and delamination problems.
Figure 5. LTCC Multilayer Fabrication Process Flow.
Then the lamination process was performed by using an isostatic laminator system under
pressure and temperature of 21 MPa and 70 ºC respectively to ensure that the layers of the
stack were well adhered to each other to form a compact multilayer substrate. This process
used heated water which acted as a medium to uniformly distribute the force of lamination.
It minimized the delamination and gave more uniform shrinkage which improved the yield
of complex parts. Finally, the laminated substrate was placed on the setter material in a Na‐
berthem tube furnace and fired using a sintering profile as suggested by the tape manufac‐
turer [63]. The setter material must be properly selected to suit the LTCC material set and
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fabrication process [64]. This sintering stage for cofiring the materials is very important in
the process methodology and can affect the microstructure and properties of ceramics.
Through the sintering process, a transformation from the original porous compact to a dense
ceramic takes place.In this process a specific temperature time profile which depends of the
glass-ceramic mixture has to be observed during the firing process. A typical practice for the
sintering cycle is to heat up the furnace from room temperature to 450 ºC with a gradient of
about 2 ºC/min to remove the organic solvent and 6-8 ºC/min from 450 ºC to 850 ºC at which
the sintering process of the composite material starts. The temperature remains constant for
10 minutes to finish the sintering. A controlled cooling of the furnace which takes at least
three to eight hours (depending on material; thick or large size) causes the need to modify
the firing profile. The process was repeated for sintering at 800 ºC, 825ºC, 850 ºC, 875 ºC and
900ºC using the same profile as shown in Figure 7.


























Figure 7. Firing profile for multilayer structure [63]
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Figure 7. Firing profile for multilayer structure [63]




The density of the samples was measured using an electronic densitometer. The microstruc‐
ture of the top surface of the ceramic dielectric tape was observed by FEI-Nova NanoSEM
Field-Emission Scan (FE-SEM). Most of the samples were imaged several times, with at least
three pictures in each case, from different areas of the sample holder. The average grain size
was calculated using the line intercept method. The EDX spectrum was used to identify ele‐
ments within a sample.
The shrinkage along the compaction direction and the diametrical shrinkage were meas‐











The shrinkage during firing depends on the reactivity of material, binder content and the
firing conditions (temperature, time and atmosphere). So the control of all the parameters is
important to achieve acceptable values of shrinkage which will finally be used for circuit de‐
signing. The set of data for density and shrinkage percentage for all substrates will be dis‐
cussed; this will take into account the composition of LTCC materials and the effect of
sintering temperatures on microstructure.
Dielectric properties measurements (dielectric loss, dielectric constant and loss tangent) of
the eight layers of the substrate materials were measured using Novocontrol Impedance/
Material Analyzer in the range of 10 KHz to 10 MHz at room temperature. The eight dum‐
my layers were used to make sure an easy handling due to single layer tape is only about 10
micron in thickness. This instrument is very useful and has high accuracy for dielectric
properties measurement. Before the substrate material was measured, the analyzer should
be warmed up for about 30 minutes after switching on the analyzer for all specifications.
The dielectric measurements were made using flat substrate surfaces. The top and bottom
surface of the substrate were coated with silver conductive paint to make sure they had a
good contact with the sample holder plates.
3. Results and discussion
3.1. Shrinkage and density
The properties of the final ceramic composite materials depend on the sintered density of
the whole substrate. A stacked and laminated LTCC substrate before firing consists of a rela‐
tively porous compact of oxides in combination with a polymer solvent. During sintering
the organic solvent evaporates and the oxides react to form crystallites, or grains of the re‐
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quired composition, the grains nucleating at discrete centers and growing outwards until
the boundaries meet those of the neighboring crystallites. During this process, the density of
the material rises; if this process were to yield perfect crystals meeting at perfect boundaries
the density should rise to the theoretical maximum, i.e. the x-ray density, which is the mate‐
rial mass in a perfect unit crystal cell divided by the cell volume. In practice imperfections
occur and the sintered mass has microscopic voids both within the grains and at the grain
boundaries. The resulting density is referred to as the sintered density. The density of the
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where Wa = weight of sample in air; Ww = weight of sample in water;











800 1.725 2.379 1.023 16.445 0.211
825 1.733 2.372 0.989 16.3 0.214
850 1.733 2.415 1.131 16.42 0.20
875 1.731 2.365 0.971 15.52 0.217
900 1.785 2.412 1.034 16.79 0.201
Table 1. Physical properties of LTCC tape samples fired at various sintering temperatures
The densification behavior is described as densification factor (DF) as a function of time. The













Where Ds is the instantaneous sintered density, Dg is the green density and DTH is the theo‐
retical density calculated for the composite by the mixture rule. The data of green density,
sintered density, shrinkage, percentage of porosity and the densification factor of the LTCC
substrates fired at various temperatures are tabulated in Table 1. The density and linear
shrinkage as a function of sintering temperature for all the substrates is plotted in Figure 8.
The sintered density of the substrates material was between 2.365 -2.412 g/cm3 or about 79%
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The dielectric measurements were made using flat substrate surfaces. The top and bottom
surface of the substrate were coated with silver conductive paint to make sure they had a
good contact with the sample holder plates.
3. Results and discussion
3.1. Shrinkage and density
The properties of the final ceramic composite materials depend on the sintered density of
the whole substrate. A stacked and laminated LTCC substrate before firing consists of a rela‐
tively porous compact of oxides in combination with a polymer solvent. During sintering
the organic solvent evaporates and the oxides react to form crystallites, or grains of the re‐
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quired composition, the grains nucleating at discrete centers and growing outwards until
the boundaries meet those of the neighboring crystallites. During this process, the density of
the material rises; if this process were to yield perfect crystals meeting at perfect boundaries
the density should rise to the theoretical maximum, i.e. the x-ray density, which is the mate‐
rial mass in a perfect unit crystal cell divided by the cell volume. In practice imperfections
occur and the sintered mass has microscopic voids both within the grains and at the grain
boundaries. The resulting density is referred to as the sintered density. The density of the
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where Wa = weight of sample in air; Ww = weight of sample in water;











800 1.725 2.379 1.023 16.445 0.211
825 1.733 2.372 0.989 16.3 0.214
850 1.733 2.415 1.131 16.42 0.20
875 1.731 2.365 0.971 15.52 0.217
900 1.785 2.412 1.034 16.79 0.201
Table 1. Physical properties of LTCC tape samples fired at various sintering temperatures
The densification behavior is described as densification factor (DF) as a function of time. The













Where Ds is the instantaneous sintered density, Dg is the green density and DTH is the theo‐
retical density calculated for the composite by the mixture rule. The data of green density,
sintered density, shrinkage, percentage of porosity and the densification factor of the LTCC
substrates fired at various temperatures are tabulated in Table 1. The density and linear
shrinkage as a function of sintering temperature for all the substrates is plotted in Figure 8.
The sintered density of the substrates material was between 2.365 -2.412 g/cm3 or about 79%
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of the theoretical density of 3.018 g/cm3. The density obtained is found to be lower than that
produced by other researchers [65-66].The total pores are directly related to the density.
Therefore the higher heat treatment is believed to have removed a fraction of the pores. In
this work all the samples had roughly similar amounts of porosity.
The linear shrinkage of the substrate material also fluctuates with increased sintering tem‐
perature. However, it is still in the standard values within the XY shrinkage range of about
14-17 %. In commercial production, the designed shrinkage is generally between 12-16 % for
the XY direction and 20-25 % for the Z direction. The shrinkage is the key factor and the ma‐
jor technical problems in the LTCC technology. The repeatability and consistency of the
shrinkage percentage must be the top criteria when designing an LTCC product. This is be‐
cause the shrinkage of the LTCC substrate depends on the reactivity of the co-fired material
containing ceramic oxides, glass, metal, organic solvent and also the firing conditions such
as temperature, time and ambient air [29]. Better reproducibility increases the uniformity of
finished product characteristics and therefore increases the process yield. It is not an easy
task because all process parameters (lamination, binder burnout, sintering, etc) and material



































Figure 8. Relation of densification and shrinkage as a function of sintering temperature.
The density and shrinkage are highly microstructure sensitive. They are very much influ‐
enced by the way the samples are processed, grain size, chemical homogeneity and the pres‐
ence of pores where all of these characteristics depend on the particle size, size distribution,
particle packing density and particle orientation in ceramic powders and reactivity of the
powder including the physical attributes of the green compacts [68]. Apart from the size dis‐
tribution of the powder employed, the outcome is impacted by the other factors such as dis‐
persion, solid loading and the heterogeneities in multicomponent systems [68-71]. Small
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particle size and narrow size distribution may increase the shrinkage rate. A higher shrink‐
age rate means a good densification process which is due to a good particle distribution con‐
tributing to the good particle packing of the samples and giving high density of the tape.
These results may be attributed to the preparation condition and the problem of starting raw
material used in this work. It finally produced a bad substrate. Keizer and his co-workers in
1973 mentioned in their work that the electrical properties of a ceramic material of a given
composition depend primarily on the chemical homogeneity and the average particle size.
The value of these characteristics is considered to be the results of quality of starting raw
materials as well as of the preparation condition since the density is considered as the most
sensitive property [72]. Furthermore, the material quality of the finished product and proc‐
ess conditions also must be optimized in micro and macro structures in order to make sure
the work in progress is highly repeatable at each process step [46]. All science and technolo‐
gy knowledge including technical skills regarding the LTCC fabrication process should be
applied to achieve desired shrinkage data; the process engineer must have proper protocol
to control the critical process variables.
3.2. Microstructure
Microstructural  characterization has been used since many years ago in attempts to un‐
derstand the crystallization mechanism of complex and multiphase ceramics which plays
an important  role  in the improvement of  the thermal,  electrical  and mechanical  proper‐
ties [73]. It covers by the microstructural features such as phases, crystalline morphology,
crystallography and the  chemistry  of  the  interfaces.  According to  Yamaguchi,  1987,  the
desirable properties at  high frequency cannot be determined only by chemical  composi‐
tion or crystal phase alone but also require the true characteristics of the microstructure
which depend primarily on the sintering temperature,  packing density and packing ho‐
mogeneity of the green body which, in turn, are controlled by the powder characteristics
and the method used to form the green body [42]. Generally, microstructure control dur‐
ing  firing  becomes  less  difficult  when the  homogeneity  of  the  green  body is  improved
since a sintered structural ceramic body should have a chemically and physically homo‐
geneous microstructure [74].  Thus for the same green density,  improved packing homo‐
geneity leads to improved sinterability in the form of higher sintered density at a given
sintering where fine particles  tend to be active and sinter  more readily at  a  given tem‐
perature especially in the presence of a liquid phase [75-76].
The effects of sintering temperature on microstructure of glass-ceramic tape are shown in
Figure 9. It is clearly seen that there is inhomogeneous microstructure for the entire sample
with some sample showing a big size pore meaning that probably only a few crystallite sizes
are present in the bulk samples. This feature of the microstructure could be due to the pres‐
ence agglomeration within the sample. The agglomerated tape however leads to lower den‐
sities with large shrinkage deviations in particular direction giving a poor quality [77]. NIL.
In the LTCC process, some particles are densely packed and some particles are loosely
packed due to the agglomeration of particles at some places. The presence of agglomeration
is a common problem in ceramics processing and influences the microstructure behavior of
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of the theoretical density of 3.018 g/cm3. The density obtained is found to be lower than that
produced by other researchers [65-66].The total pores are directly related to the density.
Therefore the higher heat treatment is believed to have removed a fraction of the pores. In
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geneous microstructure [74].  Thus for the same green density,  improved packing homo‐
geneity leads to improved sinterability in the form of higher sintered density at a given
sintering where fine particles  tend to be active and sinter  more readily at  a  given tem‐
perature especially in the presence of a liquid phase [75-76].
The effects of sintering temperature on microstructure of glass-ceramic tape are shown in
Figure 9. It is clearly seen that there is inhomogeneous microstructure for the entire sample
with some sample showing a big size pore meaning that probably only a few crystallite sizes
are present in the bulk samples. This feature of the microstructure could be due to the pres‐
ence agglomeration within the sample. The agglomerated tape however leads to lower den‐
sities with large shrinkage deviations in particular direction giving a poor quality [77]. NIL.
In the LTCC process, some particles are densely packed and some particles are loosely
packed due to the agglomeration of particles at some places. The presence of agglomeration
is a common problem in ceramics processing and influences the microstructure behavior of
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the whole substrate. As mentioned by Lange (1984) and Hirata et al., (2009) [78-79], when a
laminated substrate or powder compact is heated, the inhomogeneity of the packing pro‐
vides the different densification rates producing a microstructure which is usually not uni‐
form when agglomeration is severe. An inhomogeneous distribution of particles leads to an
inhomogeneous liquid distribution such that there is no driving force for redistribution of
the liquid, so the densification rate is not homogeneous and the microstructure development
also becomes inhomogeneous. Agglomeration promotes uneven sintering which sometimes
results in a mechanically weak and porous product. Thus, to achieve a high density material
and good microstructure development, the agglomeration needs to be controlled [80].
(a) 800 C (b) 825 C (c) 850 C 















Figure 9. SEM micrograph of laminated sample sintered at a) 800 ºC, b) 825 ºC, c) 850 ºC, d) 875 ºC and e) 900 ºC.
The densification process of  the glass-ceramic composite in general  can be described by
the conventional  three-stage  liquid phase  sintering as  previously  suggested in  the  early
work [81-82]: particle rearrangement, dissolution and precipitation and solid state sinter‐
ing.  Compared  to  solid  state  sintering,  each  of  the  three  stages  is  connected  with  the
dominant  microstructural  changes;  however,  each  stage  in  a  liquid  phase  sintering  is
identified with that  which occurs  in  the  stages  [18].  As previously mentioned the pres‐
ence of glass phase (CaSiO3) in this composite system produces liquid phase formation at
a  temperature  lower  than  the  sintering  temperature  and may considerably  increase  the
rate of sintering [29].  The importance of the rearrangement of particles under the action
of  liquid surface  tension and the solution precipitation mechanism has  been considered
essential features of the liquid phase sintering which finally affects the sintering. The re‐
distribution of liquid during densification is more problematic since it depends on the in‐
itial  particle  packing  which  is  difficult  to  identify  [83].  The  presence  of  this  secondary
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phase may probably restrain the growth of the grain. Compared to the solid state sinter‐
ing,  the effectiveness of liquid phase for enhancement of sintering rates depends on the
introduction  of  new densification  process.  When  a  liquid  is  added which  is  present  in
sufficient amounts at a sintering temperature, it might completely wet and penetrate be‐
tween solid particles;  rapid densification can be obtained by the rearrangement of  solid
particles  under  capillary  forces  and by the  solution at  the  contact  points  and precipita‐
tion elsewhere [84].
The whole densification rate at the final stage, is a summation of the developed local in‐
ternal  defect  such as  the  presence  of  pores  that  are  no  longer  large  enough to  prevent
grain  growth and this  is  the  major  process  going  on  in  addition  to  the  final  densifica‐
tion. With the increasing grain size, the densification rate decreases as the distance of the
defects  to  the  grain  boundaries  increases.  Grain  growth  also  gives  pore  coalescence
where smaller pores are merged together into larger ones: this also reduces the densifica‐
tion rate and explains the density results obtained. In the case of the sintering process of
glass ceramic material,  if  crystallization occurs before densification, the viscosity of sam‐
ples will be increased. It is due to the contribution of glass composition into a crystalline
phase  structure,  resulting  in  the  reduction  of  viscous  flow  of  the  system.  As  a  result,
densification through viscous flow sintering will  not  occur properly and a porous body
will be formed [85].
3.3. Dielectric properties
The ceramic substrate acts  as a support  material  for  active and passive devices and the
interconnecting  conductors  that  makes  up  the  substantial  subsystems.  Discrete  compo‐
nents  integrated into  the  substrate  also  may be  involved.  Signal  transmission from one
chip pad to another chip pad is governed by the dielectric properties of the substrate or
the interlayer  and the electrical  conductivity  of  the  metal  strip.  If  the  total  resistance is
low, signals will be propagated with the speed of light, with a delay that is proportional
to  n  =  ε1/2.  Line termination is  important  to  control  reflections.  If  the  resistance is  large
(greater  than  several  ohms),  transmission  is  slower  and the  effect  of  the  dielectric  con‐
stant exponent is even greater. Thus, the dielectric properties of the substrate play a cru‐
cial role in determining circuit speed.
Dielectric properties of substrates are dependent upon the several factors including the
method of preparation, chemical composition and microstructure. Based on these factors,
the dielectric materials have to have proper firing, so that a dense and nonporous product
has to be obtained [86]. Besides, the dielectric properties are also affected by the bonding
mechanism and crystallinity in the materials. The primary bonding mechanism in ceramic is
ionic bonding while for the other material the bonding mechanism is covalent bond. In for‐
mer times the dielectric constant and loss were measured at 1 MHz, the dependence of these
data on frequencies up to GHz range is of high interest today, due to the dynamic develop‐
ment of mobile communications [87].
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3.3.1. Effect density on the dielectric properties
The variation of dielectric constant and loss tangent with increased the sintering tempera‐
ture are illustrated in Figure 10. The relation between dielectric properties and sintering did
not show a similar trend to those the relation of density and sintering temperature. The de‐
creasing trend of dielectric constant up to 850 ºC can be correlated to the presence of CaSiO3
as a main phase in glass-ceramic system. It was reported in the previous work [29]. Chang
and Jean (1999) [88] have noted from their studies and concluded that the presence of Ca‐
SiO3 phases at temperature 850 ºC and above would cause some defects in microstructure
due to the formation of liquid phase. This behavior will hinder the polarization which final‐
ly affects the dielectric constant of the sample sintered at 850 ºC. It was consistent with re‐
sults by Lo and his team in 2002 and noted that the changes of permittivity attributed to the
crystallinity presence in the NIL glass-ceramic samples which made the dielectric constant
decline slightly [65]. It was later confirmed by Wang et al., 2009, for their research on the
relation of dielectric properties and microstructure of CaSiO3 in the presence of B2O3 addi‐
tives. They found that the dielectric constant was decreased in the presence of CaSiO3 at sin‐
tering temperature of 1100 ºC. They are the stable phases when crystallization is complete
[89]. Thus, a decrease in the dielectric loss with an increase in the sintering temperature
must have been caused by the phase reaction between the ceramic and the glass phase, re‐
sulting in an ionic exchange between Si2+, Ca2+ ions in the composite. This would cause a
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Figure 10. The relation of density and dielectric constant as a function of sintering temperatures.
Since LTCCs are basically composite structures of glass and crystals, controlling their di‐
electric constant depends largely on the combination of constituent materials of the com‐
posites  and  its  material  composition  (i.e.  volume  fraction  of  the  constituent  materials)
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[46].  Each constituent in the glass composition is  crucial  to the crystallization,  densifica‐
tion and thus the microwave dielectric properties.  Lo and Yang (1998) have studied the
sintering  characteristics  of  Bi2O3  added MgO-CaO-Al2O3-SiO2  glass  powder.  They found
that for a glass-ceramic, many factors affect the permittivity including of individual crys‐
talline glass phases and the level of porosity or the degree of densification [90]. Howev‐
er, their effects are intercorrelated and sometimes unable to distinguish the contributions
from an individual constituent.
Such a microstructural arrangement can affect the dielectric properties due to inhomoge‐
neities  phenomena  which  usually  occur  during  sample  preparation.  Pores  and  grain
boundary relaxation was found to be the major features that cause the dielectric loss in
LTCC substrate in the low frequency region of dielectric where the response can be not‐
ed in  the imaginary part  of  the dielectric  constant  [91].  Some factors  such as  the inclu‐
sion  of  the  powder  impurities,  non-uniform  density  of  green  compact  and  controlled
atmosphere is very important.  The formation of second phases generated from the reac‐
tion between dielectric  composition and the glass fritz does influence the dielectric  con‐
stant of materials. As an example in the CaO-B2O3-SiO2 system glass ceramic, the system
with high SiO2 content tend to possess lower dielectric constant at microwave frequency.
It is because a higher SiO2 content favors the formation of wollastonite (CaSiO3) associat‐
ed with the crystallization of cristobalite, trymidite or quartz depending on the sintering
temperature  and  cooling  rate.  However  after  a  certain  weight  percent  addition  of  SiO2
(65 wt%), the formation of wollastonite is prevented. Chiang et al  reported that the for‐
mation of  wollastonite  will  decrease  the  dielectric  constant  of  a  material.  The  reason is
that wollostonite phase itself has a low dielectric constant which is ≈ 5. Thus one should
determine the composition and the amount of glass fritz composition so that the second
phase formation could be minimized, maintaining sufficient densification [92].
Figure 11 and 12 show the variation of dielectric constant and the dissipation factor with the
variation of sintered density. The dielectric constant decreased up to the sintering tempera‐
ture of 850 ºC and increased beyond that point. A closer look at the graph shows that only
the sample sintered at 850 ºC has a reverse trend compared to others. The results are not
consistent with the results found by Wang et al., 2009, Louh et al., 2005 and Zhang et al.,
2005 which noted that the dielectric constant increases with a similar trend to the increase of
density as a function of sintering temperature [89, 92, 93]. According to Yang et al., 2003, the
dielectric constant increases as the sintered density increase. As the sintered substrate be‐
comes denser, its dielectric constant tends to increase, which indicates that less air entrap‐
ment in the substrate favors the permeation of electromagnetic waves [94]. It was confirmed
by Sun et al., 2009 [95] who’s mentioned that the dielectric properties are affected by the
density of the compact body. However in this work, the dielectric constant initially de‐
creased up to sintering temperature of 850 ºC and then increased again beyond this turning
point. The drop in dielectric constant value at slightly high sintered density could be attrib‐
uted to the presence of pores within the substrate. Dielectric constant is linearly dependent
on its density which is associated with the porosity; the greater the porosity, the smaller the
dielectric constant [92].
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must have been caused by the phase reaction between the ceramic and the glass phase, re‐
sulting in an ionic exchange between Si2+, Ca2+ ions in the composite. This would cause a
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[46].  Each constituent in the glass composition is  crucial  to the crystallization,  densifica‐
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sintering  characteristics  of  Bi2O3  added MgO-CaO-Al2O3-SiO2  glass  powder.  They found
that for a glass-ceramic, many factors affect the permittivity including of individual crys‐
talline glass phases and the level of porosity or the degree of densification [90]. Howev‐
er, their effects are intercorrelated and sometimes unable to distinguish the contributions
from an individual constituent.
Such a microstructural arrangement can affect the dielectric properties due to inhomoge‐
neities  phenomena  which  usually  occur  during  sample  preparation.  Pores  and  grain
boundary relaxation was found to be the major features that cause the dielectric loss in
LTCC substrate in the low frequency region of dielectric where the response can be not‐
ed in  the imaginary part  of  the dielectric  constant  [91].  Some factors  such as  the inclu‐
sion  of  the  powder  impurities,  non-uniform  density  of  green  compact  and  controlled
atmosphere is very important.  The formation of second phases generated from the reac‐
tion between dielectric  composition and the glass fritz does influence the dielectric  con‐
stant of materials. As an example in the CaO-B2O3-SiO2 system glass ceramic, the system
with high SiO2 content tend to possess lower dielectric constant at microwave frequency.
It is because a higher SiO2 content favors the formation of wollastonite (CaSiO3) associat‐
ed with the crystallization of cristobalite, trymidite or quartz depending on the sintering
temperature  and  cooling  rate.  However  after  a  certain  weight  percent  addition  of  SiO2
(65 wt%), the formation of wollastonite is prevented. Chiang et al  reported that the for‐
mation of  wollastonite  will  decrease  the  dielectric  constant  of  a  material.  The  reason is
that wollostonite phase itself has a low dielectric constant which is ≈ 5. Thus one should
determine the composition and the amount of glass fritz composition so that the second
phase formation could be minimized, maintaining sufficient densification [92].
Figure 11 and 12 show the variation of dielectric constant and the dissipation factor with the
variation of sintered density. The dielectric constant decreased up to the sintering tempera‐
ture of 850 ºC and increased beyond that point. A closer look at the graph shows that only
the sample sintered at 850 ºC has a reverse trend compared to others. The results are not
consistent with the results found by Wang et al., 2009, Louh et al., 2005 and Zhang et al.,
2005 which noted that the dielectric constant increases with a similar trend to the increase of
density as a function of sintering temperature [89, 92, 93]. According to Yang et al., 2003, the
dielectric constant increases as the sintered density increase. As the sintered substrate be‐
comes denser, its dielectric constant tends to increase, which indicates that less air entrap‐
ment in the substrate favors the permeation of electromagnetic waves [94]. It was confirmed
by Sun et al., 2009 [95] who’s mentioned that the dielectric properties are affected by the
density of the compact body. However in this work, the dielectric constant initially de‐
creased up to sintering temperature of 850 ºC and then increased again beyond this turning
point. The drop in dielectric constant value at slightly high sintered density could be attrib‐
uted to the presence of pores within the substrate. Dielectric constant is linearly dependent
on its density which is associated with the porosity; the greater the porosity, the smaller the
dielectric constant [92].
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Figure 12. The variation of density and loss tangent as a function of sintering temperatures.
The dependence of the dielectric constant upon the properties of the material may be sum‐
marized in the statement that the dielectric constant depends upon the number and the mo‐
bility of the electron per cm3 of material and when the molecules contain electric dipole, to
Sintering Applications108
much a greater extent upon the size and arrangement of the dipoles in the molecules, upon
the freedom of the molecules to orient, and upon the number of molecules per cm3 [96].
3.3.2. Dielectric properties with frequency
The dielectric properties of glass ceramic system were studied in the frequency range from
10 KHz to 10 MHz at room temperature. Figure 13 show the variation of the dielectric con‐
stant as a function of frequency for all samples. Obviously, the dielectric constant shows a
decreasing trend for all the samples. The decrease is rapid at lower frequency and slower
and stable at higher frequency. The decrease of dielectric constant with increasing frequency
is a normal dielectric behavior which is also observed by other researchers [97-99]. A glass
ceramic system is considered as heterogeneous material that can experience interfacial po‐
larization as predicted by Maxwell and Wagner. They pointed out that at low frequency re‐
gion (refer to Figure 3) the movement of charge carriers trapped at interfacial region which
is caused by inhomogeneous dielectric structure. At high frequency, the dominant mecha‐
nism contributing to dielectric constant is the hopping mechanism in their respective inter‐
stice under the influence of alternating current. The frequency of hopping between ions
could not follow the frequency of applied field and hence it lags behind, therefore the values
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Figure 13. The variation of dielectric constant with frequency.
A low loss factor is desirable for a dielectric material so that the dissipated electric power to
the insulator is minimized. This type of consideration is very important for high power cir‐
cuits operating at high speed. Dissipation factor is a ratio of the energy dissipated to the en‐
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ergy stored in the dielectric material. The more energy that is dissipated into the material,
the less is going to make it to the final destination. This dissipated energy typically turns
into heat or is radiated as radio frequency (RF) into the air. The optimal goal is to have 100%
of the signal pass through the interconnection network and not be absorbed in the dielectric.
A high loss material means a little or no signal is left at the end of the transmission path. In
other to retain maximum signal power, a low loss material should be used. The defect, space
charge formation and lattice distortion is believed to produce an absorption current result‐
ing in a loss factor and at high alternating frequency those could follow the field applied
and later values the trend saturated [100].
Figure 14 show the variation of dissipation factor for all samples with frequency. The de‐
creasing trend of loss tangent may be explained as follows: When the frequency of applied
AC field is much larger than the hopping frequency of electron, the electron do not have an
opportunity to jump at all and the energy loss is small. In general, the local displacements of
electronic charge carriers (jumping electrons in case of ceramic substrate) cause (or deter‐
mine) the dielectric polarization in materials. Since the dielectric polarization is similar to
that for conduction and are mainly by the hopping conduction mechanism. Therefore the
marked decrease in tan δ is due to the decreasing ability of the jumping electron (charge car‐
rier) to follow the alternating frequency of AC electric field beyond certain critical frequen‐
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Figure 14. The variation of tan δ with frequency.
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4. Conclusion
The effect of various sintering temperatures on some properties of laminated substrates has
been successfully studied. It can be concluded that the sintering temperature strongly influ‐
enced the dielectric properties and some physical properties of the laminated substrate. The
result of dielectric constant was decreased with increasing sintering temperature up to 850
°C but increased again beyond that point. It was also noticed that the dropped value of die‐
lectric constant with higher sintered density at 850 °C is due to the presence of crystalline
CaSiO3 phases during the sintering process. The relation for the loss tangent and the density
is generally a decrease with increased sintering temperature. It may be due to presence of
crystalline phase and the porosity inside the substrate. The sintering process of glass-ceram‐
ic substrate is a complicated process because phase changes were involved. Thus the under‐
standing of material behaviors such as binder burnout, densification of LTCC, grain growth
behavior and the deformation of suspended LTCC is important in optimizing the fabrication
process for multilayer LTCC substrate in order to achieve the required performance.
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1. Introduction
Low temperature sintering is of vital importance for commercial production of electronic ce‐
ramics, especially multi-layer devices [1, 2]. Due to superior mechanical strength, ferroelec‐
tric ceramics with fine-grained structures have attracted much attention and exhibited
potential applications such as piezoelectric sensors and actuators [3, 4-5]. Together, compo‐
site materials are also widely applied for multilayer capacitors, piezoelectric transducers,
packaging materials for integrated circuits, high voltage insulators and chemical sensors
[6-10]. It is well known that materials’ performances are closely related to the ways they are
manufactured. Generally, ferroelectric ceramics fabrication process should achieve products
of dense and homogeneous microstructure with well developed crystalline grains of uni‐
form size in order to ensure the best physical properties. Using conventional ceramic proc‐
ess to achieve such ideal microstructure, the window of sintering temperature required is
always high and narrow. Conversely, the sintering temperature of sol-gel derived ceramics
is always lower. However, the drawbacks of sol–gel method are aggregation of ultrafine
powders during fabrication and formation of secondary phases [11]. Thus, the physical
properties of these sol-gel derived ceramics are deteriorated in comparison to those of their
counterparts. Recently, dense, crack-free ferroelectric thick film integrated on silicon sub‐
strate has been the subject of considerable attention for potential application in micro-elec‐
tro-mechanical systems (MEMS). Combining micro-machined surfaces of silicon wafers with
ferroelectric films has resulted in novel devices such as micro-fluidic devices, micro-pumps,
infrared sensors, dynamic random access memory, tunable microwave devices and several
others [12-16]. Most of these ferroelectric thick film devices, such as multi-layer ceramic ca‐
pacitors (MLCC), require the film thickness to be around 1 micrometer. In addition, these
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1. Introduction
Low temperature sintering is of vital importance for commercial production of electronic ce‐
ramics, especially multi-layer devices [1, 2]. Due to superior mechanical strength, ferroelec‐
tric ceramics with fine-grained structures have attracted much attention and exhibited
potential applications such as piezoelectric sensors and actuators [3, 4-5]. Together, compo‐
site materials are also widely applied for multilayer capacitors, piezoelectric transducers,
packaging materials for integrated circuits, high voltage insulators and chemical sensors
[6-10]. It is well known that materials’ performances are closely related to the ways they are
manufactured. Generally, ferroelectric ceramics fabrication process should achieve products
of dense and homogeneous microstructure with well developed crystalline grains of uni‐
form size in order to ensure the best physical properties. Using conventional ceramic proc‐
ess to achieve such ideal microstructure, the window of sintering temperature required is
always high and narrow. Conversely, the sintering temperature of sol-gel derived ceramics
is always lower. However, the drawbacks of sol–gel method are aggregation of ultrafine
powders during fabrication and formation of secondary phases [11]. Thus, the physical
properties of these sol-gel derived ceramics are deteriorated in comparison to those of their
counterparts. Recently, dense, crack-free ferroelectric thick film integrated on silicon sub‐
strate has been the subject of considerable attention for potential application in micro-elec‐
tro-mechanical systems (MEMS). Combining micro-machined surfaces of silicon wafers with
ferroelectric films has resulted in novel devices such as micro-fluidic devices, micro-pumps,
infrared sensors, dynamic random access memory, tunable microwave devices and several
others [12-16]. Most of these ferroelectric thick film devices, such as multi-layer ceramic ca‐
pacitors (MLCC), require the film thickness to be around 1 micrometer. In addition, these
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devices need to be co-fired with less expensive base metal electrode at low temperature.
Therefore, the existing technology can no longer meet such requirements. Many attempts
have been devoted to develop new technologies to meet these new technological challenges.
Indeed, a new hybrid ceramic processing technology has been developed [17-22]. The key
characteristic of this new technology is to graft the sol-gel wet chemistry process onto the
conventional mixed oxide ceramic process. With this new technology, the advantages of
both processes can be superimposed together. The good performance of ceramics prepared
by conventional ceramic process under high temperatures is mostly preserved, while the
sintering temperature of the devices is effectively reduced down as inherited from the sol-
gel process. The low sintering temperature of this hybrid process enables the technology
better compatible to the thick film technology. Low sintering temperature also impedes the
chemical reactions among different materials in the devices, such as ceramic/electrode, ce‐
ramic/substrate and ceramics/matrix. This new technology will be very useful in developing
all-ceramics devices such as microwave barium-strontium titanate (Ba0.6Sr0.4TiO3, BST) ce‐
ramics, thick films and composite materials. This chapter reviews our recent progress in the
synthesis of various ferroelectric ceramic materials and composites via the proposed hybrid
process. After the background introduction, a brief description of the experimental proce‐
dures is followed. In Section 3, synthesis processes and characterization of various ferroelec‐
tric ceramics and composites are presented. Finally, the chapter is ended with some
concluding remarks.
2. Features of the low temperature hybrid processing route
Figure 1 is the schematic diagram illustrating the entire formation process of a representa‐
tive microwave BST thick film.
Figure 1. Flow chat of the hybrid processing of a typical microwave BST thick film.
As shown in Fig. 1, this processing route is quite flexible. Changing the process parameters
of ball milling (i.e. conventional as well as high energy) such as revolution speed and ball
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milling time, the particle size can be easily controlled. On the other hand, the thickness of
the film can be increased by repeating the spin-coating or screen-printing process. In addi‐
tion, the viscosity of the ceramic slurry can be adjusted by altering the powder/sol ratio as
well as the amount of organic solvent. In fact, the viscosity of the slurry affects the film
thickness for each spin-coating/screen-printing layer. For calcinated sol-gel precursor pos‐
sessing the same composition as that of the nano-sized powders, the mixture obtained is a
homogenous mixture, and the resulting composite has single composition. In contrast, if the
precursor solution and the nano-powders are of different compositions, multiphase compo‐
site will be produced forming a heterogeneous composite. Using this method, uniformly
distributed multiphase nanocrystalline composite can be obtained easily. The composite
normally exhibits all the merits of the nano-powders and the sol-gel precursor. We can find
different applications of this route by utilizing its respective merits. For example, by using
uniformly dispersed nano-powders in sol-gel solution we demonstrated that homogeneous
thick films were obtained by spin coating technique [20, 22]. Using sol-gel precursor as bind‐
er, the density of the compacted films was increased and the sintering temperature of the
compacted films was reduced. Similar, for screen-printing films, low sintering temperature
will be expected. This unique feature is particularly useful to low temperature co-firing of
multilayer devices because cheap internal electrode paste can be used. We consider that the
simplicity of this approach should make it useful to most of the ceramic processes.
3. Formation and characterization of fine ferroelectric and composite
electroceramics via hybrid process
3.1. Microwave fine-grained BST and BST-MgO ceramics
3.1.1. Fine-grained BST ceramics
3.1.1.1. Sintering behavior
In Fig. 1, pre-calcined BST powders were firstly prepared by a conventional ceramic proc‐
ess using commercial BaTiO3 (BT) powder of mean grain size smaller than 400 nm, and
SrTiO3 (ST) powder of size smaller than 100 nm. The powders were mixed together by us‐
ing conventional ball milling for 2 h and then calcined at 1150oC for 2 h to form the BST
ceramics.  Then,  the  BST ceramics  were ball  milled by a  normal  planetary ball  mill  ma‐
chine with zirconia balls as the milling medium. The size of the obtained powder particle
was around few micrometers to sub-micrometers. Afterwards, a high-energy ball-milling
machine (Frisch Pulverisette 5 planetary ball-milling machine, Germany) with a tungsten
carbide milling jar and milling medium was used to prepare the nano-sized powders. The
size of the final powder was in the range of 20–60 nm depending on the process parame‐
ters. During the course of high-energy ball milling, a selected dispersant was added to the
nano-powder to prevent the agglomeration of the nano-sized powder. On the other hand,
BST sol precursor in the same chemical composition as the powder was synthesized via a
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polymer-assistant  sol-gel  route.  Here  the  starting  materials  for  the  sol  precursor  were
Ba(CH3COO)2, Sr(CH3COO)2 and Ti(OC2H5)4. The details of the fabrication process can be
found elsewhere [20]. To graft the sol gel process onto the conventional ceramic process,
pre-synthesized  BST  sol  was  mixed  with  BST  nano-sized  powder  by  conventional  ball
milling.  Due to the effect  of  the organic surfactant used,  the BST powder was well  dis‐
persed and suspended in the BST sol solution forming uniform paint-like ceramic slurry.
In this hybrid process,  the molar ratio of BST introduced in the form of powder and in
the form of  sol  solution was very important.  In  the  current  investigation,  an optimized
mass ratio of ceramic powder/sol precursor equivalent to 72/28 was adopted. For prepar‐
ing bulk ceramics,  the as-prepared ceramic slurry was dried at  120~150oC and then cal‐
cined at  800~1000oC for  2  h.  Then calcined powder was uniaxially  pressed at  4  MPa to
form a green BST compact which was heated to 1200oC for 2 h, with a heating rate of 2oC/
min in air. For comparison, coarse-grained BST ceramics were prepared by a convention‐
al  solid-state  reaction method from the  pre-calcined micron-sized BST powders  (i.e.  the
powders calcined at 1150oC) at a sintering temperature of 1400 oC for 2 h in air.
3.1.1.2. Microstructure and properties
Figure 2 shows the X-ray diffraction patterns of (a) commercial BT powder, (b) commercial
ST powder, (c) coarse-grained BST ceramics fabricated by conventional solid-state reaction
method and sintered at 1400oC, and (d) BST ceramics fabricated by hybrid process technolo‐
gy and sintered at 1200oC. In Figs. 2(a) and (b), the XRD patterns show that the BT and ST
powders are in tetragonal and cubic phase, respectively. Figs. 2(c) and (d) indicate the pres‐
ence of highly pure and crystalline pervoskite cubic structure. All the peaks were identified
as BST phase and no impurity phase was observed, indicating the success in synthesizing
BST ceramics by the two processing routes.
Figure 2. X-ray diffraction (XRD) patterns: (a) and (b) commercial BaTiO3 and SrTiO3 powders; and BST ceramics sin‐
tered at (c) 1400oC using conventional solid-state process, (d) 1200oC using hybrid process.
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Figure 3 shows the SEM images of (a) coarse-grained BST ceramics fabricated by conven‐
tional solid-state reaction method, and (b) fine-grained BST ceramics fabricated by hybrid
process technology. The images showed that both ceramics possessed well-densified grains
of various size and shape. In general, the grains size in Fig. 3(a) was larger than those in Fig.
3(b) and the grain size ranges were 5-10 µm and 1-2 µm for Figs. 3(a) and (b), respectively. It
is noticed that the fine-grained ceramic fabricated by the hybrid process was densified at a
sintering temperature 200oC lower than that of the conventional solid-state process. The
lower sintering temperature of the hybrid process is most inherited from the low crystalliza‐
tion and sintering temperature of the amorphous gel components of the hybrid BST powder.
Sol-gel process is usually characterized with much lower sintering temperature because of
higher chemical reactivity and shorter diffusion length [23]. On the other hand, the BST gel
solution acts as binding agent to connect the nano-sized BST particles and fills the intersti‐
tials of the nano-sized particles, which is easy to achieve dramatic modification of the proc‐
essing behaviors of ceramics, and useful to produce uniform and fine-grained high-quality
ceramics at low sintering temperatures.
Figure 3. Surface morphology of BST ceramics by (a) the conventional solid-state process at 1400oC, and (b) by the
hybrid process at 1200 oC.
The corresponding temperature dependency of dielectric constant and loss tangent for BST
ceramic prepared by conventional solid-state process and hybrid process are shown in Fig‐
ure 4. As shown in Fig. 4(a), for the coarse-grained BST ceramic, the peak dielectric constant
at 10 kHz was around 6500 with a loss tangent about 0.02. Though the dielectric constant in
coarse-grained ceramic was high due to the well-developed large grains; however, the grain
size was too large and the grain size distribution was too large so that the microstructure
was not very uniform as required in many applications. In Fig. 4(b), for the fine-grained BST
ceramic, a broader and diffused peak was observed in both the dielectric constant and loss
tangent spectra indicating the characteristic dispersion at the Curie point. The peak dielec‐
tric constant was about 2500 at 10 kHz with a loss tangent about 0.02. The peak dielectric
constant is lower than that of the conventional solid-state process mostly due to the finer
structure.
The dielectric tunability, defined as the change of dielectric constant in the presence of a dc
electric field with respect to the dielectric constant in the absence of a dc electric field, is
shown in Figure 5. The tunability of the fine-grained BST ceramic was found to be about
36% at 11 kV/cm at room temperature, the dielectric loss was in the range of 10-2.
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Figure 4. Temperature dependences of dielectric constant and loss tangent for BST ceramic via (a) conventional ce‐
ramic process, and (b) hybrid processing.
Figure 5. Tuning behavior of dielectric constant of fine-grained BST ceramic at 10 kHz and room temperature under
DC bias voltage.
3.1.2. Fine-grained BST-MgO ceramics
3.1.2.1. Sintering behavior
To fabricate BST-MgO ceramics, the same BST ceramic slurry described in Section 3.1.1.1
was  employed.  Magnesium nitrate  hexahydrate  (Mg(NO3).6H2O)  solution  was  added to
the  BST slurry,  then  subjected  to  a  conventional  ball-milling  for  2h  to  obtain  heteroge‐
nous BST-MgO ceramic  slurry.  The paint-like  BST-MgO slurry  was  dried at  120oC,  and
then calcined at 800oC for 4h. The pre-calcined powder was uniaxially pressed into disk
pellets at  a pressure of 4 MPa in a stainless steel  die.  The pressed pellets were sintered
in air at 1200–1300oC for 2h.
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3.1.2.2. Microstructure and properties
Figure 6 shows the XRD patterns of (a) the nano-sized BST powders, (b) BST-MgO slurry dried
at 120oC, (c) BST-MgO slurry calcined at 800oC for 4h, (d) BST-MgO ceramics sintered at 1200oC
for 2h, and (e) BST-MgO ceramics sintered at 1300oC for 2h. The XRD pattern in Fig. 6(a) sug‐
gested the presence of BST powder of pure perovskite structure. The XRD pattern of the dried
BST-MgO slurry in Fig. 6(b) only displayed the peaks of the BST powder and no MgO peaks
were observed, indicating that the MgO was still in an amorphous phase and there was no
chemical reaction between the BST and MgO phases. It is seen from Figs. 6(c)–(e) that the BST
and MgO phases coexisted in both the calcined BST-MgO slurry and the sintered BST-MgO ce‐
ramics, and all the XRD peaks corresponding to both the BST and MgO phases were identified
with no detection of intermediate or interfacial phases. The results indicate the success in syn‐
thesizing BST-MgO ceramics using the hybrid processing route.
Figure 6. XRD patterns of (a) BST powders, (b) BST-MgO slurry dried at 120oC, (c) BST-MgO slurry calcined at 800oC for
4h, (d) BST-MgO ceramics sintered at 1200oC for 2h, and (e) BST-MgO ceramics sintered at 1300oC for 2h.
Figure 7 illustrates the SEM images of BST-MgO ceramics sintered at three different temper‐
atures ranging between 1200 and 1300oC for 2 h via hybrid processing. It is noticed that den‐
sification of the ceramic was taken place at 1200oC with grain size of about 300 nm. With
increasing sintering temperature to 1275~1300oC, the ceramics were further densified with
grain size increased to about 1−2 µm, and no apparent grain growth was observed after
1275oC. Thus, dense, homogeneous and fine-crystalline BST-MgO ceramics were produced
at sintering temperatures below 1300oC. It has been reported [24] that sintering temperature
in the range of 1350–1500oC was indispensable in the fabrication of BST-MgO ceramics using
conventional solid-state process. This high sintering temperature resulted in large grains as
well as pores, and followed by the deterioration of microstructures as well as properties of
the resulting ceramics. Fortunately, such phenomena were not evident in our BST-MgO ce‐
ramics synthesized by the hybrid processing route. As shown in Fig. 7, sintering tempera‐
ture of 1200oC was good enough for the synthesis of BST-MgO ceramics with a reasonably
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Figure 4. Temperature dependences of dielectric constant and loss tangent for BST ceramic via (a) conventional ce‐
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ramics synthesized by the hybrid processing route. As shown in Fig. 7, sintering tempera‐
ture of 1200oC was good enough for the synthesis of BST-MgO ceramics with a reasonably
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high density of 4.50 g/cm3. We attribute these promising results to the characteristics of the
hybrid processing route as mentioned above. Besides, the sol–gel derived species can act as
the buffer for another phase inhibiting the grain size in the sub-micron scale.
Figure 7. The surface morphologies of BST composite bulk ceramics sintered at (a) 1200oC ; (b) 1275oC; (b) 1300oC for
2 h via the hybrid process. Note: the EDX results suggested that grains with light color corresponded to the BST phase
while grains with dark color were MgO phase.
Figure 8 shows the temperature dependency of the relative dielectric constant εr and loss tan‐
gent (tan δ) in the temperature range of -60oC to 80oC for three selected frequencies (1 kHz, 10
kHz, and 100 kHz). A relatively broad and diffused phase transition was clearly identified at
about -20oC for both samples. The ceramics demonstrated very low room temperature loss tan‐
gent below 0.005 for frequency above 1 kHz. Reduced temperature variation of dielectric prop‐
erties in these samples is desirable for application of the ceramics in electrically tunable
microwave devices to improve their temperature and frequency stabilities [25].
Figure 8. Temperature dependences of dielectric constant and loss tangent for the BST-MgO ceramics sintered at
1200 and 1275oC via hybrid process.
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To explore the application of the ceramics in microwave devices, dc electric field was em‐
ployed to change the dielectric constant of the BST-MgO ceramics. Figure 9 shows the room
temperature dielectric constant as a function of dc electric field for BST-MgO ceramics sin‐
tered at 1200oC and 1300oC with average grain sizes of 300 nm and 2 µm at 100 kHz respec‐
tively. The dielectric tunability was found to be 4% and 14% respectively, under a dc electric
field of 1.5 kV/mm.
Figure 9. Room-temperature dielectric constant as a function of dc electric field for the ceramics sintered at 1200 and
1300oC at 100 kHz.
3.2. Microwave BST ceramic thick films
3.2.1. Sintering behavior
As shown in Fig. 1, the BST powder, being acted as filler in the BST ceramic slurry, plays an
important role in the formation of dense and crack free films. It also strongly affects the sur‐
face morphology and resultant properties of the thick films. Therefore, well-crystallized
nano-size or micron-size BST ceramic powders or their combinations, which had been pre-
sintered at 1350oC for 7 h using conventional solid-state ceramic process, were dispersed in‐
to BST sol precursor to form uniformly suspended BST ceramic slurry. The BST ceramic
slurry was spin-coated onto Pt substrates or Ag/alumina substrates at a spin rate of 3000
rpm for 20 s. The optimum thickness of a single deposition layer was about 1–2 µm. Thicker
films were obtained by repeating the spin-coating process. For thick film deposition, the
weight ratio of powder to precursor solution of the slurry was a critical parameter. The wt%
BST powder in the ceramic slurry is defined as:




where pis the weight of BST powder added, sis the residue oxide weight of the BST sol solu‐
tion after thermal annealing. On the basis of our results, the optimal BST (wt%) was between
70 and 80% in order to get the maximum thickness in a crack-free layer using one spin-coat‐
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ing process. In the experiment, the viscosity of the slurry was controlled by adjusting the
amount of organic solvent. The as-deposited films were calcined at about 550oC to remove
all organic solvent. Afterwards, the films were densified at a higher temperature of around
600–900oC, depending on the electrode used. The paste for screen printing was prepared by
the following processing route: first, the ceramic slurry was calcined in order to remove sol‐
vents as well as organics brought in by the sol solution. The calcined powder was dispersed
into an organic vehicle specifically designed for screen-printing. Green films were printed
on Pd–Ag-electroded alumina substrates by screen-printing. The thickness of each single
layer was about 5–10 µm depending on the loading percentage of the ceramic powder and
the viscosity of the printing paste. In order to obtain thick films, the printing process was
repeated. Each layer of the screen-printed wet film was allowed to settle at room tempera‐
ture for 15 min and dried in an oven at 120oC for another 15 min. The final films were sin‐
tered at temperatures of around 1200oC for 2 h.
3.2.2. Microstructure and properties
Figure 10 shows the X-ray diffraction patterns of BST thick film deposited on different sub‐
strates annealed at different temperatures. It is quite evident that the crystal structures of the
films were of cubic perovskite structure. Besides the diffraction peaks arisen from BST phase
as well as the Pt substrate or silver electrodes and alumina substrates, no other impurity
phases were observed.
Figure 10. X-Ray diffraction patterns of BST thick films with various calcining temperatures deposited on either Pt or
Ag/alumina substrates.
Figure 11 displays the SEM pictures of the surface (Figs. 11(a) and (c)) and the cross-section
(Figs. 11(b) and (d)) of the BST thick films deposited on various substrates. It is noticed that
the films were, in general, dense, uniform and crack-free. In Fig. 11 (b), the film, with only
single deposited layer, had a film thickness over 1 µm. On the other hand, in Fig. 11(d), the
film, with 10 deposited layers in totally, had a film thickness of about 10 µm. Thus, the aver‐
age thickness for one coated layer was estimated to be about 1 µm, similar to that observed
in Fig. 11(b). The sol-gel derived phase, shown as crystallites between the granular grains,
Sintering Applications128
was clearly seen in the microstructure. This sol-gel derived phase acted as a binder for the
granular grains and filled the interstitials of the added powders. The agglomeration, which
easily exists in conventional sol-gel derived ceramics and nanocomposite route, was not ob‐
served in Figs. 11. Therefore, we believe that agglomeration was eliminated by the hybrid
process, demonstrating the advantage of this novel route.
Figure 11. The surface and cross-sectional morphologies of thick films prepared from the slurry using the spin-coating
method deposited on Pt substrates with one layer and Ag/alumina with 10 layers annealed at 600 and 700oC, respectively.
Figure 12 shows the temperature dependence relative dielectric constant εr and loss tangent
(tan δ) for BST thick films deposited on (a) Pt substrate annealed at 600oC, and (b)−(d) Ag/
alumina substrates annealed at 700, 750 and 900oC respectively, in the temperature range of
-35oC to 120oC for four selected frequencies (1 kHz, 10 kHz, 100 kHz and 1 MHz). A relative‐
ly broad phase transition was clearly identified at about 0oC for all samples. With increasing
annealing temperature, the dielectric constant increased gradually. For example, at 10 kHz
at zero temperature, the dielectric constant of the thick films deposited on Pt substrate (Fig.
12(a)) was found to be about 150 with a loss tangent slightly below 0.02, for the thick films
deposited on Ag/alumina substrates annealed at 900oC, the dielectric constant (Fig.12(d))
was about 370 with a loss tangent slightly below 0.01.
Figure 13 illustrates the room temperature tuning behavior of the BST thick films deposited on
(a) Pt substrate annealed at 600oC, and (b)−(c) Ag/alumina substrates annealed at 750 and
900oC respectively at 100 kHz and under dc bias voltage. In Fig. 13(a), the room temperature di‐
electric constant at zero bias condition varied between 160 and 135, while the tunability of the
dielectric constant of the thick film changed from 12% at 60 kV/cm with a loss tangent of about
0.015 to about 30% at 35 kV/cm with a loss tangent of 0.0067 (as shown in Fig. 13(b)). In Fig.
13(c) the tunability was 28% at 20 kV/cm with a loss tangent of 0.008. Usually, thick films with
higher dielectric constants possess higher tunability of dielectric constant but poorer tempera‐
ture stability [20]. General speaking, reducing the dielectric constant of the film will reduce its
tunability but improve its temperature stability.
Low Temperature Hybrid Processing Technology of Fine Electronic Ceramics
http://dx.doi.org/10.5772/53255
129
ing process. In the experiment, the viscosity of the slurry was controlled by adjusting the
amount of organic solvent. The as-deposited films were calcined at about 550oC to remove
all organic solvent. Afterwards, the films were densified at a higher temperature of around
600–900oC, depending on the electrode used. The paste for screen printing was prepared by
the following processing route: first, the ceramic slurry was calcined in order to remove sol‐
vents as well as organics brought in by the sol solution. The calcined powder was dispersed
into an organic vehicle specifically designed for screen-printing. Green films were printed
on Pd–Ag-electroded alumina substrates by screen-printing. The thickness of each single
layer was about 5–10 µm depending on the loading percentage of the ceramic powder and
the viscosity of the printing paste. In order to obtain thick films, the printing process was
repeated. Each layer of the screen-printed wet film was allowed to settle at room tempera‐
ture for 15 min and dried in an oven at 120oC for another 15 min. The final films were sin‐
tered at temperatures of around 1200oC for 2 h.
3.2.2. Microstructure and properties
Figure 10 shows the X-ray diffraction patterns of BST thick film deposited on different sub‐
strates annealed at different temperatures. It is quite evident that the crystal structures of the
films were of cubic perovskite structure. Besides the diffraction peaks arisen from BST phase
as well as the Pt substrate or silver electrodes and alumina substrates, no other impurity
phases were observed.
Figure 10. X-Ray diffraction patterns of BST thick films with various calcining temperatures deposited on either Pt or
Ag/alumina substrates.
Figure 11 displays the SEM pictures of the surface (Figs. 11(a) and (c)) and the cross-section
(Figs. 11(b) and (d)) of the BST thick films deposited on various substrates. It is noticed that
the films were, in general, dense, uniform and crack-free. In Fig. 11 (b), the film, with only
single deposited layer, had a film thickness over 1 µm. On the other hand, in Fig. 11(d), the
film, with 10 deposited layers in totally, had a film thickness of about 10 µm. Thus, the aver‐
age thickness for one coated layer was estimated to be about 1 µm, similar to that observed
in Fig. 11(b). The sol-gel derived phase, shown as crystallites between the granular grains,
Sintering Applications128
was clearly seen in the microstructure. This sol-gel derived phase acted as a binder for the
granular grains and filled the interstitials of the added powders. The agglomeration, which
easily exists in conventional sol-gel derived ceramics and nanocomposite route, was not ob‐
served in Figs. 11. Therefore, we believe that agglomeration was eliminated by the hybrid
process, demonstrating the advantage of this novel route.
Figure 11. The surface and cross-sectional morphologies of thick films prepared from the slurry using the spin-coating
method deposited on Pt substrates with one layer and Ag/alumina with 10 layers annealed at 600 and 700oC, respectively.
Figure 12 shows the temperature dependence relative dielectric constant εr and loss tangent
(tan δ) for BST thick films deposited on (a) Pt substrate annealed at 600oC, and (b)−(d) Ag/
alumina substrates annealed at 700, 750 and 900oC respectively, in the temperature range of
-35oC to 120oC for four selected frequencies (1 kHz, 10 kHz, 100 kHz and 1 MHz). A relative‐
ly broad phase transition was clearly identified at about 0oC for all samples. With increasing
annealing temperature, the dielectric constant increased gradually. For example, at 10 kHz
at zero temperature, the dielectric constant of the thick films deposited on Pt substrate (Fig.
12(a)) was found to be about 150 with a loss tangent slightly below 0.02, for the thick films
deposited on Ag/alumina substrates annealed at 900oC, the dielectric constant (Fig.12(d))
was about 370 with a loss tangent slightly below 0.01.
Figure 13 illustrates the room temperature tuning behavior of the BST thick films deposited on
(a) Pt substrate annealed at 600oC, and (b)−(c) Ag/alumina substrates annealed at 750 and
900oC respectively at 100 kHz and under dc bias voltage. In Fig. 13(a), the room temperature di‐
electric constant at zero bias condition varied between 160 and 135, while the tunability of the
dielectric constant of the thick film changed from 12% at 60 kV/cm with a loss tangent of about
0.015 to about 30% at 35 kV/cm with a loss tangent of 0.0067 (as shown in Fig. 13(b)). In Fig.
13(c) the tunability was 28% at 20 kV/cm with a loss tangent of 0.008. Usually, thick films with
higher dielectric constants possess higher tunability of dielectric constant but poorer tempera‐
ture stability [20]. General speaking, reducing the dielectric constant of the film will reduce its
tunability but improve its temperature stability.
Low Temperature Hybrid Processing Technology of Fine Electronic Ceramics
http://dx.doi.org/10.5772/53255
129
Figure 12. Temperature dependence dielectric constant and loss tangent for BST thick films deposited on (a) Pt sub‐
strate annealed at 600oC, (b) −(d) Ag/alumina substrates annealed at 700, 750 and 900oC, respectively.
Figure 13. dc bias voltage dependency of the dielectric constant and loss tangent of thick BST films deposited on (a)
Pt substrate annealed at 600oC, (b)−(c) Ag/alumina substrates annealed at 750 and 900oC respectively at 25oC.
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The effects of the BST powder as filler in the sol precursor on the structural as well as dielec‐
tric properties of BST thick films prepared by screen-printing method were also investigat‐
ed. One is the ceramic slurry was prepared by dispersing nano-sized BST powder in the BST
sol precursor. Figure 14 shows the (a) XRD pattern, (b) surface and (c) cross-section micro‐
graphs of BST thick films deposited on Pd-Ag/ alumina substrate by screen-printing meth‐
od. The films were sintered at 1200oC in air. As shown in Fig. 14(a), XRD pattern exhibited a
pure BST perovskite structure in cubic phase with no observable intermediate as well as im‐
purity phases, except the diffraction peaks arisen from Pd-Ag electrode and alumina sub‐
strate. As observed in Fig. 14(b) and (c), the film was dense, uniform and crack-free, similar
to the surface morphologies of the films prepared by spin coating. For one single layer, the
thickness was about 10 µm. This is much thicker than the thickness obtained in the spin-
coated films. The temperature dependence dielectric constant and loss tangent, together
with the tunability of dielectric constant of this thick film are shown in Figure 15. A broad
and diffusive peak with the maximum dielectric constant of about 750 was observed. The
loss tangent was below 0.01 at room temperature and the tunability was about 33% at 20
kV/cm. The film showed a larger dielectric constant and a slightly better tenability as com‐
pared to films prepared by spin coating.
Figure 14. The BST thick films deposited on Pd-Ag/alumina substrate by screen-printing sintered at 1200oC: (a) the
XRD pattern; (b) the surface, together with (c) the cross-section micrographs indicating the thickness of about 10 μm.
Inset shows the magnified surface picture.
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Figure 15. (a) Temperature dependence dielectric constant and loss tangent, and (b) the tuning behavior of dielectric
constant of fine-grained BST ceramic at 10 kHz and room temperature under dc bias voltage.
While, Figure 16(a) shows the surface morphology of the BST thick film fabricated from ce‐
ramic slurry, which was prepared by combining nano-sized and micron-sized BST powders
as the filler in the BST sol precursor matrix. Inset of Fig. 16(a) shows the magnified surface
profile. The film was screen-printed on Pd-Ag/alumina substrate and annealed at 1200oC. It
is interesting to find that inhomogeneous concrete-like structure, in which big grains in the
diameter around ten or tens of micrometers (stones in concrete) and medium grains in the
range of micrometer or sub-micrometers (sands in concrete) were adhered by gel derived
substance. The dielectric constant was found to be about 1800 with a loss tangent slightly
below 0.02 at 10 kHz at room temperature. These values were higher than those values
shown in Fig. 15, but close to those values obtained in bulk ceramics formed by convention‐
al solid-state technology. However, the detailed characteristics of the novel concrete-like
structures still need to be further studied in future work.
Figure 16. (a) Surface micrograph and (b) temperature dependence dielectric constant as well as loss tangent of the
BST thick film which was prepared by combining nano- and micron-sized BST powders as filler and screen-printing on
Pd-Ag/alumina substrate. The film was annealed at 1200oC. Inset shows the magnified surface picture.
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3.3. Ferroelectric fine-grained glass-ceramic composites
Apart from BST ceramics composites, this modified hybrid process was employed to pro‐
duce fine-grained Pb(Zr,Ti)O3-based glass-ceramic composites. In general, fine ferroelectric
glass-ceramics with high-crystalline phase content are desirable for better dielectric proper‐
ties; however, the content is quite limited by using conventional melting/quenching glass-
ceramics technique [26], because of the high volatility of the lead and the high melting
temperature of the zirconium. Besides, zirconium is simply not soluble in many types of
glass. On the other hand, in ferroelectric glass-ceramics derived from conventional sol−gel
process, aggregation of ultrafine powders and formation of secondary phases are still diffi‐
cult to be overcome [23]. Therefore, we applied the hybrid processing to fabricate the fine-
grained Pb(Zr,Ti)O3-based ferroelectric glass-ceramic composites at relatively low sintering
temperatures of below 900oC. A dense, homogeneous, and fine-grained ferroelectric glass-
ceramic composite were achieved successfully.
3.3.1. Sintering behavior
Nano-sized Pb(Zr0.53Ti0.47)O3 (PZT) powder was prepared via a polymer-assisted sol−gel
method sintered at 800oC for 2h [17]. Alternatively, PbO-B2O3-SiO2 (PBS) ternary phase with
molar ratio of 2:2:1 was selected and used to form the PBS sol precursor. Then, PBS sol pre‐
cursor was poured into glass vessel and kept at room temperature for three days to form a
gel. The translucent gel was then dried at 120oC for 10 h. The dried gel was dissolved in
ethanol together with the nano-sized PZT powder. The mixture was then mixed thoroughly
to form Pb(Zr0.53Ti0.47)O3−PbO-B2O3-SiO2 (PZT−PBS) powder-solution suspension/slurry (gel
solution) by conventional ball milling for 2 h. The mass ratio of the PBS dried gel powder
(W gel(wt%)) to the nano-sized PZT powder was in the range of 3‒30 wt%. The final slurry
was dried at 120oC, calcined at 450oC for 2 h, and granulated to obtain PZT–PBS ceramic
powders. The powders were uniaxially pressed into disk pellets with a diameter of 13 mm
and a thickness of about 0.7−1 mm at a pressure of 4 MPa in a stainless steel die. All the
pressed pellets were finally sintered at 900oC for 4 h in air atmosphere, except for 30 wt%
sample which was sintered at 850oC.
3.3.2. Microstructure and properties
The XRD patterns of (a) PBS gel powder, (b) nano-sized PZT powder, (c)-(f) PZT−PBS glass-
ceramics composites with various glass-gel contents are shown in Fig. 17. For PBS-glass sys‐
tem, no sharp peaks were detected indicating the amorphous nature of the PBS dried gel
powder. For nano-sized PZT powder calcined at 800oC, the XRD pattern exhibited a pure
perovskite PZT structure. In Figs. 17(c)−(f), the XRD patterns indicated the presence of high‐
ly pure and crystalline pervoskite PZT structure in the PZT−PBS glass-ceramics. No inter‐
mediate or interfacial as well as impurity phases were observed in all the samples, even for
the ceramic with 30 wt% PBS gel content. These results indicated the success in synthesizing
PZT–PBS ceramic composites using the modified hybrid processing route. As expected, with
increasing wt% of glass gel content, the peak intensity was slightly diminished.
Low Temperature Hybrid Processing Technology of Fine Electronic Ceramics
http://dx.doi.org/10.5772/53255
133
Figure 15. (a) Temperature dependence dielectric constant and loss tangent, and (b) the tuning behavior of dielectric
constant of fine-grained BST ceramic at 10 kHz and room temperature under dc bias voltage.
While, Figure 16(a) shows the surface morphology of the BST thick film fabricated from ce‐
ramic slurry, which was prepared by combining nano-sized and micron-sized BST powders
as the filler in the BST sol precursor matrix. Inset of Fig. 16(a) shows the magnified surface
profile. The film was screen-printed on Pd-Ag/alumina substrate and annealed at 1200oC. It
is interesting to find that inhomogeneous concrete-like structure, in which big grains in the
diameter around ten or tens of micrometers (stones in concrete) and medium grains in the
range of micrometer or sub-micrometers (sands in concrete) were adhered by gel derived
substance. The dielectric constant was found to be about 1800 with a loss tangent slightly
below 0.02 at 10 kHz at room temperature. These values were higher than those values
shown in Fig. 15, but close to those values obtained in bulk ceramics formed by convention‐
al solid-state technology. However, the detailed characteristics of the novel concrete-like
structures still need to be further studied in future work.
Figure 16. (a) Surface micrograph and (b) temperature dependence dielectric constant as well as loss tangent of the
BST thick film which was prepared by combining nano- and micron-sized BST powders as filler and screen-printing on
Pd-Ag/alumina substrate. The film was annealed at 1200oC. Inset shows the magnified surface picture.
Sintering Applications132
3.3. Ferroelectric fine-grained glass-ceramic composites
Apart from BST ceramics composites, this modified hybrid process was employed to pro‐
duce fine-grained Pb(Zr,Ti)O3-based glass-ceramic composites. In general, fine ferroelectric
glass-ceramics with high-crystalline phase content are desirable for better dielectric proper‐
ties; however, the content is quite limited by using conventional melting/quenching glass-
ceramics technique [26], because of the high volatility of the lead and the high melting
temperature of the zirconium. Besides, zirconium is simply not soluble in many types of
glass. On the other hand, in ferroelectric glass-ceramics derived from conventional sol−gel
process, aggregation of ultrafine powders and formation of secondary phases are still diffi‐
cult to be overcome [23]. Therefore, we applied the hybrid processing to fabricate the fine-
grained Pb(Zr,Ti)O3-based ferroelectric glass-ceramic composites at relatively low sintering
temperatures of below 900oC. A dense, homogeneous, and fine-grained ferroelectric glass-
ceramic composite were achieved successfully.
3.3.1. Sintering behavior
Nano-sized Pb(Zr0.53Ti0.47)O3 (PZT) powder was prepared via a polymer-assisted sol−gel
method sintered at 800oC for 2h [17]. Alternatively, PbO-B2O3-SiO2 (PBS) ternary phase with
molar ratio of 2:2:1 was selected and used to form the PBS sol precursor. Then, PBS sol pre‐
cursor was poured into glass vessel and kept at room temperature for three days to form a
gel. The translucent gel was then dried at 120oC for 10 h. The dried gel was dissolved in
ethanol together with the nano-sized PZT powder. The mixture was then mixed thoroughly
to form Pb(Zr0.53Ti0.47)O3−PbO-B2O3-SiO2 (PZT−PBS) powder-solution suspension/slurry (gel
solution) by conventional ball milling for 2 h. The mass ratio of the PBS dried gel powder
(W gel(wt%)) to the nano-sized PZT powder was in the range of 3‒30 wt%. The final slurry
was dried at 120oC, calcined at 450oC for 2 h, and granulated to obtain PZT–PBS ceramic
powders. The powders were uniaxially pressed into disk pellets with a diameter of 13 mm
and a thickness of about 0.7−1 mm at a pressure of 4 MPa in a stainless steel die. All the
pressed pellets were finally sintered at 900oC for 4 h in air atmosphere, except for 30 wt%
sample which was sintered at 850oC.
3.3.2. Microstructure and properties
The XRD patterns of (a) PBS gel powder, (b) nano-sized PZT powder, (c)-(f) PZT−PBS glass-
ceramics composites with various glass-gel contents are shown in Fig. 17. For PBS-glass sys‐
tem, no sharp peaks were detected indicating the amorphous nature of the PBS dried gel
powder. For nano-sized PZT powder calcined at 800oC, the XRD pattern exhibited a pure
perovskite PZT structure. In Figs. 17(c)−(f), the XRD patterns indicated the presence of high‐
ly pure and crystalline pervoskite PZT structure in the PZT−PBS glass-ceramics. No inter‐
mediate or interfacial as well as impurity phases were observed in all the samples, even for
the ceramic with 30 wt% PBS gel content. These results indicated the success in synthesizing
PZT–PBS ceramic composites using the modified hybrid processing route. As expected, with
increasing wt% of glass gel content, the peak intensity was slightly diminished.
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Figure 17. XRD patterns of PBS gel powder (a) dried at 120oC; (b) nano-sized PZT powder calcined at 800oC, together
with (c)‒(f) the glass-ceramic composites with different glass-gel additions.
The surface and cross-sectional morphologies of a representative sample of 5 wt% glass-gel
content are shown in Figure 18. In Fig. 18(a), a dense, homogeneous and well-developed mi‐
crostructure was obtained at low-firing temperature with a relative density of about 94%
theoretical density. Moreover, it is also observed that the grain size of the PZT phases was
about 1‒2 µm. In Fig. 18(b), the cross-sectional SEM micrograph revealed a mixture of inter-
and trans-granular fracture in the glass phase. The EDS analysis showed that the composi‐
tion of the crystal grain (mark 2) contained only Pb, Ti, Zr and O elements; while for the
grain boundary (mark 1), besides Pb, Ti, Zr and O elements, some Si element was detected.
The minor amount of Si composition (in Italics) shown in the inset of Fig. 18(d) was negligi‐
ble due to the error of the EDS detector (approximately ±5 at.%). On the basis of our results,
we demonstrate that the modified hybrid process proposed in this study (i.e., gel solution in
place of the sol precursor) can concisely control the amount of the crystalline phase content
employed in the matrix. This new processing technique provides an easy, flexible, and re‐
producible feature, and should be extensively used in screen-printing, tape-casting or even
in traditional ceramics and composites process to reduce the processing temperature.
Figure 19 shows the dielectric constant as a function of temperature for a typical 5 wt% sam‐
ple at four different frequencies (1 kHz, 10kHz, 100 kHz and 1 MHz). The inset shows the
corresponding temperature dependence loss tangents. The room-temperature dielectric con‐
stant was about 920 with a loss tangent of about 0.02. As the temperature increased, both the
dielectric constant and the loss tangent increased. At about 400oC, the dielectric constant de‐
creased with increasing temperature for different frequencies, except 1 kHz i.e. the dielectric
constant of the sample at about 400oC did not drop with increasing temperature at 1 kHz.
Thus, the dielectric spectra exhibited a characteristic dispersion at 400oC, namely, the Curie
temperature. This indicates that the glass-ceramic composite had a strong tendency of diffu‐
sion phase transition. This diffused peak may be owing to the fine structure and the glass-
ceramics containing PbO-B2O3-SiO2 continuous matrix [27]. The apparent increase in
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dielectric constant at elevated temperature was probably due to increase loss in this temper‐
ature range. This trend is consistent with the fact that PZT crystals, surrounded by a glassy
matrix, have a higher electrical conductivity at higher temperature. In amorphous materials,
the ease of polarizability, and hence dielectric constant, increases with temperature because
of their relatively weak bonding structure. Correspondingly, as shown in inset of Fig. 19, the
loss tangent increased markedly as the measuring temperature was increased above the Cu‐
rie temperature.
Figure 18. Surface and cross-sectional micrographs of a representative sample with 5 wt% glass-gel content, together
with EDS analyses at two spots.
Figure 19. Temperature dependence dielectric constant for a typical 5 wt% sample at 1 kHz−1 MHz. Inset shows the
loss tangent as a function of temperature.
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Figure 20 shows the room temperature ferroelectric hysteresis loop (P − E ) for a typical sam‐
ple with 5 wt% glass-gel content at 100 Hz. The loop showed reasonable ferroelectricity of
the embedded PZT (53/47) crystallites, demonstrating a high volume fraction of PZT phase
existed in the sample. The measured Ps, Pr  and Ec was 21.9 µC/cm2, 10.8 µC/cm2 and 2.19
kV/mm, respectively. These results demonstrate that these fine-grained glass-ceramics have
a high application potential for micro-electronics.
Figure 20. Ferroelectric hysteresis loop of a representative sample with 5 wt% glass-gel content at 100 Hz at room
temperature.
3.4. Multiferroic magnetoelectric fine-grained ceramic composites
Following the general tendency of the microelectronic industry towards miniaturization and
integration, it is of paramount important to find materials with best properties in small vol‐
ume and possess more functions in the same structure. Multiferroic materials, which com‐
bine two or more primary ferroic orders such as ferromagnetic and ferroelectric orders [28],
have attracted considerable research activity in recent years not only because they have the
properties of both parental compounds, but also because they show multifunctionality
caused by the coupling between the orders [19]. In here, the modified hybrid process as in‐
troduced above was employed to prepare the fine-grained multiferroic Pb(Zr0.53Ti0.47)O3-
(Ni0.5Zn0.5)Fe2O4 (PZT-NZFO) ceramic composites at a low sintering temperature of 900oC.
3.4.1. Sintering behavior
NZFO powder was prepared by a conventional solid-state process. Fe2O3, NiO, and ZnO
powders were first mixed using conventional ball milling. After calcinating at 1000oC for 2
h, submicron-sized NZFO powder with an average size of 100-500 nm was obtained. Then,
the calcined nano-sized PZT powder coated with glassy phase as described in section 3.3.1
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was mixed with the NZFO powder by ball milling for 2 h. The resulting ceramic slurry was
dried at 150oC for 10 h. The granulated powder was uniaxially pressed into disk (13 mm di‐
ameter, 0.50.7 mm thickness) at a pressure of 4 MPa in a stainless steel die. All the specimens
were finally sintered in air at 900oC for 4 h. In the present work, wt% ratios of NZFO pow‐
der and glass coated nano-sized PZT particulates of 10/90, 15/85, 25/75, 50/50 and 60/40 were
adopted (denoted as 10 wt%, 15 wt%, 25 wt%, 50 wt% and 60 wt% composites).
3.4.2. Microstructure and properties
Figure 21 shows the XRD patterns of PZT-NZFO composites at various mixing ratios. In Fig.
21(a), the diffraction pattern of NZFO powder calcined at 1000oC demonstrated a pure and
crystalline Ni-Zn ferrite with spinel structure. For nano-sized PZT powder coated by glass
and calcined at 450oC [Fig. 21(b)], all the peaks exhibited the presence of pure PZT phase
with a perovskite structure. For the composites with 10, 15, 25, 50 and 60 wt% of ferrite con‐
tents [Figs. 21(c)-(g)], all the peaks were identified distinctly as either from ferroelectric
(PZT) or ferrimagnetic (Ni-Zn ferrite) phases. Thereby, the preparation of a composite con‐
taining both ferroelectric and ferrimagnetic phases was successful.
Figure 21. XRD patterns of the PZT-NZFO composite ceramics with various amount of NZFO phase contents sintered
at 900oC for 4 h.
Figure 22 shows the surface morphologies of three selected composites with different ferrite
contents: (a) 15 wt%, (b) 25 wt%, and (c) 50 wt%. General speaking, the surface of the com‐
posites were dense and homogeneous. Well-developed fine grains were observed with a
good mixture of the two phases in the ceramics at low firing temperature. The EDX results
suggested that grains of average size of 1- 2 µm were the PZT phase and those of size below
500 nm were the NZFO phase. It was clearly seen that the grain size of NZFO phase (about
100‒500 nm) remained unchanged in all the samples. Here, well-crystallized NZFO powders
were used as template (i.e. 3-0 connectivity pattern) for the in-situ preparation of the compo‐
sites, the subsequent sintering for promoting the PZT grain growth practically did not
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kV/mm, respectively. These results demonstrate that these fine-grained glass-ceramics have
a high application potential for micro-electronics.
Figure 20. Ferroelectric hysteresis loop of a representative sample with 5 wt% glass-gel content at 100 Hz at room
temperature.
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(Ni0.5Zn0.5)Fe2O4 (PZT-NZFO) ceramic composites at a low sintering temperature of 900oC.
3.4.1. Sintering behavior
NZFO powder was prepared by a conventional solid-state process. Fe2O3, NiO, and ZnO
powders were first mixed using conventional ball milling. After calcinating at 1000oC for 2
h, submicron-sized NZFO powder with an average size of 100-500 nm was obtained. Then,
the calcined nano-sized PZT powder coated with glassy phase as described in section 3.3.1
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were finally sintered in air at 900oC for 4 h. In the present work, wt% ratios of NZFO pow‐
der and glass coated nano-sized PZT particulates of 10/90, 15/85, 25/75, 50/50 and 60/40 were
adopted (denoted as 10 wt%, 15 wt%, 25 wt%, 50 wt% and 60 wt% composites).
3.4.2. Microstructure and properties
Figure 21 shows the XRD patterns of PZT-NZFO composites at various mixing ratios. In Fig.
21(a), the diffraction pattern of NZFO powder calcined at 1000oC demonstrated a pure and
crystalline Ni-Zn ferrite with spinel structure. For nano-sized PZT powder coated by glass
and calcined at 450oC [Fig. 21(b)], all the peaks exhibited the presence of pure PZT phase
with a perovskite structure. For the composites with 10, 15, 25, 50 and 60 wt% of ferrite con‐
tents [Figs. 21(c)-(g)], all the peaks were identified distinctly as either from ferroelectric
(PZT) or ferrimagnetic (Ni-Zn ferrite) phases. Thereby, the preparation of a composite con‐
taining both ferroelectric and ferrimagnetic phases was successful.
Figure 21. XRD patterns of the PZT-NZFO composite ceramics with various amount of NZFO phase contents sintered
at 900oC for 4 h.
Figure 22 shows the surface morphologies of three selected composites with different ferrite
contents: (a) 15 wt%, (b) 25 wt%, and (c) 50 wt%. General speaking, the surface of the com‐
posites were dense and homogeneous. Well-developed fine grains were observed with a
good mixture of the two phases in the ceramics at low firing temperature. The EDX results
suggested that grains of average size of 1- 2 µm were the PZT phase and those of size below
500 nm were the NZFO phase. It was clearly seen that the grain size of NZFO phase (about
100‒500 nm) remained unchanged in all the samples. Here, well-crystallized NZFO powders
were used as template (i.e. 3-0 connectivity pattern) for the in-situ preparation of the compo‐
sites, the subsequent sintering for promoting the PZT grain growth practically did not
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change the crystallization of the NZFO component. Besides, the grain size of PZT phase in
the ceramics was well-controlled and possessed a narrow size distribution with no forma‐
tion of large grain. This means that excessive grain growth could be restrained by the modi‐
fied hybrid process. For various compositions of PZT-NZFO ceramics sintered at same
temperature, the proportion of the two phases determined from the relative peak intensity
ratios of the parent phases roughly agreed with the nominal ones [Fig. 21(c)-(g)].
Figure 22. SEM surface micrographs of the composite ceramic with various amounts of NZFO content.
Figure 23. (a) Frequency dependence αE  under Hdc=1 kOe and Hac=1 Oe, (b) the dc bias magnetic field dependence
αE  under an ac magnetic input signal at 1 kHz and 10 Oe amplitude. The inset in (a) shows the impedance as a func‐
tion of frequency in a poled 15 wt% composite.
Magnetoelectric (ME) coupling effect in the 15 wt% composite was studied by measuring
the voltage response of the sample exposed to alternating and constant (bias) magnetic field
as shown in Figure 23. In Fig. 23(a), a dramatic gain of up to 0.537 Vcm-1Oe-1 in the vicinity
of electromechanical resonance was found. In Fig. 23(b), with an increase in dc bias magnet‐
ic field, αE  increased to a maximum value of about 33 mVcm-1Oe-1 at 1 kOe and then drop‐
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ped with increasing dc bias field. It remained nearly constant beyond 3 kOe. We attribute
the high αE  to high quality of fine-grained microstructure obtained by the modified hybrid
processing at low firing temperature which avoids undesired phases and interphase diffu‐
sion of the constitutional atoms caused by the high-temperature sintering in conventional
solid-state process. Furthermore, this low firing temperature lessens the thermal expansion
mismatch due to the different sintering behavior between the constituent ferroelectric and
ferrimagnetic phases. It also reduces the formation of microcracks and pores in the compo‐
sites. Therefore, the ME response of the composite ceramics can be enhanced by transferring
elastic strains fully when the components are in good contact. In this current work, the en‐
hanced ME coupling in the fine-grained composite might find promising applications as
high-frequency magnetic field sensors, transducers and magnetic field tunable microwave
signal processors.
4. Summary
In this chapter, fine electronic ceramics, such as tunable microwave bulk barium-strontium
titanate (Ba0.6Sr0.4)TiO3 (BST) ceramics, thick BST films, BST-MgO bulk ceramics, and ferro‐
electric Pb(Zr0.53Ti0.47) (PZT)−based glass-ceramics, as well as multiferroic Pb(Zr0.53Ti0.47)-
(Ni0.5Zn0.5)Fe2O4 (PZT-NZFO) ceramic composites, have been successfully prepared by either
hybrid or modified hybrid process at low sintering temperatures. For bulk BST ceramics, a
well-densified and homogeneous microstructure was obtained at a sintering temperature of
1200oC, which was 200oC lower than that of the conventional solid-state process. The BST
thick films were deposited on various substrates including Pt, Ag/alumina and Pd-Ag/
alumina by spin-coating or screen-printing methods. High quality thick films were fabricat‐
ed at annealing temperatures ranging between 600~1200oC. In addition, dense, homogene‐
ous and well-sintered BST-MgO ceramics with grain size of 300 nm−2 µm were produced at
sintering temperature < 1300oC, 100−200oC lower than that of the conventional solid-state ce‐
ramic process. At the same time, PZT based ferroelectric glass-ceramics were investigated.
Dense and well-developed glass ceramic composites with a grain size below 2 µm were pro‐
duced at a relatively low sintering temperature of 900oC by a modified hybrid process, and
the apparent ferroelectric hysteresis loop demonstrated the high volume fraction of ferro‐
electric phase in the glass-ceramic composite, which overcome the drawback of both con‐
ventional melting/quenching glass-ceramic technology and sol-gel route. Finally, the
modified hybrid process was introduced to prepare multiferroic magnetoelectric PZT-NZFO
ceramic composite at a low sintering temperature of 900oC. Dense, well-developed and ho‐
mogeneous microstructures were obtained with a well-controlled grain size and good mix‐
ing of the two phases in the ceramics. On the basis of our studies, we demonstrate that
either the hybrid or the modified hybrid ceramic processing technology is a very promising
new technology for fabrication of ceramics as well as composites. We consider that this ap‐
proach should also be useful for almost all the ceramic materials and devices, realizing the
dream of retaining a fine or ultra-fine grain size in fully sintered products at relatively low
firing temperature by a simple, flexible and reproducible processing.
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1. Introduction
In order to stay successful in an environment of competing shaping technologies, the manu‐
facturers must also in the future improve every single processing step, which involves in de‐
crease of the compaction press downtime caused by tool-setting interactions or tool
readjustments.
The foreword of Paul Beiss (RWTH Aachen) in the book “Modeling of Powder Die Compac‐
tion”, edited by Peter R. Brewin, Olivier Coube, Pierre Doremus and James H. Tweed (2008,
Springer-Verlag London Limited) shows us that the “Die compaction of powders that develop
green strength on compaction is the absolutely dominating forming technology for powdered materi‐
als. Areas of application are structural parts, hardmetal and ceramic indexable inserts, pharmaceuti‐
cal tablets, electrical contacts, filters, hard magnets, soft magnetic composites, friction materials and
many others. In particular, multi cross-sectional net-shape geometries have been gaining importance
continuously, because the ability to deliver complex shapes with higher and higher productivity has
contributed to competitive advantages over alternative forming techniques. Since the raw material us‐
age is better than 90% in die compaction, even in areas that could be served by competing manufac‐
turing technologies, die compaction of powders is often the most economical solution. The industries
applying this technique have seen tremendous innovation especially in shape capability, reproducibili‐
ty and productivity over the last 15 years that has resulted in high added value, astonishing growth
rates and increased employment also in high labor cost countries”.
To increase the strength, ductility and formability keeping good electric conductivity of
these specific copper alloys, there have been used special thermal treatments, as well as var‐
iations in the chemical composition. In this work were synthesized ternary copper alloys
© 2013 Monteiro et al.; licensee InTech. This is an open access article distributed under the terms of the
Creative Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits
unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
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with the aim of obtaining a steadily alloys production by sintering (powder metallurgy) in
laboratory scale and optimizing the electrical and mechanical properties.
The alloy elements are added to copper to improve its mechanical resistance, ductility and
thermal stability, without causing considerable costs on its form, electric and thermal con‐
ductivity and its resistance to the corrosion, typical characteristic aspects of pure copper. It
is well known that the mechanical resistance in metallic alloys depends on the size, type,
form and regular distribution of precipitations, which is also fundamental to obtain an elec‐
trical conductivity similar to that of the copper matrix.
Samples of ternary Cu-Ni based alloys (precursors of high purity; powder form; weight %;
alloy element: Al; Sn; Cr), initially compressed, sintered and sometimes homogenized were
characterized by optical metallography (microstructure), mechanical strength (hardness
Vickers), electrical properties (electrical conductivity) and structural characterization (X-rays
diffraction) for the study of the influence of sintering (powder metallurgy).
The major contribution of these sintered metallic alloys (compression, homogenization and
sintering of metallic powder) is the evolution of their electrical conductivity, mechanical
properties (hardness tests) and microstructure changes after appropriate thermal treatments.
In all analyzed samples the conductivity showed a strong dependence of sintering tempera‐
ture and also of special thermal treatment. Specially, some compositions of Cu-Ni-Cr alloy
perform very interesting physical properties, like mechanical resistance of 1000 MPa and an
average electrical conductivity of more than 75% IACS.
The copper has different applications in the modern society due to its excellent thermal con‐
ductivity, electric properties, resistance to the corrosion, resistance to the fatigue and good
mechanical properties. Connectors, contact switches, heaters, valves, piping, pots for ab‐
sorption of solar energy, radiators for automobiles, current driver, electronic driver, contact
sheets, elements of thermostats are common applications. Copper can be used with high pu‐
rity or with addition of alloy elements (Ni, Sn, Be, Pt, Cr, Nb, Pb, Al) that increase the princi‐
pal properties.
Products based on copper alloys such as porous material filters, electric friction equipment,
contacts and structural parts can be manufactured through the process of powder metallur‐
gy, which have the advantages of making fine grained homogeneous structures, forming
complicated shapes with close dimensional tolerances and the ability to produce parts with
a superior surface finishing. These advantages reduce or eliminate costly machining proc‐
esses and allow less scrap loss, compared to other forming methods [1-13].
Diverse types of products based on copper alloys can be manufactured through the process
of powder metallurgy: porous, material filters, electric friction equipment, contacts and
structural parts [14-18]. The aim of this work is to obtain metallic alloys with high mechani‐
cal strength and high electric conductivity after adequate optimization of sintering and ther‐
mal treatments (powder metallurgy) followed by structural, microstructural, electrical and
mechanical characterization of ternary Cu-Ni based alloys.
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The alloy elements are added to copper with the purpose to improve its resistance, ductility
and thermal stability, without causing considerable damages on its form, electric and ther‐
mal conductivity and resistance to the corrosion, typical characteristic aspects of pure cop‐
per. The choice of these current alloys is related to the studies carried through previously in
ternary alloys to similar copper nickel base the chosen ones [1-7; 13-16].
The process of making powders, compacting them into useful shapes and then sintering
them is costly, but the finished parts have some specific advantages over wrought or cast
parts. The main advantages are: the possibility to make fine grained homogenous structures;
the ability to form complicated shapes with close dimensional tolerances. Costly machining
processes are thus reduced or eliminated and consequently there is less scrap loss compared
to other forming methods [13-16].
The mechanical resistance in metallic alloys depends on the size, type, form and a regular
distribution of precipitations, which is also fundamental to obtain an electrical conductivity
similar to that of the copper matrix. To increase the mechanical resistance, ductility and
formability keeping good electric conductivity of these alloys, there have been used special
thermal treatments as well as variations in the chemical composition.
The main production of  metallic  materials  is  acquired by casting [1-8].  The contribution
to the production of metallic parts by powder metallurgy is increased of consistent out‐
line, supported for inestimable advantages. The list of benefits in the industrial processes
of  sintering is  great  and,  not  rare,  surprises  the  coordinators  of  production of  different
industries that had not yet tried the technology and attend the explanation of specialists
in the area [15-18].
It is therefore most economical to use powder metallurgy for the high volume production of
small, intricately shaped, and/or very precise parts such as gears and links. In addition, the
process offers the potential to produce a wide variety of alloys with different material prop‐
erties such as high temperature toughness and hardness.
This work attempts to obtain systematic stages of the sintering and homogenization of the
ternary copper nickel alloys utilizing powder metallurgy. Being an alternative process to the
conventional processes, the powder metallurgy also allows, in some cases, the structural
manufacture of parts and components in economically and more advantageous conditions.
Varied types of products of copper based alloys can be manufactured through the process of
powder metallurgy for electric friction, contacts and structural parts. The alloy elements are
added to copper with intention to improve the resistance, the ductility and the thermal sta‐
bility, without causing considerable damages on its shape, electric and thermal conductivity,
and also resistance to the corrosion [3-5].
Next to casting, mechanical forming and machining, powder metallurgy (PM) technology is
an important method of manufacturing metal parts. Undesirable characteristics of ingot
based metals can be greatly reduced, and desired properties of metals, which would normal‐
ly not alloy easily, can be achieved by combining different metal powders or mixtures of
metal and non-metal powders [14-18].
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Costly machining processes are thus reduced or eliminated and consequently there is less
scrap loss compared to other forming methods. It is therefore most economical to use pow‐
der metallurgy for the high volume production of small, intricately shaped, and/or very pre‐
cise parts such as gears and links. In addition, the process offers the potential to produce a
wide variety of alloys with different material properties such as high temperature toughness
and hardness [17, 18].
Powder production and mixing is a highly specialized and complex process which produces
custom made powder mixes designed to satisfy the needs of a specific application. A good
powder mix not only has the ability to produce the required properties of a specific alloy,
but also needs to facilitate handling, compacting and sintering.
For instance, the easy flow of powder and its capability to mix evenly with other powders is
important for an even powder distribution before pressing, and ensures uniform properties
of the finished part. Thinking in the theory for creep of dispersion-strengthened metals de‐
veloped by Rösler and Arzt [19] to predict the optimum particle size for a given service tem‐
perature and to illustrate the need for a high interfacial energy. Resistance to coarsening
leads to a requirement for low diffusivity and solubility of particle constituent elements in
the matrix.
Based on the needs for a low difference in the coefficients of thermal expansion to mini‐
mize  thermal-mechanical  fatigue  damage  and low diffusivity  and solubility  of  the  con‐
stituent  elements,  several  candidate  ceramic  phases  are  compared  using  a  weighted
property  index  scheme.  The  results  of  this  quantitative  comparison  suggest  that  CeO2,
MgO, CaO and possibly Y2O3  may be good candidates for the dispersed phase in a cop‐
per matrix [18 - 20].
2. Experimental conditions
Powder production and mixing is a highly specialized and complex process which produces
custom made powder mixes designed to satisfy the needs of a specific application. A good
powder mix not only has the ability to produce the required properties of a specific alloy,
but also needs to facilitate handling, compacting and sintering. Experimentally, for instance,
the easy flow of powder and its capability to mix evenly with other powders is important
for an even powder distribution before pressing, and ensures uniform properties of the fin‐
ished part. In research and failure analysis, metallography is a major tool used to develop
new products and improve manufacturing processes. In addition to chemical analysis, qual‐
ity control also includes physical methods for checking density, dimensional changes, flow
rate etc.
As the density of the compacted and sintered part influences its key properties of strength,
ductility and hardness, a specific porosity is critical. For process control, metallography is
used to check porosity, non-metallic inclusions and cross-contamination.
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Figure 1. Ternary Cu-Ni alloys distributed in alumina boat for sintering and homogenizing heat treatment in vacuum
furnace.
Figure 2. Chart for cutting planes of the cylinder samples on ternary Cu-Ni alloys
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For the production of components the mixed powders are first compacted under high pres‐
sure in a suitable system. At this stage the part has the geometrical features of the finished
component, but not its strength and is called the “green” part. The bonding occurs through
diffusion between adjacent particles. In order to develop the mechanical and physical prop‐
erties of the material, metallurgical bonding has to take place through sintering at high tem‐
perature in a sintering furnace. The bonding occurs through diffusion between adjacent
particles (Fig.1).
Cold mounting of the sintered and homogenization samples was done by optical and hard‐
ness studies. The compacts were grinded with 400, 600, 800, 1000 and 1200 SiC papers fol‐
lowed by fine wet wheel polishing (diamond or alumina pastes). Vickers hardness of the
polished specimens was measured on a hardness tester (HXD 1000TM – Pantec, load of 100 g).
To avoid oxidation, which would impair the inter-particle bonding, the sintering process is
conducted in a protective atmosphere or convenient vacuum. The bonding increases the
density, and pressed and sintered powder metal parts generally contain some residual po‐
rosity depending of the initial conditions. The as-pressed compacts were conventionally sin‐
tered in a vacuum Carbolite furnace that had a stabilized thermal gradient (hot zone) of
about 150 mm.
In research and failure analysis, metallography is a major tool used to develop new products
and improve manufacturing processes. The procedure for cutting the samples for metallo‐
graphic and mechanical tests is represented in the scheme in Figure 2.
In addition to chemical analysis, quality control also includes physical methods for checking
density, dimensional changes, flow rate etc. Acidic FeCl3 was used as the etchant and the
microstructures of selected etched samples were observed in an optical microscope. In the
case of Cu-Ni-Cr alloys the apparent density of the samples was measured before and after
the thermal treatments.
Special samples for electrical conductivity studies were characterized using an Agilent
4338B Milliohmmeter, through resistance measurements, that were performed repeatedly in
all samples to avoid eventual errors.
X - rays powder diffraction data of various samples of the three alloys were collected with a
conventional diffractometer with fixed monochromator. From samples of the Cu-Ni-Cr al‐
loys the x rays data were collected using synchrotron radiation with a Hubert diffractometer
at the beam line XRD2 of the Brazilian Synchrotron LNLS (Campinas, São Paulo State, Bra‐
zil), using energies of 8keV and 10keV and counting time of 2 seconds. The structures of the
samples were refined by the Rietveld Method using GSAS [23]. The peak profiles were si‐
mulated using function number 4 of GSAS.
2.1. Cu-Ni-Sn alloys
The as-pressed compacts were conventionally sintered in a vacuum Carbolite furnace that
had a hot zone of about 150 mm. At the utilized composition the Cu-Ni-Sn alloys can be con‐




Chemical alloy composition (wt %) Cu-0.5%Ni-0.5%Sn; Cu-1.0%Ni-0.5%Sn; Cu-1.0%Ni-1.0%Sn;
Cu-3.0%Ni-3.0%Sn; Cu-5.0%Ni-5.0%Sn
Sample dimensions ϕ = 10.2mm and h = 14.8mm (cylinder)
Sample weight 6.5 g
Sintering temperature and sample
conditions
Sintering temperature (K) Condition for premixed
Vacuum
pressure
823 – 1073 Solid state sintering 10-4 mBar
Sintering time 1.8x103 to 5.4x103 s
Homogenization time 3.6 to 28.8 x103 s
Table 1. Sintering parameters of Cu-Ni-Sn alloys
2.2. Cu-Ni-Al alloys
The Cu-Ni-Al alloys can be consolidated by solid state sintering. The most important condi‐
tions are presented in Table 2.
Condition Premixed
Compaction pressure 20MPa
Chemical alloy composition (wt %) Cu-0.5%Ni-0.5%Al; Cu-1.0%Ni-0.5%Al; Cu-1.0%Ni-1.0%Al;
Cu-3.0%Ni-3.0%Al; Cu-4.0%Ni-4.0%Al
Sample dimensions ϕ = 10.2mm and h = 14.8mm (cylinder)
Sample weight 6.5 g
Sintering temperature and sample
conditions
Sintering temperature (K) Condition for premixed
Vacuum
pressure
823 – 1073 Solid state sintering 10-4 mBar
Sintering time (s) 1.8x103 to 5.4x103
Homogenization time (s) 3.6 to 28.8 x103
Table 2. Sintering parameters of Cu-Ni-Al alloys
2.3. Cu-Ni-Cr alloys
High purity powders of copper, nickel and chromium were mixed for a suitable time and
then compacted under 20 MPa in a cold uniaxial pressing. Afterwards, the specimens were
sintered in temperatures varying from 973 K up to 1073 K in a high vacuum Carbolite fur‐
nace that had a hot zone of about 150mm under vacuum. At last, the samples were homo‐
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For the production of components the mixed powders are first compacted under high pres‐
sure in a suitable system. At this stage the part has the geometrical features of the finished
component, but not its strength and is called the “green” part. The bonding occurs through
diffusion between adjacent particles. In order to develop the mechanical and physical prop‐
erties of the material, metallurgical bonding has to take place through sintering at high tem‐
perature in a sintering furnace. The bonding occurs through diffusion between adjacent
particles (Fig.1).
Cold mounting of the sintered and homogenization samples was done by optical and hard‐
ness studies. The compacts were grinded with 400, 600, 800, 1000 and 1200 SiC papers fol‐
lowed by fine wet wheel polishing (diamond or alumina pastes). Vickers hardness of the
polished specimens was measured on a hardness tester (HXD 1000TM – Pantec, load of 100 g).
To avoid oxidation, which would impair the inter-particle bonding, the sintering process is
conducted in a protective atmosphere or convenient vacuum. The bonding increases the
density, and pressed and sintered powder metal parts generally contain some residual po‐
rosity depending of the initial conditions. The as-pressed compacts were conventionally sin‐
tered in a vacuum Carbolite furnace that had a stabilized thermal gradient (hot zone) of
about 150 mm.
In research and failure analysis, metallography is a major tool used to develop new products
and improve manufacturing processes. The procedure for cutting the samples for metallo‐
graphic and mechanical tests is represented in the scheme in Figure 2.
In addition to chemical analysis, quality control also includes physical methods for checking
density, dimensional changes, flow rate etc. Acidic FeCl3 was used as the etchant and the
microstructures of selected etched samples were observed in an optical microscope. In the
case of Cu-Ni-Cr alloys the apparent density of the samples was measured before and after
the thermal treatments.
Special samples for electrical conductivity studies were characterized using an Agilent
4338B Milliohmmeter, through resistance measurements, that were performed repeatedly in
all samples to avoid eventual errors.
X - rays powder diffraction data of various samples of the three alloys were collected with a
conventional diffractometer with fixed monochromator. From samples of the Cu-Ni-Cr al‐
loys the x rays data were collected using synchrotron radiation with a Hubert diffractometer
at the beam line XRD2 of the Brazilian Synchrotron LNLS (Campinas, São Paulo State, Bra‐
zil), using energies of 8keV and 10keV and counting time of 2 seconds. The structures of the
samples were refined by the Rietveld Method using GSAS [23]. The peak profiles were si‐
mulated using function number 4 of GSAS.
2.1. Cu-Ni-Sn alloys
The as-pressed compacts were conventionally sintered in a vacuum Carbolite furnace that
had a hot zone of about 150 mm. At the utilized composition the Cu-Ni-Sn alloys can be con‐




Chemical alloy composition (wt %) Cu-0.5%Ni-0.5%Sn; Cu-1.0%Ni-0.5%Sn; Cu-1.0%Ni-1.0%Sn;
Cu-3.0%Ni-3.0%Sn; Cu-5.0%Ni-5.0%Sn
Sample dimensions ϕ = 10.2mm and h = 14.8mm (cylinder)
Sample weight 6.5 g
Sintering temperature and sample
conditions
Sintering temperature (K) Condition for premixed
Vacuum
pressure
823 – 1073 Solid state sintering 10-4 mBar
Sintering time 1.8x103 to 5.4x103 s
Homogenization time 3.6 to 28.8 x103 s
Table 1. Sintering parameters of Cu-Ni-Sn alloys
2.2. Cu-Ni-Al alloys
The Cu-Ni-Al alloys can be consolidated by solid state sintering. The most important condi‐
tions are presented in Table 2.
Condition Premixed
Compaction pressure 20MPa
Chemical alloy composition (wt %) Cu-0.5%Ni-0.5%Al; Cu-1.0%Ni-0.5%Al; Cu-1.0%Ni-1.0%Al;
Cu-3.0%Ni-3.0%Al; Cu-4.0%Ni-4.0%Al
Sample dimensions ϕ = 10.2mm and h = 14.8mm (cylinder)
Sample weight 6.5 g
Sintering temperature and sample
conditions
Sintering temperature (K) Condition for premixed
Vacuum
pressure
823 – 1073 Solid state sintering 10-4 mBar
Sintering time (s) 1.8x103 to 5.4x103
Homogenization time (s) 3.6 to 28.8 x103
Table 2. Sintering parameters of Cu-Ni-Al alloys
2.3. Cu-Ni-Cr alloys
High purity powders of copper, nickel and chromium were mixed for a suitable time and
then compacted under 20 MPa in a cold uniaxial pressing. Afterwards, the specimens were
sintered in temperatures varying from 973 K up to 1073 K in a high vacuum Carbolite fur‐
nace that had a hot zone of about 150mm under vacuum. At last, the samples were homo‐
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genized at 823 K under vacuum, for special times. For process control, metallography was
used to check porosity, non-metallic inclusions and cross-contamination. The most impor‐
tant preparation conditions of the samples are presented in Table 3.
Condition Premixed
Compaction pressure (MPa) 20
Chemical alloy composition (wt %) Cu-0.5%Ni-0.5%Cr; Cu-1.0%Ni-0.5%Cr; Cu-1.0%Ni-1.0%Cr;
Cu-1.5%Ni-0.5%Cr
Sample dimensions (mm) ϕ = 10.2 and h = 12.4 (cylinder)
Sample weight (g) 6.4







823 – 1073 Solid state sintering 10-4
Sintering time (s) 1.2x10³ to 5.4x10³
Homogenization time (s) 21.6 to 172.8x103
Table 3. Sintering parameters of Cu-Ni-Cr alloys
3. Results and discussion
3.1. Cu-Ni-Sn alloys
The important data with copper-nickel-tin samples is shown in Table 4 concerning mixing,
compacting, sintering, homogenizing treatments and also values of hardness and electrical
conductivity.





T(K) t(s) T(K) t(s) (MPa) (% IACS)
Cu-1.0%Ni-0.5%Sn 823 5400 -- -- (520 ± 9) (35 ± 4)
Cu-1.0%Ni-0.5%Sn 823 5400 773 21600 (410 ± 8) (40 ± 4)
Cu-1.0%Ni-1.0%Sn 823 5400 773 32400 (540 ± 9) (37 ± 4)
Cu-5.0%Ni-5.0%Sn 823 5400 773 21600 (620 ± 9) (34 ± 4)
Table 4. Mechanical and electrical properties of the copper-nickel-tin alloys obtained by powder metallurgy
Sintering Applications152
The mechanical resistance in metallic alloys depends on the precipitation distribution to ob‐
tain similar electrical conductivity of the copper (matrix). To increase the strength, ductility
and formability keeping good electric conductivity of these alloys, there have been used spe‐
cial thermal treatments as well as variations in the chemical composition. At the present
time the mechanical strength (620MPa) and electrical conductivity (40%IACS) media values
indicate a fine appliance for these alloys utilizing powder metallurgy as a substitute of con‐
ventional metallurgy processing.
The Rietveld refinements using x rays powder diffraction data indicate that the utilized
amounts of nickel and tin did not distorted the copper matrix structure and the refined pro‐
file parameters did not showed any detectable effects in the microstructure.
Concerning the microstructural aspects, figures 3 to 5, show optical micrographs of some
Cu-Ni-Sn alloys. Fine grains presences but with inadequate porosity and second phases
show that a new homogenization treatments will be necessary to overcome this situation
and also investigations with scanning and transmission electron microscopy to identify the
presence of second phase on these alloys.
Figure 3. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Sn, cold compact (20MPa) and sintered at 823K for
1200s
Figure 4. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Sn, cold compact (20MPa) and sintered at 823K
for 1200s.
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genized at 823 K under vacuum, for special times. For process control, metallography was
used to check porosity, non-metallic inclusions and cross-contamination. The most impor‐
tant preparation conditions of the samples are presented in Table 3.
Condition Premixed
Compaction pressure (MPa) 20
Chemical alloy composition (wt %) Cu-0.5%Ni-0.5%Cr; Cu-1.0%Ni-0.5%Cr; Cu-1.0%Ni-1.0%Cr;
Cu-1.5%Ni-0.5%Cr
Sample dimensions (mm) ϕ = 10.2 and h = 12.4 (cylinder)
Sample weight (g) 6.4
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Homogenization time (s) 21.6 to 172.8x103
Table 3. Sintering parameters of Cu-Ni-Cr alloys
3. Results and discussion
3.1. Cu-Ni-Sn alloys
The important data with copper-nickel-tin samples is shown in Table 4 concerning mixing,
compacting, sintering, homogenizing treatments and also values of hardness and electrical
conductivity.
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Cu-1.0%Ni-0.5%Sn 823 5400 -- -- (520 ± 9) (35 ± 4)
Cu-1.0%Ni-0.5%Sn 823 5400 773 21600 (410 ± 8) (40 ± 4)
Cu-1.0%Ni-1.0%Sn 823 5400 773 32400 (540 ± 9) (37 ± 4)
Cu-5.0%Ni-5.0%Sn 823 5400 773 21600 (620 ± 9) (34 ± 4)
Table 4. Mechanical and electrical properties of the copper-nickel-tin alloys obtained by powder metallurgy
Sintering Applications152
The mechanical resistance in metallic alloys depends on the precipitation distribution to ob‐
tain similar electrical conductivity of the copper (matrix). To increase the strength, ductility
and formability keeping good electric conductivity of these alloys, there have been used spe‐
cial thermal treatments as well as variations in the chemical composition. At the present
time the mechanical strength (620MPa) and electrical conductivity (40%IACS) media values
indicate a fine appliance for these alloys utilizing powder metallurgy as a substitute of con‐
ventional metallurgy processing.
The Rietveld refinements using x rays powder diffraction data indicate that the utilized
amounts of nickel and tin did not distorted the copper matrix structure and the refined pro‐
file parameters did not showed any detectable effects in the microstructure.
Concerning the microstructural aspects, figures 3 to 5, show optical micrographs of some
Cu-Ni-Sn alloys. Fine grains presences but with inadequate porosity and second phases
show that a new homogenization treatments will be necessary to overcome this situation
and also investigations with scanning and transmission electron microscopy to identify the
presence of second phase on these alloys.
Figure 3. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Sn, cold compact (20MPa) and sintered at 823K for
1200s
Figure 4. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Sn, cold compact (20MPa) and sintered at 823K
for 1200s.
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Figure 5. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Sn, cold compact (20MPa) and sintered at 823K
for 5400s.
3.2. Cu-Ni-Al alloys
The Table 5 resumes some data with the copper-nickel-aluminum alloys samples concerning
mixing, compacting, sintering, homogenizing treatments and also values of hardness and
electrical conductivity obtain the best condition for electrical and mechanical application
with powder metallurgy processing.





T(K) t(s) T(K) t(s) (MPa) (% IACS)
Cu-1.0%Ni-0.5%Al 1053 5400 -- -- (420 ± 90 (30 ± 3)
Cu-1.0%Ni-0.5%Al 1053 5400 773 21600 (280 ± 7) (35 ± 4)
Cu-1.0%Ni-1.0%Al 1053 5400 -- -- (240 ± 5) (29 ± 3)
Cu-1.0%Ni-1.0%Al 1053 5400 773 32400 (370 ± 9) (30 ± 3)
Cu-5.0%Ni-5.0%Al 1053 5400 773 21600 (400 ± 8) (28 ± 3)
Table 5. Some mechanical and electrical properties of the copper-nickel-aluminum alloys obtained by powder
metallurgy
The mechanical resistance in metallic alloys depends on the precipitation distribution to ob‐
tain similar electrical conductivity of the copper (matrix). At the present time the mechanical
strength (400MPa) and electrical conductivity (35%IACS) values indicate a good application
for these alloys utilizing powder metallurgy instead conventional metallurgy.
Concerning the microstructural aspects, figures 6 to 10 show optical micrographs of some
Cu-Ni-Al alloys. Fine grained presences but with inadequate porosity and second phases
until now show that new homogenization treatments will be necessary to overcome this sit‐
uation and also investigations with scanning and transmission electron microscopy to iden‐
tify the presence of second phase on these alloys.
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The Rietveld refinements using X rays powder diffraction data indicate that the utilized
amounts of nickel and aluminum do not distorted the copper matrix structure significantly.
Furthermore, no special broadening of peak profiles was detected, which indicates that crys‐
tallite sizes are not affected.
Figure 6. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Al, cold compact (20MPa) and sintered at 923K for
1200s
Figure 7. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Al, cold compact (20MPa) and sintered at 1053K for
5400s.
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Figure 5. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Sn, cold compact (20MPa) and sintered at 823K
for 5400s.
3.2. Cu-Ni-Al alloys
The Table 5 resumes some data with the copper-nickel-aluminum alloys samples concerning
mixing, compacting, sintering, homogenizing treatments and also values of hardness and
electrical conductivity obtain the best condition for electrical and mechanical application
with powder metallurgy processing.





T(K) t(s) T(K) t(s) (MPa) (% IACS)
Cu-1.0%Ni-0.5%Al 1053 5400 -- -- (420 ± 90 (30 ± 3)
Cu-1.0%Ni-0.5%Al 1053 5400 773 21600 (280 ± 7) (35 ± 4)
Cu-1.0%Ni-1.0%Al 1053 5400 -- -- (240 ± 5) (29 ± 3)
Cu-1.0%Ni-1.0%Al 1053 5400 773 32400 (370 ± 9) (30 ± 3)
Cu-5.0%Ni-5.0%Al 1053 5400 773 21600 (400 ± 8) (28 ± 3)
Table 5. Some mechanical and electrical properties of the copper-nickel-aluminum alloys obtained by powder
metallurgy
The mechanical resistance in metallic alloys depends on the precipitation distribution to ob‐
tain similar electrical conductivity of the copper (matrix). At the present time the mechanical
strength (400MPa) and electrical conductivity (35%IACS) values indicate a good application
for these alloys utilizing powder metallurgy instead conventional metallurgy.
Concerning the microstructural aspects, figures 6 to 10 show optical micrographs of some
Cu-Ni-Al alloys. Fine grained presences but with inadequate porosity and second phases
until now show that new homogenization treatments will be necessary to overcome this sit‐
uation and also investigations with scanning and transmission electron microscopy to iden‐
tify the presence of second phase on these alloys.
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The Rietveld refinements using X rays powder diffraction data indicate that the utilized
amounts of nickel and aluminum do not distorted the copper matrix structure significantly.
Furthermore, no special broadening of peak profiles was detected, which indicates that crys‐
tallite sizes are not affected.
Figure 6. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Al, cold compact (20MPa) and sintered at 923K for
1200s
Figure 7. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Al, cold compact (20MPa) and sintered at 1053K for
5400s.
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Figure 8. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Al, cold compact (20MPa) and sintered at 1053K for
5400s).
Figure 9. Optical micrograph of the ternary alloy Cu-5.0%Ni-5.0%Al, cold compact and sintered at 1053K for 5400s
and also homogenized at 773K during 21600s.
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Figure 10. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Al, cold compact and sintered at 1053K for 5400s
and also homogenized at 773K during 21600s.
3.3. Cu-Ni-Cr alloys
Due to the results for the compositions Cu-1.0%Ni-0.5%Cr and Cu-1.0%Ni-1.0%Cr, special
attention was given to these samples. The mechanical strength of 1000MPa and the electri‐
cal  conductivity  of  79%IACS for  the  Cu-1.0%Ni-0.5%Cr homogenized sample  indicate  a
good application for this alloy, using powder instead conventional metallurgy. This sam‐
ple also presented an increase in its apparent density of approximately 5% after the ther‐
mal  treatments.  Using  the  synchrotron  X  -  rays  data  with  energy  8  keV,  a  Rietveld
refinement  was  performed  for  only  for  copper  with  Fm-3m  space  group,  because  the
amounts  of  nickel,  chromium and copper  oxide  were  almost  insignificant.  The  discord‐
ance factors were Rwp = 13.96%, Rp = 7.47%, RBragg = 0.4% and χ2 = 25.12%. Using the Gaus‐
sian  broadening  formula  from  GSAS,  a  crystallite  size  of  approximately  99  nm  was
calculated for this sample.
For the sample with composition Cu-1.0%Ni-1.0%Cr the increase in apparent density was
less than 2% after the thermal treatments. This sample showed also a significant but lower
electrical conductivity of 2.6.107 -1.m-1, i.e. 44.40%IACS. The Rietveld refinement using syn‐
chrotron radiation with energy 8 keV was performed until discordance factors of Rwp =
2.95%, Rp = 2.18%, RBragg = 10.48% and χ2 = 2.89%. The amounts of nickel and chromium
were not detectable for this sample and a crystallite size of approximately 124 nm was calcu‐
lated using the Gaussian broadening formula.
Although both values are of the order of 100 nm, the lower size could be due to the more
effective homogenization process of the first composition (Cu-1.0%Ni-0.5%Cr), which also
exhibit the higher electrical conductivity and mechanical strength. Further thermal treat‐
ments shall be applied to continue the study of these alloys and to obtain the best conditions
for electrical and mechanical applications using powder metallurgy processing.
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Figure 8. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Al, cold compact (20MPa) and sintered at 1053K for
5400s).
Figure 9. Optical micrograph of the ternary alloy Cu-5.0%Ni-5.0%Al, cold compact and sintered at 1053K for 5400s
and also homogenized at 773K during 21600s.
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Figure 10. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Al, cold compact and sintered at 1053K for 5400s
and also homogenized at 773K during 21600s.
3.3. Cu-Ni-Cr alloys
Due to the results for the compositions Cu-1.0%Ni-0.5%Cr and Cu-1.0%Ni-1.0%Cr, special
attention was given to these samples. The mechanical strength of 1000MPa and the electri‐
cal  conductivity  of  79%IACS for  the  Cu-1.0%Ni-0.5%Cr homogenized sample  indicate  a
good application for this alloy, using powder instead conventional metallurgy. This sam‐
ple also presented an increase in its apparent density of approximately 5% after the ther‐
mal  treatments.  Using  the  synchrotron  X  -  rays  data  with  energy  8  keV,  a  Rietveld
refinement  was  performed  for  only  for  copper  with  Fm-3m  space  group,  because  the
amounts  of  nickel,  chromium and copper  oxide  were  almost  insignificant.  The  discord‐
ance factors were Rwp = 13.96%, Rp = 7.47%, RBragg = 0.4% and χ2 = 25.12%. Using the Gaus‐
sian  broadening  formula  from  GSAS,  a  crystallite  size  of  approximately  99  nm  was
calculated for this sample.
For the sample with composition Cu-1.0%Ni-1.0%Cr the increase in apparent density was
less than 2% after the thermal treatments. This sample showed also a significant but lower
electrical conductivity of 2.6.107 -1.m-1, i.e. 44.40%IACS. The Rietveld refinement using syn‐
chrotron radiation with energy 8 keV was performed until discordance factors of Rwp =
2.95%, Rp = 2.18%, RBragg = 10.48% and χ2 = 2.89%. The amounts of nickel and chromium
were not detectable for this sample and a crystallite size of approximately 124 nm was calcu‐
lated using the Gaussian broadening formula.
Although both values are of the order of 100 nm, the lower size could be due to the more
effective homogenization process of the first composition (Cu-1.0%Ni-0.5%Cr), which also
exhibit the higher electrical conductivity and mechanical strength. Further thermal treat‐
ments shall be applied to continue the study of these alloys and to obtain the best conditions
for electrical and mechanical applications using powder metallurgy processing.
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The results of mechanical and electrical characterization in dependence of treatment of the
samples are resumed in Table 6.





T (K) t (103 s) T (K) t (103 s) (MPa) (% IACS)
Cu-0.5%Ni-0.5%Cr 1053 5.4 773 32.4 (330 ± 5) (32 ± 3)
Cu-0.5%Ni-0.5%Cr 1073 5.4 -- -- (420 ± 5) (37 ± 3)
Cu-1.0%Ni-0.5%Cr 1053 5.4 773 21.6 (1000 ± 9) (79 ± 5)
Cu-1.0%Ni-0.5%Cr 1053 5.4 -- -- (460 ± 5) (33 ± 3)
Cu-1.0%Ni-0.5%Cr 1073 5.4 -- -- (430 ± 5) (27 ± 3)
Cu-1.0%Ni-1.0%Cr 1073 5.4 -- -- (370 ± 4) (37 ± 3)
Cu-1.0%Ni-1.0%Cr 1073 5.4 773 172.8 (400 ± 5) (44 ± 4)
Cu-1.5%Ni-0.5%Cr 1053 5.4 773 32.4 (370 ± 5) (35 ± 3)
Table 6. Mechanical and electrical properties of the copper-nickel-chromium alloys obtained by powder metallurgy
Optical micrographs of some of the samples are presented in Figures 11 to 18 to show their
microstructural aspects. Fine grained presences but with inadequate porosity and second
phases indicate that further treatments will be necessary to overcome this situation and also
investigations with scanning and transmission electron microscopy to identify the presence
of second phase on these alloys.
Figure 11. Optical micrograph of the ternary alloy Cu-0.5%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and also homogenized at 773K for 32.4x103s.
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Figure 12. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and also homogenized at 773K for 21.6x103s.
Figure 13. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and also homogenized at 773K for 21.6x103s.
Figure 14. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1073K
for 5.4x103s and homogenized at 773K for 172.8x103s.
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The results of mechanical and electrical characterization in dependence of treatment of the
samples are resumed in Table 6.
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Table 6. Mechanical and electrical properties of the copper-nickel-chromium alloys obtained by powder metallurgy
Optical micrographs of some of the samples are presented in Figures 11 to 18 to show their
microstructural aspects. Fine grained presences but with inadequate porosity and second
phases indicate that further treatments will be necessary to overcome this situation and also
investigations with scanning and transmission electron microscopy to identify the presence
of second phase on these alloys.
Figure 11. Optical micrograph of the ternary alloy Cu-0.5%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and also homogenized at 773K for 32.4x103s.
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Figure 12. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and also homogenized at 773K for 21.6x103s.
Figure 13. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and also homogenized at 773K for 21.6x103s.
Figure 14. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1073K
for 5.4x103s and homogenized at 773K for 172.8x103s.
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Figure 15. Optical micrograph of the ternary alloy Cu-0.5%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1073K
for 5.4x103s and homogenized at 773K for 172.8x103s.
Figure 16. Optical micrograph of the ternary alloy Cu-0.5%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1053K
for 5.4x103s and homogenized at 773K for 172.8x103s.
Figure 17. Optical micrograph of the ternary alloy Cu-1.0%Ni-0.5%Cr, cold compact (20MPa) and sintered at 1073K
for 5.4x103s and homogenized at 773K for 172.8x103s.
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Figure 18. Optical micrograph of the ternary alloy Cu-1.0%Ni-1.0%Cr, cold compact (20MPa) and sintered at 1073K
for 5.4x103s and homogenized at 773K for 172.8x103s.
4. Conclusions
The practical powder metallurgy processing steps on the copper-nickel-base alloys corrobo‐
rate a first-rate mechanical strength and electrical conductivity values (Cu-Ni-Sn: 620Mpa,
40% IACS; Cu-Ni-Al: 400MPa, 35% IACS; Cu-Ni-Cr: 1000MPa; 79% IACS) that indicate a
good quality application for these alloys utilizing powder metallurgy instead conventional
metallurgy processing. Furthermore, the results for these alloys open the possibility to
search and make fine grained homogeneous structures with interesting physical properties,
also the capacity to produce parts with a superior surface finishing in different dimensions.
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1. Introduction
1.1. Background of lead and zinc production
Galena (PbS) and sphalerite (ZnS) are the major ore minerals for Pb and Zn respectively.
Pyrometallurgical processing of Pb and Zn metals usually includes four stages: ore dressing,
smelting, drossing and refining. Sinter – blast furnace route is one of the most important
smelting technologies which was adopted from iron and steel industries. Lead-rich sinter is
treated in lead blast furnace to produce lead metal. Sometimes it is difficult to separate lead
and zinc minerals, Imperial Smelting Process is used to treat mixed zinc-lead ores for produc‐
tion of lead and zinc metals simultaneously. A typical flowsheet of lead-zinc smelter is shown
in Figure 1 [1].
Imperial Smelting Furnace (ISF) is also called zinc blast furnace which was developed for
mixed zinc-lead ores. Charges to the furnace are lump sinter, hot briquettes, and coke. Slag
and lead are continuously tapped from the bottom of the furnace into a forehearth where
separation occurs. The slag containing zinc overflows to the fuming plant to recover zinc.
Liquid lead containing copper and precious metals is transferred by ladle to the decopperizing
plant. Zinc vapor generated in the furnace enters the lead splash condenser where it is
quenched and absorbed by fine lead droplets splashed by the rotors. The hot lead containing
zinc is pumped from the condenser to a brick-lined cooling launder fitted with immersion
boiler panels. On cooling the recirculating lead stream, crude zinc is released and separated
by specific gravity from lead. The lead is then returned to the splash condenser.
The smelting of lead and zinc includes oxidisation (sintering) and reduction stages. The main
chemical reactions involved are
Sintering: 2PbS + 3O2 = 2PbO + 2SO2
2ZnS + 3O2 = 2ZnO + 2SO2
© 2013 Zhao; licensee InTech. This is an open access article distributed under the terms of the Creative
Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
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Reduction: 2PbO + C = 2Pb + CO2
PbO + CO = Pb + CO2
2ZnO + C = 2Zn + CO2
ZnO + CO = Zn + CO2
1.2. Why sintering
Lead and zin metals are produced in blast furnace. In a blast furnace, ore, coke and flux are
continuously supplied through the top of the furnace, while air (sometimes with oxygen
enrichment) is blown into the lower section of the furnace, so that the chemical reactions take
place throughout the furnace as the material moves downward. The downward flow of the
ore and flux in contact with an upflow of hot, carbon monoxide-rich combustion gases is a
countercurrent exchange process. Fine particles cannot be used as the feed of a blast furnace
because they will be blown out by the high pressure gas flow. Zinc and lead sulphides occur
as small particles in the rock. There are only a few percentage of zinc and/or lead present in
commercial ores and they have to be concentrated by mineral dressing before smelting. The
fine particles produced during the dressing cannot be fed into a blast furnace directly. The
suitable feed for a blast furnace should be strong lump made of oxides which can be obtained
by sintering. The main goals of sintering are 1) produce hard oxide lump; 2) remove sulphur;
3) produce strong SO2 for acid plant.
1.3. Sintering process
Sinter is the primary feedstock for blast furnace to produce lead and zinc metals and it is
obtained by the oxidation sintering of fine particulate zinc/lead sulphide concentrates in
Figure 1. A typical flowsheet of lead-zinc smelter [1]
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updraught sinter machines. A typical flowsheet of sinter process is shown in Figure 2. The
product is a partially fused porous agglomerate, which is crushed and large lump material is
fed to the blast furnace. Fine sinter material is recycled or returned to the sinter feed to act as
a support for fresh feed. The return sinter and fresh feed (sulphide concentrate, fluxes, fume,
sludge) are agglomerated to form granulated spherical feed with 5-10 mm diameter to sintering
machine.
Figure 2. A typical flowsheet of sinter process
Sample Composition (wt%)
Zn Pb Fe CaO SiO2 Al2O3 MgO Cu S
concentrate 33-42 15-19 4-9 1-5 2-6 0.7-2 0.2-1 0.5-1.3 19-26
sinter 37-44 15-22 7-12 3-6 3-5 0.6-2 0.2-1 0.6-1.2 0.3-1.6
Table 1. Composition ranges of concentrate and sinter for ISF
Sample Composition (wt%)
Zn Pb Fe CaO SiO2 Al2O3 MgO Cu S
concentrate 4-7 38-46 6-8 2-11 5-13 0.7-2 0.2-0.6 0.6-0.7 9-12
sinter 4-9 36-52 8-14 6-12 7-11 0.8-2.4 0.3-2 0.3-1.2 1.1-3.4
Table 2. Composition ranges of concentrate and sinter for lead blast furnace
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2. Sinter quality and conditions affecting sinter-making
2.1. Sinter quality
To obtain high productivity in all packed bed processes, it is essential to maintain a high bed
voidage. In lead and zinc blast furnace this high bed voidage is achieved through careful
control of sinter characteristics, ensuring in particular that the sinter does not deform under
the process conditions experienced in the furnace. The quality of sinter is associated with its
properties such as macrostructure and microstructure, and represented quantitatively by
softening temperature.
2.1.1. Macrostructure
The macrostructures of the sinter varied from partially-fused feed granules to well-fused
material. Most sinters were well-fused and physical strength of these sinters is high at room
temperature. An example of a well-fused lead sinter is presented in Figure 3a. Presence of
original feed granules (see Figure 3b) in some sinters indicates that during sintering these
materials did not attain high temperature. Similarly, there are also well-fused part (Figure 4a)
and partially-fused part (Figure 4b) in ISF sinter. The partially-fused or even non-fused parts
of the sinter do not have required physical strength and they usually contain high level of
sulphur. These sinter particles will be returned to the sinter machine as “core” of the feeds.
(a) (b) 
Figure 3. Typical macrostructures of lead sinter
2.1.2. Microstructure
Pieces of sinter lump with approximately 20mm diameter were selected from different parts
of the as-received sinters. These samples were mounted, polished and carbon-coated for
examination. Microstructural analysis was performed using a Phillip XL30 scanning electron
microscopy (SEM). The typical microstructures of “as-received” lead sinter samples are
presented in Figure 5.
In the lead sinter samples melilite [2(Ca,Pb)O (Zn,Fe,Mg)O 2(SiO2,Al2O3)], spinel
[(Zn,Fe2+,Mg)O (Fe3+,Al)2O3], lead oxide (PbO), calcium silicate sulphate [Ca5(SiO4)2SO4] and
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glass are found to be common phases. In addition, some other phases such as undissolved
blast furnace slag, di-calcium silicate [2(Ca,Pb)O SiO4], Pb-Zn silicate (larsenite, PbZnSiO4),
Pb-Ca silicate (Pb3Ca2Si3O11), lead sulphide (PbS), copper sulphide (CuS), Ca sulphates (CaO
CaSO4 and 2CaO CaSO4), silica (SiO2), Pb metal and Cu metal are also observed in lead sinters.
Examples of the phases are shown in Figures 5a to 5d.
It is found that there are two extremes of melilite structures, high aspect ratio (length to
thickness) and low aspect ratio melilite. At high volume fractions the high aspect ratio melilite
forms a framework structure which is expected to support the sinter lump at high temperature
in the blast furnace. Low aspect ratio melilite are always present as isolated crystals surround‐
ed by matrix material which consists of the relict of the melt from which this phase is formed.
Inspection of a large number of lead sinter microstructures shows that structures of the lead
sinters are not uniform; even within a 20mm diameter sinter granule the structure of the lead
sinter can vary significantly. It can be seen from Figure 5a that framework melilite structure is
present and the proportions of the low melting point matrix phases are very low in this area.
However, significant proportions of lead metal, remaining blast furnace slag and sulphides
are also observed in the same sample. Various structures such as framework melilite, blocky
melilite, remaining blast furnace slag and lead metal can always be observed in each sample.
This indicates that it is difficult to characterize lead sinter quality simply on the basis of
microstructure.
Typical microstructures of the ISF sinter from different lumps are presented in Figure 6. Zincite
[(Zn,Fe)O] and spinel [(Zn,Fe2+,Mg)O (Fe3+,Al)2O3] were found to be the major phases present
in all ISF sinters. The matrix including glass, lead oxide, larsenite (PbZnSiO4), di-calcium
silicate [2(Ca,Pb)O SiO4] is also present in all samples. In addition, melilite [2(Ca,Pb)O
(Zn,Fe,Mg)O 2(SiO2,Al2O3)] and lead-zinc sulfides are also common phases observed in the
ISF sinter. The microstructure of the ISF sinter is generally determined by the shape and the
arrangement of the zincite phase. There are usual two typical microstructures in the sinter
lump: framework zincite and blocky zincite. In the region of the framework zincite the zincite
has relatively high aspect ratio and forms continuous interlocking refractory structure (Figure
6a). In the region of the blocky zincite the zincite has relatively lower aspect ratio and exists
(a) (b) 
Figure 4. Typical macrostructures of ISF sinter
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control of sinter characteristics, ensuring in particular that the sinter does not deform under
the process conditions experienced in the furnace. The quality of sinter is associated with its
properties such as macrostructure and microstructure, and represented quantitatively by
softening temperature.
2.1.1. Macrostructure
The macrostructures of the sinter varied from partially-fused feed granules to well-fused
material. Most sinters were well-fused and physical strength of these sinters is high at room
temperature. An example of a well-fused lead sinter is presented in Figure 3a. Presence of
original feed granules (see Figure 3b) in some sinters indicates that during sintering these
materials did not attain high temperature. Similarly, there are also well-fused part (Figure 4a)
and partially-fused part (Figure 4b) in ISF sinter. The partially-fused or even non-fused parts
of the sinter do not have required physical strength and they usually contain high level of
sulphur. These sinter particles will be returned to the sinter machine as “core” of the feeds.
(a) (b) 
Figure 3. Typical macrostructures of lead sinter
2.1.2. Microstructure
Pieces of sinter lump with approximately 20mm diameter were selected from different parts
of the as-received sinters. These samples were mounted, polished and carbon-coated for
examination. Microstructural analysis was performed using a Phillip XL30 scanning electron
microscopy (SEM). The typical microstructures of “as-received” lead sinter samples are
presented in Figure 5.
In the lead sinter samples melilite [2(Ca,Pb)O (Zn,Fe,Mg)O 2(SiO2,Al2O3)], spinel
[(Zn,Fe2+,Mg)O (Fe3+,Al)2O3], lead oxide (PbO), calcium silicate sulphate [Ca5(SiO4)2SO4] and
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glass are found to be common phases. In addition, some other phases such as undissolved
blast furnace slag, di-calcium silicate [2(Ca,Pb)O SiO4], Pb-Zn silicate (larsenite, PbZnSiO4),
Pb-Ca silicate (Pb3Ca2Si3O11), lead sulphide (PbS), copper sulphide (CuS), Ca sulphates (CaO
CaSO4 and 2CaO CaSO4), silica (SiO2), Pb metal and Cu metal are also observed in lead sinters.
Examples of the phases are shown in Figures 5a to 5d.
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ed by matrix material which consists of the relict of the melt from which this phase is formed.
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(Zn,Fe,Mg)O 2(SiO2,Al2O3)] and lead-zinc sulfides are also common phases observed in the
ISF sinter. The microstructure of the ISF sinter is generally determined by the shape and the
arrangement of the zincite phase. There are usual two typical microstructures in the sinter
lump: framework zincite and blocky zincite. In the region of the framework zincite the zincite
has relatively high aspect ratio and forms continuous interlocking refractory structure (Figure
6a). In the region of the blocky zincite the zincite has relatively lower aspect ratio and exists
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as isolated phase (Figure 6b). In some of the sinters the framework zincite is dominated and
in other sinters the blocky zincite is dominated.
In general, the microstructure of the ISF sinter is more uniform than that of the lead sinter. The
microstructures shown in Figure 5 can be observed within a single lump of the lead sinter.
However, the microstructures shown in Figure 6 are not usually to be observed within a single
lump of the ISF sinter.
2.1.3. Softening temperature
The extent of the deformation is quantitatively expressed by the softening of the sinter on
controlled heating rate. Softening temperature of lead sinter lump was measured in air using
a vertical tube furnace shown schematically in Figure 7 [2]. The furnace was preheated to 650
oC for lead sinters and 800 oC for ISF sinters. A sinter sample with approximately 30 mm height
was placed on an alumina plate and slowly raised to the hot zone of the furnace. The dis‐
placement probe (8mm OD alumina sheath with R-type thermocouple inside) was gently
lowered onto the top of the sample. An aluminum plate is attached to the alumina sheath so
that the total mass of the probe is approximately 235 g for lead sinters and 400 g for ISF sinters.
The displacement meter was positioned on the top of the aluminum plate, which is fixed to
the probe. The displacement meter was set to about half of its shaft’s travel to allow for
expansion and softening of the sample. The displacement meter gauge was set to zero. The
furnace temperature was increased with a uniform heating rate of 400 degrees per hour, which
was controlled by a programmable temperature controller (Philips KS 40). Initially the sinter
(a) (b) 
(c) (d) 
Figure 5. Typical microstructures of lead blast furnace sinter, CSS=Ca5(SiO4)2SO4; G=glass; M=melilite; Pb=lead metal;
S=spinel [13]
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was observed to expand slightly on heating, and then the displacement meter starts to go down
as result of sinter softening. The measurement was stopped when the reading of the displace‐
ment meter reaches maximum (10 mm) corresponding to 30% reduction of the sinter height
or the furnace temperature reached 1200 oC. A computer system with a data logger was used
to simultaneously record the displacement and temperature readings throughout the tests
through the thermocouple and the displacement meter.
From the data collected a softening curve can be drawn by plotting the displacement versus
temperature. Typical examples of the results of the sinter softening test carried out on the samples
obtained from the same batch are presented in Figure 8 for lead sinter and Figure 9 for zinc sinter.
Several measurements (up to 7) were conducted for each sinter. The difference in the softening‐
behavior within the same sinter reflects the inherent variation of the sinter samples.
Ideally a sinter is softening when certain proportion of liquid is formed and softening curve
should be smooth. However, the softening curves shown in Figures 8 and 9 do not have the
same behavior. In addition to the idea softening curve some of lead sinters could show several
steps softening (Figure 8). This may be caused by a few reasons: 1) sinter is porous material.
If the displacement meter falls into the pore a false contraction can be shown; 2) lead sinter is
not uniform in composition. Some low melting temperature materials such as lead metal,
sulphide and sulphate can melt locally at relative lower temperature. Sinter lump itself does
not softening but softening occurs locally; 3) lead sinter varies in structure and composition
from area to area.
Initial softening has been observed to occur at as low as 700 oC in some lead sinter samples.
Final softening temperatures, the temperatures at which complete collapse of the sample under
(a) (b) 
(c) (d) 
Figure 6. Typical microstructures of ISF sinter, G=glass; S=spinel; Z=ZnO [3]
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was observed to expand slightly on heating, and then the displacement meter starts to go down
as result of sinter softening. The measurement was stopped when the reading of the displace‐
ment meter reaches maximum (10 mm) corresponding to 30% reduction of the sinter height
or the furnace temperature reached 1200 oC. A computer system with a data logger was used
to simultaneously record the displacement and temperature readings throughout the tests
through the thermocouple and the displacement meter.
From the data collected a softening curve can be drawn by plotting the displacement versus
temperature. Typical examples of the results of the sinter softening test carried out on the samples
obtained from the same batch are presented in Figure 8 for lead sinter and Figure 9 for zinc sinter.
Several measurements (up to 7) were conducted for each sinter. The difference in the softening‐
behavior within the same sinter reflects the inherent variation of the sinter samples.
Ideally a sinter is softening when certain proportion of liquid is formed and softening curve
should be smooth. However, the softening curves shown in Figures 8 and 9 do not have the
same behavior. In addition to the idea softening curve some of lead sinters could show several
steps softening (Figure 8). This may be caused by a few reasons: 1) sinter is porous material.
If the displacement meter falls into the pore a false contraction can be shown; 2) lead sinter is
not uniform in composition. Some low melting temperature materials such as lead metal,
sulphide and sulphate can melt locally at relative lower temperature. Sinter lump itself does
not softening but softening occurs locally; 3) lead sinter varies in structure and composition
from area to area.
Initial softening has been observed to occur at as low as 700 oC in some lead sinter samples.
Final softening temperatures, the temperatures at which complete collapse of the sample under
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Figure 6. Typical microstructures of ISF sinter, G=glass; S=spinel; Z=ZnO [3]
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load takes place, were found to be in the range of 800-1100 oC for the lead sinters. Several
separate measurements were conducted for each sinter material, and it is clear that there is
some inherent variation in the behavior of the samples from the same sinter. It can be seen
from Figure 8 that sudden partial collapse of the sinters occurs in some of the samples as the
probe penetrates the sample. Examination of these samples has shown that samples having
small variations in softening temperature have more uniform microstructure. Samples having
a large variation in softening temperature, and which exhibited frequent and random collapse
with temperature, have uneven microstructures. These local differences in the sinter structure
in the form of changes in the phases present, and the proportions of phases, are the result of
local compositional variations. These variations in turn lead to differences in the softening and
melting temperatures, and the apparent viscosities of the materials.
Figure 7. Apparatus used for softening temperature test [2]
ISF sinters have relative uniform composition and structure within a batch of sample. The
softening curves for a given ISF sinter do not variation as great as the lead sinter shown in
Figure 8. The softening curves shown in Figure 9 are from different sinter samples and they
can be described as three typical types. Type 1 (G3 in Figure 9) shows a softening curve in
which the sinter softening starts at approximately 950 ºC and the displacement reaches 5 mm
at 1140 ºC. Type 2 (M3 in Figure 9) shows a softening curve in which the sinter softens very
slow. Although the softening started at 1050 ºC, this was not great, and the sample still retained
its strength at temperature. Because the softening test stopped at 1200 ºC it was difficult to
obtain a temperature in which the displacement drops dramatically. Type 3 is the common
softening curve observed in most of the ISF sinters and their softening behaviors are between
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Type 1 and Type 2. Examination of the ISF sinters shows that the sample G3 has the micro‐
structure shown in Figure 6b which contains the highest proportion of glass phase and low
aspect ratio zincite. In contrast, the sample M3 has the microstructure shown in Figure 6a which
contains the lowest proportion of glass phase and high aspect ratio zincite. Other samples such
as B11, E8, H4 and P1 have the microstructures shown in Figures 6c and 6d. In brief, it can be
explained that the softening in Type 1 mainly depends on the proportion of the liquid phase
formed. The softening in Type 2 mainly depends on the zincite framework present in the
sample. The softening in Type 3 depends on both of the proportion of the liquid phase and
zincite framework.
(heating rate 400 ºC/hour, load 235g and 8 mm diameter sheath)
Figure 8. Softening Curves of a Typical Lead Sinter in Air [13]
(heating rate 400 ºC/hour, load 400g and 8 mm diameter sheath)
Figure 9. Typical softening curves of ISF sinters in air [2]
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load takes place, were found to be in the range of 800-1100 oC for the lead sinters. Several
separate measurements were conducted for each sinter material, and it is clear that there is
some inherent variation in the behavior of the samples from the same sinter. It can be seen
from Figure 8 that sudden partial collapse of the sinters occurs in some of the samples as the
probe penetrates the sample. Examination of these samples has shown that samples having
small variations in softening temperature have more uniform microstructure. Samples having
a large variation in softening temperature, and which exhibited frequent and random collapse
with temperature, have uneven microstructures. These local differences in the sinter structure
in the form of changes in the phases present, and the proportions of phases, are the result of
local compositional variations. These variations in turn lead to differences in the softening and
melting temperatures, and the apparent viscosities of the materials.
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ISF sinters have relative uniform composition and structure within a batch of sample. The
softening curves for a given ISF sinter do not variation as great as the lead sinter shown in
Figure 8. The softening curves shown in Figure 9 are from different sinter samples and they
can be described as three typical types. Type 1 (G3 in Figure 9) shows a softening curve in
which the sinter softening starts at approximately 950 ºC and the displacement reaches 5 mm
at 1140 ºC. Type 2 (M3 in Figure 9) shows a softening curve in which the sinter softens very
slow. Although the softening started at 1050 ºC, this was not great, and the sample still retained
its strength at temperature. Because the softening test stopped at 1200 ºC it was difficult to
obtain a temperature in which the displacement drops dramatically. Type 3 is the common
softening curve observed in most of the ISF sinters and their softening behaviors are between
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Type 1 and Type 2. Examination of the ISF sinters shows that the sample G3 has the micro‐
structure shown in Figure 6b which contains the highest proportion of glass phase and low
aspect ratio zincite. In contrast, the sample M3 has the microstructure shown in Figure 6a which
contains the lowest proportion of glass phase and high aspect ratio zincite. Other samples such
as B11, E8, H4 and P1 have the microstructures shown in Figures 6c and 6d. In brief, it can be
explained that the softening in Type 1 mainly depends on the proportion of the liquid phase
formed. The softening in Type 2 mainly depends on the zincite framework present in the
sample. The softening in Type 3 depends on both of the proportion of the liquid phase and
zincite framework.
(heating rate 400 ºC/hour, load 235g and 8 mm diameter sheath)
Figure 8. Softening Curves of a Typical Lead Sinter in Air [13]
(heating rate 400 ºC/hour, load 400g and 8 mm diameter sheath)
Figure 9. Typical softening curves of ISF sinters in air [2]
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2.2. Factors to determine the sinter quality
During the oxidative sintering of zinc sulphide concentrates in the sinter machine, and the
reduction of sinter in the blast furnace t, the sinter is subjected to load from the overlying
burden.  Crucial  to  the  operation and high productivity  of  both sintering and reduction
processes is the ability to maintain bed high bed voidage, thus providing low resistance to
gas flow.
Previous studies [4-5] have shown that the ISF sinter softening characteristics at temperature
are related to bulk composition and microstructure of the sinter. It was found that sinters
containing a high proportion of connected glass phase exhibited low softening temperatures.
High softening temperature sinter is always associated with formation of microstructures
containing high aspect ratio crystals of refractory zincite (ZnO), which at high proportions of
this phase can give rise to a 3D interlocking network structure. Pure ZnO is known to have a
melting temperature of 1975 ºC [6], far in excess of the silicate matrix. Although a number of
microstructural types of the ISF sinter were identified in these earlier studies [4-5], to date no
quantitative relationships between bulk composition and softening temperature are available
to assist in the design of sinter materials.
Recent research by the authors [7] using synthetic sinter (PbO-ZnO-Fe2O3-CaO-SiO2-Al2O3)
materials has shown that the microstructures produced in air depend principally on the bulk
composition and temperature. The aspect ratio of the zincite present in these sinters was found
to increase with increasing peak bed temperature and increasing CaO/SiO2 ratio. The rela‐
tionships between high temperature softening behaviour and material microstructure in these
synthetic materials is systematically investigated and compared to the results obtained from
industrial sinters.
The synthetic sinters samples used for softening temperature tests were prepared from
mixtures of pure oxide powders. The details of preparation and compositions of these synthetic
materials are given in a previous publication by the authors [7]. The synthetic materials selected
for the softening tests all contained fixed (ZnO+PbO) = 76.2% , PbO/ZnO = 0.40 by weight,
having selected % Fe2O3 and CaO/SiO2 ratios. The bulk compositions of the various materials,
labeled as the ZM series, are summarized in Table 3.
Bulk wt% Fe2O3
CaO/SiO2 10 14 18
0.35 ZM1 ZM6 ZM11
0.93 ZM3 ZM8 ZM13
1.5 ZM5 ZM10 ZM15
((ZnO+PbO) = 76.2%, PbO/ZnO = 0.40 by weight)
Table 3. Summary of synthetic materials used in softening tests in the present study
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To prepare these materials water was added to each batch of approximately 50g of oxide
powder mixture, the material was then shaped to a 30 mm diameter and 30 mm height cylinder.
The sample was dried at 120 ºC and placed in a castable alumina plate. The sample was heated
at 900 ºC for 120 minutes, and then at 1250 ºC for 30 minutes in air. After heat treatment the
sample was cooled to room temperature in air in readiness for the softening temperature test.
Typical microstructures of these materials are illustrated in Figure 10 [7]. The glass phase (light
grey) and zincite (grey oval- shaped to plate-like) crystals are present in all samples; the angular
(dark grey) phase is spinel which is only present in some of the samples.
Figure 1. Typical microstructures of synthetic sinters quenched from 1250 C in air,    
                scale bar 20 m
 c. CaO/SiO2=0.35, 18 wt% Fe2O3
f. CaO/SiO2=0.93, 18 wt% Fe2O3
i. CaO/SiO2=1.5, 18 wt% Fe2O3
a. CaO/SiO2=0.35, 10 wt% Fe2O3
d. CaO/SiO2=0.93, 10 wt% Fe2O3
g. CaO/SiO2=1.5, 10 wt% Fe2O3
b. CaO/SiO2=0.35, 14 wt% Fe2O3
e. CaO/SiO2=0.93, 14 wt% Fe2O3
h. CaO/SiO2=1.5, 14 wt% Fe2O3
Figure 10. Typical microstructures of synthetic sinters quenched from 1250 ºC in air, scale bar 20 μm [2]
Industrial sinter feed materials and final sinter product samples have also been obtained from
operational ISF plants [7-8]. Representative samples were selected from the industrial sinter
lumps for examination and testing.
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To prepare these materials water was added to each batch of approximately 50g of oxide
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lumps for examination and testing.
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2.2.1. Softening temperature measurement in air
The sinter softening test used was designed to reproduce conditions that may be experienced
by individual sinter samples in sintering or packed bed reactors; the test involves applying a
fixed load to 30x30mm cylinders of individual sinter samples and measurement of the
displacement as function of time and temperature. The tests are intended to provide informa‐
tion on the comparative behaviours of the materials rather than to obtain absolute measures
of mechanical properties.
The softening temperatures of individual sinter lumps selected from the bulk samples were
measured using the apparatus shown schematically in Figure 7. A typical example of the
softening curve of sample sinter is given in Figure 11. A positive displacement reflects a
softening of the sinter. The sinters initially expand slightly with increasing temperature from
room temperature, then softening and contraction of the sample occurs.
Figure 11. A typical softening curve of the synthetic ISF sinter [2]
The initial softening temperature Ts can be defined in a number of ways. In the present study
it is defined by selecting an arbitrary value of displacement at a given temperature, from the
intersection of the limiting lines describing expansion and contraction of the sample or the
change in slope of the displacement vs temperature curve from –ve to +ve. In the case of
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synthetic and industrial sinters there is no sharp transition from one behaviour to the other,
there is always some uncertainty in defining the softening temperature since the value is
dependant on the shape of the displacement vs temperature curve.
2.2.2. Phase Assemblages at high temperature
Assuming chemical equilibrium is achieved during softening the phases present in the
synthetic sinter, their proportions and compositions can be predicted as a function of temper‐
ature and bulk composition. Calculations of the phase assemblages for the samples used in the
present study are shown in Figures 12 to 20. These predictions were made using FactSage
databases and computer package [9]. The volume fractions were calculated using the densities
of each of the component with the following assumptions:
1. Partial molar volumes of each component in the sinter are the same as for pure liquid
component;
2. No thermal expansion is taken into account; and
3. Partial molar volume of liquid component is the same as for solid component.
Figure 12. Proportions of phases for ZM1 calculated by FactSage in air [2]
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Figure 13. Proportions of phases for ZM3 calculated by FactSage in air [2]
Figure 14. Proportions of phases for ZM5 calculated by FactSage in air [2]
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Figure 15. Proportions of phases for ZM6 calculated by FactSage in air [2]
Figure 16. Proportions of phases for ZM8 calculated by FactSage in air [2]
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Figure 13. Proportions of phases for ZM3 calculated by FactSage in air [2]
Figure 14. Proportions of phases for ZM5 calculated by FactSage in air [2]
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Figure 15. Proportions of phases for ZM6 calculated by FactSage in air [2]
Figure 16. Proportions of phases for ZM8 calculated by FactSage in air [2]
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Figure 17. Proportions of phases for ZM10 calculated by FactSage in air [2]
Figure 18. Proportions of phases for ZM11 calculated by FactSage in air [2]
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Figure 19. Proportions of phases for ZM13 calculated by FactSage in air [2]
It can be seen from Figures 12 to 19 that the three phases that are present in all samples are
liquid, zincite solid solution (Zn,Fe)O, and spinel solid solution (Zn,Fe)O.Fe2O3. The volume
of zincite phase remains almost constant over the temperature range 900-1200 oC; all samples
apart from ZM1 contain 40-50 vol% zincite, ZM1 contains approximately 35 vol% zincite. All
samples apart from ZM1 contain liquid phase as low as 900 oC, liquid in ZM1 appears above
950 oC. The proportion of liquid phase present increases with increasing temperature; the
extent of the change in the proportion of liquid is dependent on the bulk composition of the
samples. In general the % liquid at any temperature decreases with increasing CaO/SiO2 ratio;
the % spinel increases with increasing % Fe2O3.
Figure 20. Proportions of phases for ZM15 calculated by FactSage in air [2]
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Figure 17. Proportions of phases for ZM10 calculated by FactSage in air [2]
Figure 18. Proportions of phases for ZM11 calculated by FactSage in air [2]
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Figure 19. Proportions of phases for ZM13 calculated by FactSage in air [2]
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samples apart from ZM1 contain liquid phase as low as 900 oC, liquid in ZM1 appears above
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samples. In general the % liquid at any temperature decreases with increasing CaO/SiO2 ratio;
the % spinel increases with increasing % Fe2O3.
Figure 20. Proportions of phases for ZM15 calculated by FactSage in air [2]
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2.2.3. Softening Temperatures of Synthetic Sinters in Air
The effects of CaO/SiO2 ratio, “Fe2O3” concentration, and preparation temperature, on the
softening characteristics of synthetic sinters in air are discussed in the following section.
Effect of CaO/SiO2 ratio
Figures 21 and 22 show the effect of bulk CaO/SiO2 ratio on the softening behaviour of the
synthetic sinters containing 14 (ZM6, ZM8, ZM10) and 18 wt% “Fe2O3” (ZM11, ZM13, ZM15)
in bulk sinter respectively. It can be seen that for both sets of data the initial softening tem‐
peratures, Ts, as given by the change in slope of the displacement vs temperature curves,
increase with increasing CaO/SiO2. For ZM6, ZM8 and ZM10 Ts is 1100, 1160 and 1180 oC
respectively; at these temperatures the predicted % liquids are 38, 42 and 44 vol% respectively.
For ZM11, ZM13 and ZM15 Ts is 1050, 1100 and 1160 oC respectively; at these temperatures the
predicted % liquids are 30, 36 and 36 vol% respectively. Note in general that increasing CaO/
SiO2 ratio decreases the % liquid present in the sinters for given % Fe2O3.
Figure 21. Effect of CaO/SiO2 ratio on softening temperature in air at fixed 14 wt% Fe2O3 and PbO/ZnO=0.40 [2]
In addition the extent of softening, i.e. the positive displacement, at any temperature decreases
with increasing CaO/SiO2 ratio from 0.35 to 1.5.
Reference to the original sinter microstructures (Figure 10) shows an increase in the aspect
ratio of the zincite crystals with increasing CaO/SiO2 ratio at 1250 oC. For the samples contain‐
ing 14 wt% Fe2O3 aspect ratios increase from 2.3 (ZM6) to 12.4 (ZM10); for 18 wt% Fe2O3 the




It can be seen from Figure 23 samples (ZM1, ZM6 and ZM11) with CaO/SiO2 = 0.35, having
“Fe2O3” concentrations in bulk sinter of 10, 14 and 18 wt% respectively, have initial softening
temperatures in the range 1100-1150 oC. The mean zincite crystal aspect ratios observed in
these samples are in the range 2 – 4 [7], and the predicted equilibrium % liquids at 1100 oC are
in the range 33-38 vol%.
Figure 23. Effect of Fe2O3 concentration in sinter on softening temperature in air at fixed CaO/SiO2 ratio of 0.35 and
PbO/ZnO=0.40 [2]
Figure 22. Effect of CaO/SiO2 ratio on softening temperature in air at fixed 18 wt% Fe2O3 and PbO/ZnO=0.40 [2]
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Figure 22. Effect of CaO/SiO2 ratio on softening temperature in air at fixed 18 wt% Fe2O3 and PbO/ZnO=0.40 [2]
Lead and Zinc Sintering
http://dx.doi.org/10.5772/54618
183
It can be seen from Figure 24 samples (ZM3, ZM8, ZM13) with CaO/SiO2 ratio of 0.93, the initial
softening temperatures, appear to be the range 1150-1200 oC. The mean zincite crystal aspect
ratios are in the range 9-11 [7], yet at 1150 oC the % liquid is in the range 35-40 vol%.
It  can be seen from Figures  23 and 24 that  at  fixed CaO/SiO2  ratio,  increase of  “Fe2O3”
concentrations in bulk sinter from 10 to 18 wt% does not have significant effect on softening
temperature.
Effect of preparation temperature
The effect of sinter preparation temperature on softening temperature in air is shown in Figure
25. It can be seen that for sinter ZM8 (14 wt% “Fe2O3”, CaO/SiO2 = 0.93 and PbO/ZnO = 0.40)
the softening temperature of the sample prepared at 1300 oC in air is significantly higher than
either of the samples prepared at 1200 to 1250 ºC. The softening temperatures of the samples
prepared at 1200 and 1250 ºC are similar.
Figure 24. Effect of Fe2O3 concentration in sinter on softening temperature in air at fixed CaO/SiO2 ratio of 0.93 and
PbO/ZnO=0.40 [2]
Previous study [7] have shown increasing the preparation temperature for a given bulk
composition results in an increase in % Fe2O3 dissolved in the zincite crystals and the corre‐
sponding increase in aspect ratio of the crystals. For a given volume fraction of zincite increased
aspect ratio leads to increased framework formation.
All of the softening tests undertaken show consistent trends between microstructure and the
extent of softening of the sample at a given temperature; increased zincite aspect ratio leads
to increased resistance to deformation at temperature.
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2.3. Conceptual sinter softening model
To assist in the understanding and analysis of the results obtained in the present and previous
test work a conceptual sinter softening model is developed.
It is well established that the strength of a composite material is dependent on the physical
properties of the phases present, the volume fractions of the phases and the macro- and micro-
structure of the composite. The application of any stress, compressive or shear, to a liquid
phase will result in viscous flow of this phase. Crystalline solid materials in contrast are rigid
and behave elastically at low stress, permanent or plastic deformation, or fracture requires that
a critical yield or fracture stress be exceeded [10].
The mechanical properties of a composite materials consisting of an isolated solid phase
completely surrounded by a high volume fraction of second liquid or partially liquid phase
matrix (see Figure 26) will largely be dependent on the properties of this matrix material. In
this limiting condition at room temperature the matrix material is rigid, being in the form of
crystalline or amorphous solid. If the matrix consists of a single crystalline solid phase, as the
sample is heated this material becomes fully liquid at a given temperature. If the matrix
material consists of a glass, on heating the glassy matrix reaches its glass transition temperature
Tg, the glass then becomes liquid and the matrix material loses its compressive strength and
begins to flow. With increasing temperature the viscosity of, for example, a high–PbO liquid
silicate such as encountered in the samples studied in the present investigation, decreases and
the deformation rate increases; since the material behaviour is determined by the properties
of the liquid phase complete collapse of the sample under load occurs. In the limiting case for
the formation of low viscosity liquid matrix at a given temperature the matrix phase loses its
compressive strength and the structure will completely collapse, resulting in a step change in
deformation at that temperature; the maximum compression of the sample Cmax = 100%. This
Figure 25. Effect of treatment temperature on softening temperature in air for sinter ZM8 (14 wt% Fe2O3, CaO/
SiO2=0.93 and PbO/ZnO=0.40) [2]
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material behaviour is exemplified by sample ZM1, which consists of isolated zincite and spinel
crystals surrounded at room temperature by a glassy matrix (Figure 10a)
Figure 26. Idealised sinter softening model [2]
In contrast if the composite consists of a rigid 3-dimensional framework structure of a high
melting temperature solid material the deformation characteristics of the composite material
will not change when the matrix material becomes molten, since the material will be fully
supported by the rigid 3D framework. In this case there is no compression of the material, i.e.
Cmax = 0, as the temperature is increased through and beyond the melting temperature of the
matrix (see Figure 1d). On this basis the higher the proportion of framework zincite present in
the material the lower the maximum compression of the sinter, Cmax.
In the case of the synthetic sinters under study there are ranges of microstructure types, and
melting occurs over a range of temperatures. Nevertheless this simplified analysis of sinter
softening process indicates that two measures should be used to characterise sinter softening
behaviour,
i. Ts, initial softening temperature microstructures, which is determined primarily by
the strength of the matrix material, and
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ii. The proportion of framework zincite present in the material, which determines Cmax,
the maximum deformation and the deformation rate of the sinter at any temperature.
The measured softening curves for typical synthetic ISF sinters are presented in Figures 21-25.
Comparison with the calculated phases fractions from Figures 12 to 20 shows that the initial
softening temperatures Ts in all cases corresponds to the temperature with 35-50 volume pct
of liquid phase. Based on purely geometric considerations this would correspond to the
minimum volume required to form a continuous liquid phase between the randomly distrib‐
uted solid phases present in the individual samples.
The extent of formation of the framework zincite in the structures will depend on the volume
fraction of zincite phase and the aspect ratio of these crystals. The thermodynamic analysis
indicates that all synthetic sinter samples contain approximately 40-50 vol% zincite over the
temperature range 900-1300 oC; this variation is insufficient on its own to explain the differ‐
ences in softening behavior of the materials.
It has been well established [7] that the aspect ratio of the zincite can change significantly with
bulk composition and thermal history. The softening tests carried out in the present study
indicate displacement as a function of temperature for a given applied stress and heating rate
(400 oC/h). The displacement vs temperature plots may also be interpreted as displacement vs
time. The slopes of these softening curves reflect the strain rate at constant stress. It can be seen
from the data shown in Figures 21 to 25 that, within experimental uncertainty, there are general
trends in behavior with decreasing strain rate obtained with increasing zincite aspect ratio,
increasing CaO/SiO2 ratio, and increasing bulk iron concentration.
It appears that even though complete 3-D networks of zincite are not formed in all cases the
increased aspect ratio of the zincite increases the resistance to deformation under load, i.e.
increases the effective viscosities of these composite materials.
2.3.1. Implications for industrial practice
The results obtained from the present study are consistent with softening temperature
measurements and microstructural analysis carried out on industrial ISF sinters [8]. Examples
of the different softening behaviours observed for ISF sinters have been shown in Figure 9. It
can be seen that initial softening of sample G3 starts at approximately 950 oC and collapses of
the structure is complete over a relatively narrow range of temperatures. In contrast, although
the softening of the sinter M3 starts at approximately 1050 oC but retains its strength at
temperature until at least 1200 ºC. This contrasting behaviour is reflected in the very different
microstructures observed in these samples [7]; G3 contains isolated zincite crystals of low
aspect ratio (2-3), whereas M3 consists almost entirely of high aspect ratio zincite that forms
an interlocking 3-D network of refractory material (aspect ratio >10). The CaO/SiO2 ratios are
0.80 for G3 and 1.14 for M3 respectively.
Most ISF sinters have softening characterisics that are between these two extremes; the
microstructure of these materials show this contain both isolated zincite and zincite having a
range of aspect ratios. This is demonstrated in sinter B11 [7].
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In developing an understanding of the structural factors influencing the strength of sinters
these  have to  be  considered at  Macro-,  Meso-,  and Micro-structural  levels.  The product
sinter consists of partially fused granules of oxidised zinc concentrates and flux materials.
The porosity of the sinter depends on the degree of fusion of the granules. The porosity
and  density  of  the  ISF  sinter  lumps  were  measured  using  an  Australian  Standard  AS
4133.2.1.2-1993  “Rock  porosity  and density  test-Determination  of  rock  porosity  and dry
density-Saturation and buoyancy techniques”. It was found that industrial ISF sinters have
typical porosities in the range 25-40%. The sinter materials experience differences in thermal
history during the sintering process due to differences gas flow path and combustion within
the  ignition,  heating  and  sintering  layers  of  the  bed;  these  result  in  macro-structural
differences over the range (10 – 100mm).
In the ISF sintering process approximately 65-75% by weight of the sinter is recycled. The
product sinter is crushed, separated by size with lump sinter 100-200mm diameter sent to
the ISF; the remainder is further crushed, sized and returned to the feed preparation. This
recycled  or  “return”  material  is  coated  with  fresh  concentrate  to  form  approximately
spherical feed granules to the sinter process. These feed granules consist of individual return
particles or and composites, agglomerates consisting of a number of coated return parti‐
cles. Meso-structural differences in the range (1–10mm) are the result of gross differences in
composition  at  granule  level  due  to  differences  in  thermal  history  arising  from;  local
variations  in  the  proportions  of  returns/fresh  feed;  single  particle  granule  or  composite
granules, incomplete oxidation of sulphides, incomplete dissolution of fluxes e.g. CaO, or
recycled materials, e.g. slag.
Microstructural differences in the range (10-100µm) reflect differences in crystal shape, phases
formed, proportion of phases, and are typically the result of local compositional variation,
cooling rate/crystallisation.
Trailing thermocouple tests on ISF sinter plants [11-12] have shown that although sulphur
elimination is largely achieved because of the low peak bed temperatures, strong fusion of the
granules does not occur in the bottom third of the updraft sinter bed. It has also been shown
[7,11] that, far from helping to strengthen the structure, reheating the framework zincite
structure at these low temperatures leads to the breakdown of the interlocking plates and
reduction in zincite aspect ratio.
The top part of the sintering layer achieves the highest peak bed temperature, since the gas is
preheated before it reaches the combustion zone. It is in this zone that is to be expected that
most material is converted to high aspect ratio zincite.
Important factors that assist in achieving high peak bed temperatures include
• Fuel loading
• Feed ignition temperature
• Moisture content
• Feed granule size distribution
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• Blowing rate and profile
Examination of the feed characteristics of all industrial sinters tested shows that significantly
the sinter M3, which consistently contain high % framework structure, were produced from
feed materials with small mean size (4mm) and narrow size distribution (σsize = 5mm). Small
granule diameter favours thinner fresh sulphide feed layer thickness on the granules because
of the high surface area. Combustion of fresh feed is therefore more likely to take place rapidly.
The smaller granule size also means that heat transfer to the return material at the core of the
granules is rapid; this ensures that the return material is heated to a high peak bed temperature
and not degraded by reheating to temperatures below the optimum value.
2.4. How to make high quality sinter
An extensive program of experimental and modeling studies has been carried out to improve
the understanding of the factors affecting the quality of lead blast furnace sinter and lead
smelting slag, and to develop methods used to characterise these materials, with a view to
improving plant operations. [13] The program includes the collection of sinter samples and
plant information from four different lead sinter plants, the characterization of these sinter
samples and samples from subsequent plant trials, consultation with plant engineers and
laboratory-based studies at the University of Queensland.
As part of the research program plant trials have been undertaken at Mount Isa lead sinter
plant. In the Mount Isa Mines lead smelter of Xstrata Zinc, an updraught lead sinter machine
is used to prepare feedstock for the lead blast furnace. [14] The aims of the process are to
a. produce self-fluxing lump material that maximises blast furnace productivity, and
b. remove excess sulphur from the charge.
The process combines fine particulate materials sourced from metal concentrates, recycled
materials and fluxes, into lump material that is physically strong, both at ambient temperatures
and within the blast furnace, and, chemically reactive in the blast furnace so that metal values
can be recovered.
To incorporate all feed materials into the sinter and to form a uniform strong structure it is
important to obtain high peak bed temperature during sintering process. [5,11,15] The
sintering temperature has been shown to be related to a number of factors, including fuel
content, composition, size distribution and moisture of the sinter feed.[[12,15-16] The gas
temperature above the sinter bed is usually used as an indication of the sintering temperature,
or a heat balance can be performed to predict the sintering temperature. Since the lead sinter
machine is a closed and moving system it is very difficult to use conventional trailing ther‐
mocouples to measure the temperature profile within the sinter bed.
The aim of this study is to determine the temperature profile during sintering and the effect
of thermal history on the sinter properties. This is achieved through the use of a wireless
temperature probe developed at the University of Queensland, metallographic studies of
product sinters and measurement of sinter softening characteristics.
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the ISF; the remainder is further crushed, sized and returned to the feed preparation. This
recycled  or  “return”  material  is  coated  with  fresh  concentrate  to  form  approximately
spherical feed granules to the sinter process. These feed granules consist of individual return
particles or and composites, agglomerates consisting of a number of coated return parti‐
cles. Meso-structural differences in the range (1–10mm) are the result of gross differences in
composition  at  granule  level  due  to  differences  in  thermal  history  arising  from;  local
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cooling rate/crystallisation.
Trailing thermocouple tests on ISF sinter plants [11-12] have shown that although sulphur
elimination is largely achieved because of the low peak bed temperatures, strong fusion of the
granules does not occur in the bottom third of the updraft sinter bed. It has also been shown
[7,11] that, far from helping to strengthen the structure, reheating the framework zincite
structure at these low temperatures leads to the breakdown of the interlocking plates and
reduction in zincite aspect ratio.
The top part of the sintering layer achieves the highest peak bed temperature, since the gas is
preheated before it reaches the combustion zone. It is in this zone that is to be expected that
most material is converted to high aspect ratio zincite.
Important factors that assist in achieving high peak bed temperatures include
• Fuel loading
• Feed ignition temperature
• Moisture content
• Feed granule size distribution
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• Blowing rate and profile
Examination of the feed characteristics of all industrial sinters tested shows that significantly
the sinter M3, which consistently contain high % framework structure, were produced from
feed materials with small mean size (4mm) and narrow size distribution (σsize = 5mm). Small
granule diameter favours thinner fresh sulphide feed layer thickness on the granules because
of the high surface area. Combustion of fresh feed is therefore more likely to take place rapidly.
The smaller granule size also means that heat transfer to the return material at the core of the
granules is rapid; this ensures that the return material is heated to a high peak bed temperature
and not degraded by reheating to temperatures below the optimum value.
2.4. How to make high quality sinter
An extensive program of experimental and modeling studies has been carried out to improve
the understanding of the factors affecting the quality of lead blast furnace sinter and lead
smelting slag, and to develop methods used to characterise these materials, with a view to
improving plant operations. [13] The program includes the collection of sinter samples and
plant information from four different lead sinter plants, the characterization of these sinter
samples and samples from subsequent plant trials, consultation with plant engineers and
laboratory-based studies at the University of Queensland.
As part of the research program plant trials have been undertaken at Mount Isa lead sinter
plant. In the Mount Isa Mines lead smelter of Xstrata Zinc, an updraught lead sinter machine
is used to prepare feedstock for the lead blast furnace. [14] The aims of the process are to
a. produce self-fluxing lump material that maximises blast furnace productivity, and
b. remove excess sulphur from the charge.
The process combines fine particulate materials sourced from metal concentrates, recycled
materials and fluxes, into lump material that is physically strong, both at ambient temperatures
and within the blast furnace, and, chemically reactive in the blast furnace so that metal values
can be recovered.
To incorporate all feed materials into the sinter and to form a uniform strong structure it is
important to obtain high peak bed temperature during sintering process. [5,11,15] The
sintering temperature has been shown to be related to a number of factors, including fuel
content, composition, size distribution and moisture of the sinter feed.[[12,15-16] The gas
temperature above the sinter bed is usually used as an indication of the sintering temperature,
or a heat balance can be performed to predict the sintering temperature. Since the lead sinter
machine is a closed and moving system it is very difficult to use conventional trailing ther‐
mocouples to measure the temperature profile within the sinter bed.
The aim of this study is to determine the temperature profile during sintering and the effect
of thermal history on the sinter properties. This is achieved through the use of a wireless
temperature probe developed at the University of Queensland, metallographic studies of
product sinters and measurement of sinter softening characteristics.
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2.4.1. Sintering temperature measurement
Lead sinter plant trials have been carried out at the Xstrata Zinc sinter plant (Mount Isa) by
the author and Xstrata Zinc staff. The design of the hood at the Mount Isa sinter plant is such
that there is a 10 cm gap between the ventilation hoods for the main feed hopper and the sinter
machine. This space is sufficient for thermocouples to be inserted through the side wall of the
sinter pallet after the main layer of sinter feed material was charged onto the sinter machine.
The thermocouple once in place progresses through the length of the sinter bed and is
discharged with the sinter lump. A wireless temperature probe was used to measure the
temperature within the sinter bed. A K-type thermocouple was inserted into the sinter bed
and connected to a radio transmitter, which is attached to the outside of the pallet and moves
with the sinter bed as shown in Figure 27. A radio receiver remote from the sinter machine is
connected to a computer. The temperature measured by the thermocouple inside the sinter
bed is converted to the radio signal by the transmitter. The receiver outside then converts the
radio signals to digital output, which is recorded on a computer.
(a) (b) 
Figure 27. The radio transmitter fixed on the pallet and positions of holes on side of the pallet at Mount Isa lead sinter
machine [19]
Two sets trials have been conducted. The first set trials were conducted using a single channel
wireless transmitter. An upgraded wireless transmitter with four channels was used in the
second set trials.
The total initial sinter bed depth was 440mm. In the first set trials two holes of 5 mm diameter
were drilled through the side of the sinter machine pallet. The bottom hole was made at ½ bed
depth (220 mm) and the top hole was made at 2/3 bed depth (293 mm), height measured from
grate surface.
In the second set trials six holes were drilled through the side of the sinter machine pallet as
shown in Figure 27. The bottom holes (holes 3 and 6) are 110 mm above the sinter bed grate
that are ¼ height of the initial sinter bed. The holes in the middle (2 and 5) are ½ height of the
initial sinter bed and the holes in the top (1 and 4) are 2/3 height of the initial sinter bed.
The maximum working temperature of the transmitter is 50 ºC. The success of the trials
indicates that the temperature on the outside of the pallet remains below 50 ºC throughout the
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cycle. The sinter machine motion had to be briefly interrupted for the insertion of the thermo‐
couples. Due to the time limitation for stopping the sinter machine it was only possible to insert
2 or 3 thermocouples at a time. Usually two thermocouples were used in the trials. The speeds
of the sinter machine were maintained in the range of 130-140 cm/min during the first set trials
and 120−130 cm/min for the second set. In both sets of the trials the sinter samples and plant
operation conditions corresponding to the temperature profiles were collected.
The temperature profiles recorded during the first set trials are presented in Figure 28. It can
be seen that in trials 1.1 and 1.2 peak bed temperatures in the range 1050-1080 ºC were observed.
In trial 1.3 a peak bed temperature of 870 ºC was observed. In trials 1.1 and 1.2 the temperature
remained above 800 ºC until the end of the sinter bed. In trial 3 the sinter bed temperature
returned to ambient temperature after a period of approximately 10 minutes. The temperature
profiles measured in trials 1.1 and 1.2 are most commonly observed when the thermocouple
is inside the sinter lump. These temperatures represent real sintering temperature. In the case
of trial 1.3 the temperature dropped rapidly after the peak temperature. This indicates that the
thermocouple was most likely outside or in the void between the sinter lumps. Since these data
are all taken from the same pallet but at different times it is an indicator of feed property
variation within the process.
Results of the measurements during the second set trials are presented in Figure 29. In the trial
2.1 two thermocouples were inserted at 1/4 and 2/3 bed heights respectively. It can be seen that
the temperature in the bottom hole rapidly increased from 100 ºC to approximately 1120 ºC
and remained at the peak temperature for 10 minutes. A peak temperature of 1190 ºC in the
top hole was achieved, with most of the temperature rise not occurring until after 15 minutes
of travel; this is consistent with the passage of the combustion front up through bed. The peak
temperature in the upper is much higher (170 ºC) than that in the lower part; again this is
expected due to the preheating of the gas from the sintered charge in the lower bed.
Figure 28. Bed temperature profiles against sinter pallet position at Mount Isa Mines measured during 1st set trials
[19]
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Figure 29. Temperature profiles measured during 2nd set trials [19]
In the trial 2.2 (Figure 29) two thermocouples were inserted into the pallet at the same bed
height (1/4). It can be seen that the temperature in hole 3 increased rapidly to 1100 ºC and the
temperature in hole 6 increased slowly to 1135 ºC. The horizontal distance between the holes
are 200 mm but the peak temperatures were reached at different windbox positions. This
variation of the temperature at different position of the sinter bed at the same height indicates
possible differences in ignition conditions or variation in feed property along the bed.
2.4.2. Operating conditions and results of the analysis
During the plant trials, samples of the sinter machine feed and sinter lump were collected. The
bulk compositions of these samples analysed by X-ray fluorescence (XRF) are given in Table
4. I1 and I5 are the sinter lump and feed collected during the first set trials and I8 and I10 are
the sinter lump and feed collected during the second set trials respectively.
It can be seen from Table 4 that the fuel (sulphur) content in the sinter feeds I5 and I10 are close
and the ratio of PbO/(CaO+SiO2) in I5 (3.24) is much higher than that in I10 (2.21). The CaO/
SiO2 ratio in sinter I8 is higher than that in sinter I1. Ratio of raw feed to total feed is reported
to be 0.165 in I5 and 0.175 in I10. CdO vapour pressure increases with increasing temperature;
the concentration of CdO in sinter is usually used to be indication of the sintering temperature.
It is seen in Table 1 that Cd contents in I8 and I10 are lower than those in I1 and I5. This confirms
that the sintering temperature of I8 is higher than that of I1.
Sample Composition (wt%)





I1−sinter 51.8 5.4 8.7 8.9 7.8 0.77 0.45 1.9 0.29 0.52 0.04 1.14 3.34
I5−feed 48.7 5.1 8.4 8.4 7.8 0.76 0.43 7.4 0.29 0.68 0.04 1.08 3.24
I8−sinter 45.1 6.6 10.2 10.9 8.4 0.97 0.41 1.6 0.67 0.19 0.1 1.30 2.52
I10−feed 41.4 5.9 8.4 11.1 9.1 0.87 0.36 7.1 0.56 0.31 0.05 1.22 2.21
Table 4. Bulk compositions of “as-received” sinter lump and sinter feed
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The size analysis has been carried out for sinter machine feeds using mechanical screening.
The size distributions of sinter machine feeds I5 and I10 are shown in Figure 30. At the time
of 1st set trials the crusher for returned sinters was worn; this resulted in an uneven size
distribution of the return sinter contained within I5. It can be seen from Figure 30 that in the
sinter feed I5 the proportions of the feed smaller than 2mm and larger than 15mm are much
higher than those in sinter feed I10. As a result of the bimodal size distribution the permeability
of the sinter bed is low during the first set trials. This is reflected in the higher windbox air
pressures of 1st set trials than that of 2nd set trials shown in Figure 31a.
Figure 30. Size distributions of sinter feeds I5 from 1st set trials and I10 from 2nd set trials [19]
Figure 31b shows the hood temperatures measured during the two sets trials. Note that the
hood thermocouple in windbox 6 was not working during the trials. It can be seen from Figure
31b that the peak hood temperature in 2nd set trials is 150 oC higher than that in 1st set trials.
Typical microstructures of sinter lump I1 and I8 are shown in Figure 32. It can be seen from
the figure that plate-like melilite (2CaO.ZnO.2SiO2) crystals, equiaxed crystals of spinel
(ZnO.Fe2O3) and glassy lead silicate are all present in both sinters. However, the proportion
of the plate-like melilite is much higher in I8 which forms an interconnected 3D network of
refractory material that physically supports the structure during heating.
The softening characteristics of sinter lump have been investigated in air. Cubic sinter samples
(30mm diameter) were used for softening temperature test. The tests were carried out by
applying a fixed load of 235g to a 8mm OD closed-end alumina tube and a heating rate of 400
ºC per hour was used. A series of measurements have been carried out for each sinter sample.
Figure 33 show the softening temperature curves for I1 and I8. It can be seen that the final
softening temperatures of I1 are in the range of 920 to 1070 ºC. The wide range of softening
temperatures is attributed to variations in sinter microstructure on a micro- and meso-scale,
since the materials are composed of recycled (return) lump sinter coated and agglomerated
with fused fresh feed. In contrast, the final softening temperatures of I8 are in the range of 1050
to 1130 ºC. The I8 sinter sample softens over a narrower temperature range and at higher
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temperature than I1. Sinter softening temperature is a direct indication of the sinter quality, in
particular sinter strength and uniformity of properties. The results shown in Figure 33 indicate
that the sinter lump produced during 2nd set trials is better than that produced during the 1st
set trials.
(a) (b) 
Figure 31. Gas pressures (a) and hood temperature (b) during the 1st and 2nd set trials [19]
(a) (b) 
Figure 32. Typical microstructures of I1 and I8 collected during the trials [19]
(a) (b) 
Figure 33. Softening curves of sinter lump I1 and I8 in air [19]
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The predicted volume fractions of the major phases present in lead sinters I1 and I8 as a
function of temperature are presented in Figure 34. It was calculated by FactSage and opti‐
mised thermodynamic database for the system ZnO-Fe2O3-FeO-PbO-CaO-SiO2. [9,17-18] The
weight fractions obtained from the calculations were converted to the volume fractions of the
phases assuming: a) the partial molar volume of each component is constant and the same in
the liquid and solid phases, and b) no thermal expansion takes place over the range of
temperatures examined. It can be seen from Figure 34 that for both I1 and I8 the proportion of
liquid phase increases with increasing temperature. The proportions of Ca2SiO4 and spinel
decrease with increasing temperature. There is an optimum temperature range for formation
of the melilite phase.
(a) (b) 
Figure 34. Phase volume fractions calculated by FactSage for as-received sinter I1and I8 [19]
2.4.3. Discussion of the correlations
The temperature profile data obtained during the plant trials can be used to correlate the
attainment of peak bed temperature at a given depth in the sinter bed against the distance
travelled along the sinter strand (Figure 35). The correlation assumes that the relative position
of the thermocouples in the bed remained constant, i.e. the thermocouple at the ½ bed height
position stays in that relative position despite the overall slumping of the sinter bed during
reaction. It is known that the actual height of the sinter bed decreases as sintering proceeds;
the final bed height can be 60-70% of the initial bed height.
The sinter strand is approximately 30 m long. The correlations indicate that in the case of the
1st set trials at ½ bed height the combustion front breakthrough approximately 12 m from the
main hopper, allowing time for the top of the bed to cool slowly before exit from the sinter
machine.
For the 2nd set trials peak bed temperatures between 1000 and 1160 ºC were achieved within
the bed. The correlation between combustion front position and distance from the hopper
indicates that breakthrough was only just achieved before exit from the sinter strand. The slow
combustion rate achieved during the 2nd set trials compared to that for the 1st set trials.
It can be seen from the trials that there was a considerable variation in peak bed temperature
and combustion front velocity, and hence significant variation in thermal history of sinter
material within even a given charge of sinter material.
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Figure 31. Gas pressures (a) and hood temperature (b) during the 1st and 2nd set trials [19]
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Figure 33. Softening curves of sinter lump I1 and I8 in air [19]
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Figure 36 shows the relationship between mean final softening temperature and peak bed
temperature. It can be seen that in general the mean final softening temperature increases with
increasing peak bed temperature. The average final softening temperature for the 2nd set trial
sinters are 1079 ºC which is much higher than that of the 1st set trial sinters (1003 ºC).
Peak bed temperature is not monitored in everyday operation. Instead, temperature is
commonly measured in the ventilation hood above the sinter strand. This is used in many
plants as an indication of sinter machine performance. Relationship between peak bed
temperature and peak hood temperature at Mount Isa lead sinter plant is shown in Figure
37. It can be seen that there is strong correlation between the peak bed temperature and the
peak hood temperature; this indicates that the peak bed temperature in lead sinter plant can
be related to the hood temperatures, the latter being available to the sinter plant operators as
an on-line measurement.
Figure 36. Relationship between final lead sinter softening temperatures and peak bed temperatures at Mount Isa
lead sinter plant [19]
Figure 35. Correlation between combustion front and position in bed during lead sintering, initial bed height 440 mm
[19]
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Figure 37. Relationship between peak bed temperatures and peak hood temperatures at Mount Isa lead sinter plant
[19]
3. Conclusions
Softening temperature measurements, microstructural, compositional and thermodynamic
analysis have been carried out on a range of synthetic and industrial ISF sinters. A simple
conceptual has been proposed to assist in understanding the softening behaviour of the
complex phase assemblages formed in synthetic and industrial sinters.
The “initial softening temperatures” of ISF sinters are shown to depend principally on the
bulk chemical compositions of the materials. There is strong evidence to suggest that in the
materials under investigation the initial softening temperatures are related to a critical vol‐
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ing the formation of plate-like zincite are:
• Peak sinter bed temperature
• Sinter composition
High the aspect ratio zincite is formed by obtaining high iron in solid solution in zincite, this
condition is favoured by high iron in the liquid phase, high CaO/SiO2 ratio and high sintering
temperature.
A new wireless temperature probe with four channels has been successfully used on the lead
sinter machine at Mount Isa Mines to measure the temperature profile within the sinter bed
during operation. Strong correlations have been observed between peak bed temperature and
peak hood temperature, and mean sinter softening temperature and peak bed temperature.
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Figure 36 shows the relationship between mean final softening temperature and peak bed
temperature. It can be seen that in general the mean final softening temperature increases with
increasing peak bed temperature. The average final softening temperature for the 2nd set trial
sinters are 1079 ºC which is much higher than that of the 1st set trial sinters (1003 ºC).
Peak bed temperature is not monitored in everyday operation. Instead, temperature is
commonly measured in the ventilation hood above the sinter strand. This is used in many
plants as an indication of sinter machine performance. Relationship between peak bed
temperature and peak hood temperature at Mount Isa lead sinter plant is shown in Figure
37. It can be seen that there is strong correlation between the peak bed temperature and the
peak hood temperature; this indicates that the peak bed temperature in lead sinter plant can
be related to the hood temperatures, the latter being available to the sinter plant operators as
an on-line measurement.
Figure 36. Relationship between final lead sinter softening temperatures and peak bed temperatures at Mount Isa
lead sinter plant [19]
Figure 35. Correlation between combustion front and position in bed during lead sintering, initial bed height 440 mm
[19]
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Figure 37. Relationship between peak bed temperatures and peak hood temperatures at Mount Isa lead sinter plant
[19]
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above 1050 ºC, peak bed temperatures above 1130 ºC are required. There appears to be a direct
correlation between granule size distribution in the feed and peak bed temperature attainable.
High peak bed temperatures are observed with narrow feed granule size distribution.
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1. Introduction
1.1. Origin and development
Pulse current auxiliary sintering (PCAS) originated from electric current auxiliary sintering
technique (ECAS), whose history can be traced back to the year of 1922, when an American
did a path-breaking work to heat oxide powders by an electric current and synthesized a
dense material. Then in 1927, another man sintered metal powders by simultaneously ap‐
plying an electric current and a uniaxial mechanical load [1]. Since then, the synthesis tech‐
nique has been being improved and perfected by numerous researchers. Up to now, over
1800 papers have been reported on the subject of ECAS and the technique has come to a new
level: the used electric current extended from constant direct current to alternating current
or pulsed electric current; power source was firstly selected to produce electric current, then
capacitor banks were used; loading conditions evolved from no loading to uniaxial mechan‐
ical loaded or even multi-axial loading, etc.. Since 1960s, the technique commences to be
commercialized. So far, it has been used to synthesize a large family of materials, including
ceramics, intermetallics, metal-ceramic and ceramic-ceramic composites with various pow‐
ders, such as elemental powders, pre-alloyed powders, pre-synthesized powders, or me‐
chanical milled powders.
As a method to synthesize powers by applying electric current and mechanical loading si‐
multaneously, ECAS technique revealed its increasing importance in the coming-out of a
large amount of relevant bibliographies. Fig.1 shows the statistics of the number of articles
on the subject published since the year 1922. It can be known that since 1999, the number of
publications have been increased exponentially. If countries are weighed by the number of
relevant articles, Japan, China and Korea are listed in the top three, as given in Fig. 2., while
the contribution of other countries to the field remains relatively insignificant.
© 2013 Chunping and Kaifeng; licensee InTech. This is an open access article distributed under the terms of
the Creative Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits
unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
Attribution License http://creativecommons.org/licenses/by/3.0), which permits unrestricted use, distribution, 
and reproduction in any medium, provided the original work is properly cited.
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Figure 1. Number of publications related to ECAS processes by year [1]
Figure 2. Publications related to ECAS numbered by country [1]
1.2. Classification
According to the standard classification in the sintering process, ECAS belongs to pressur‐
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Figure 3. Standard classification of sintering process
Sintering Applications202
When based on characteristics of the applied electric current, ECAS itself can be divided into
two categories: Resistance Sintering (RS) and Electric Discharge Sintering (EDS) [3]. The for‐
mer, RS, adopts direct current, alternating current or pulsed current with low voltage (doz‐
ens of volts) and high current (thousands of amperes) to sinter powders in action time
ranging from 100s to 103s. In contrast, in EDs, powders were sintered by the electrical current
with high voltage and high current from capacitor bank, in which abundant electrical ener‐
gy is stored and can be launched instantaneously. But, most especially, the sintering process
is often accompanied by electromagnetic phenomenon [4]. The distinction between the two
categories has been listed in Table 1. Fig. 4 presents the statistics on the number of articles
regarding the two categories of techniques [1]. As seen, studies on RS are far more numer‐
ous. The subject of this chapter, PCAS, is in the range of RS.
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Table 1. Differences between Resistance Sintering (RS) and Electric Discharge Sintering (EDS)
Figure 4. Relative amount of scientific reports regarding the two main ECAS processes
RS equipments used by researchers in different countries were purchased directly from
commercial corporations, or developed by scientific institutions or researchers themselves
for facilitate their own studies. Apart from the RS equipments developed by the two Japa‐
nese companies (Spark Plasma Sintering apparatus, well known as SPS), user-built machines
accounts for about 40% among all the current RS machines, as introduced in Fig.5, where
other companies refer to Sodick Co. Ltd [5]., Superior Graphite Co. Ltd.(USA) [6], Materials
Modification Inc.(USA) [7], Eltek Co.(Korea) [8]etc.. All the user-built machines were named
diversely to distinguish them from the commercial equipments. Fig. 6 shows a huge variety
of RS designations. It is worth noting that almost all the names reflect the use of electric cur‐
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rent [9]. For example, plasma activated sintering (PAS), pulse current hot pressing (PCHP),
and so on. In the lab where the author of the chapter works, a similar apparatus was also
developed and named ZLY-60 Pulse Current Auxiliary Sintering (PCAS) to distinguish it
from other used machines. The photo of the machine has been given in Fig.7. In RS, 4 elec‐
tric current waveforms have been mentioned [10-18], as shown in Fig. 8. Among them, the
third one, pulsed direct current, was the most common current. In PCAS, such a current was
adopted for a series of studies.
Figure 5. Relative distribution of apparatuses adopted in the RS processes as reported
Figure 6. RS processes designation [1].
Sintering Applications204
Figure 7. ZLY-60 pulse current auxiliary sintering apparatus
Figure 8. Typical electric current waveforms applied in the RS processes; (a) constant direct current (DC)(b) alternating
current (AC) (c) pulsed direct current(d) pulsed direct current + direct current
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1.3. Device structure and working fundamental mechanisms
PCAS equipment consists of three parts, as shown in Fig.9: (1) sintering mold and the device
to provide an axial force, the force which can be adjusted in terms of synthesized material
properties; (2) pulsed DC generator to generate electrical current to activate material pow‐
ders; (3) electrical resistance heating part. When PCAS is in use, loose powders are firstly
put into the die, then the furnace is vacuumed before the die is pressurized. In the sintering
process, heat is provided by passing an electric current through the upper and lower punch‐
es, the powders and their container. Because of the multi-channel to transfer the current, the
heat transfer rate is that high and the temperature can arrive at 1000~2000°C in a few sec‐
onds or minutes. What's more, heating rate and sintering temperature are both in control by
adjusting the magnitude of pulsed current. Coupled with the load regulating system (the
applied load can be quite low, say, 20~30MPa, or quite high, 500~1000MPa), PCAS can be
utilized to synthesize metals, ceramics, and composite materials.
Figure 9. Schematic of the PCAS process
As an advanced technology for materials synthesis and processing, RS presents a lot of po‐
tential applications. But its sintering mechanism is still in dispute. It is generally acknowl‐
edged that in the sintering procedure, when an electric current runs through, the consequent
Joule heat effect and the plastic deformation caused from temperature-rising and loading
help the sintering process, but other elements play a much greater role. For example, when
pulse DC voltage is on, spark discharge/plasma generates between adjacent particles [19,20],
and individual ones are spontaneously heated, leading to the activation, purification of par‐
ticle exterior surface and removing of oxide film, helping the rapid material diffusion and
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migration, promoting efficient heating and plastic deformation. When the pulse voltage is
off, the temperature decreases rapidly through thermal diffusion and sintered material is
subjected to quite short temperature exposure [21]. All of the phenomena and effects realize
the consolidation of specific products with desired configuration and density at lower tem‐
perature and in shorter sintering time, as introduced in details in Fig. 10.
It  is  accepted  that  pulsed  current  concentrates  on  the  junction  of  neighboring  powder
particles.  Activated  by  pulsed  electric  current  field,  anode  and  cathode  emerge  in  mi‐
nute  zones,  where  spark  discharge  and  plasma  are  generated.  The  energetic  particles
from discharging knock on the  contact  part  between adjacent  particles,  then the  result‐
ing  local  high  temperature  bring  the  superficial  layer  into  a  molten  state,  causing  the
emergency of 'neck' [22], as illustrated in Figs. 11. The transmission of the thermal ener‐
gy  from  the  particle  center  to  the  surface  and  its  rapid  dissipation  result  in  a  quick
cooling  in  the  'neck's,  prompting  consolidation  and material  migration  and transfer  be‐
tween  neighboring  powder  particles  through  volume  diffusion,  surface  diffusion  and
grain  boundary  diffusion  [20],  as  Fig.12  shows.  It  is  the  simultaneous  effect  of  electric
current  heating and uniaxial  loading from the  upper  punch that  reinforces  volume dif‐
fusion and boundary condition so that the sintering synthesis and densification is accel‐
erated  and  the  sintered  compacts  of  high  quality  can  be  gained  in  shorter  duration  of
time and at lower sintering temperature.
However,  how to verify the existence of  discharged plasma has been a problem all  the
time.  Besides,  it  has  been proved on the basis  of  experimental  studies  that  electric  cur‐
rent  cannot  run  through non-conductive  powders,  thus  the  view of  generation  of  plas‐
ma  in  such  powders  does  not  work.  Therefore,  many  scholars  doubt  the  above-
mentioned  theory.  For  this  reason,  a  'self-adjusting'  mechanism  in  microstructure
evolution  comes  forward  [23],  as  shown  in  Fig.  13.  It  is  recognized  that  in  the  initial
stage  of  sintering,  many  particles  have  come  into  contact  under  pressure.  The  electric
current  tends  to  be  relatively  larger  in  the  particle  who  has  contributed  larger  contact
surface,  that  is  I1>I2.  Thus,  the sintered 'neck'  forms firstly in the particle which I1  pass‐
es  through for  the  reason of  the  Joule  heat  effect.  With  the  neck  growing up,  the  con‐
tact  surface  increases  further,  then  current  I1  ascends  and  neck  temperature  augments
correspondingly,  producing  increased  local  resistivity  and  resistance.  At  the  moment,
current  in  I1  particle  is  frustrated  and  commences  to  run  through  the  particle  with
smaller contact surface,  namely, I2>I1.  As a result,  neck forms in the particle with small‐
er  contact  surface.  And  so  on  alternately  until  powder  consolidation  and  densification
process is completed. Such a mechanism can explain the cause why the sintered materi‐
als  are  always  with  fine,  homogeneous  and dense  microstructures.  But  the  explanation
can  apply  only  to  conductive  material  with  positive  resistance-temperature  coefficient.
When it  comes  to  non-conductive  materials  with  no  obvious  resistance  changing  sensi‐
tivity to  temperature,  it  does not  work.  It  is  generally  believed that  the rapid transpor‐
tation  of  heat  through  mold  and  upper  and  lower  punches,  together  with  the  large
electric  current,  bring  non-conductive  powders  directly  into  the  high-temperature  zone
and make it possible to realize rapid synthesis.
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1.3. Device structure and working fundamental mechanisms
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Figure 9. Schematic of the PCAS process
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migration, promoting efficient heating and plastic deformation. When the pulse voltage is
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Figure 10. Effect of ON/OFF direct current pulse energizing
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pulse energization
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(III) Vaporization and 
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(V)Neck formation by spark plasma 
Figure 11. Mechanisms of neck formation between particles
Figure 12. Material transfer paths during sintering process
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Although the working mechanism of the technique is far from reaching a consensus, studies
prove that electric pulse plays an importance effect on crystallization. Pulsed current pos‐
sesses such a short relaxation time that it eliminates nucleation barrier and raises nucleation
rate and refines sintered microstructures.
Figure 13. Change of contact areas between adjacent powders and distribution of electric current
1.4. characteristics and advantages over other sintering methods
This technology seems characterized by technological and economical advantages over con‐
ventional sintering methods, such as more efficient use of the heat input, faster heating rate,
lower sintering temperature, shorter holding time, elimination of the need of sintering aids, no
need of cold compaction, less sensitivity to initial powders characteristics, and marked compa‐
rative improvements in the properties of consolidated materials [24]. Especially when electri‐
cally insulating container is  used and the electric  current  is  applied for  extremely short
duration (down to few hundreds of microseconds), these advantages are more obvious.
For costly materials, this means considerable cost savings from reduced machining require‐
ments and materials scrap. In addition, it should be noted that for engineering purposes
shorter processing times usually result in productivity gains. As a consequence, sintered
parts of higher quality may be expected to be obtained at lower processing costs.
On the contrary, in conventional powder metallurgy techniques, the powder container is
typically heated by radiation from the enclosing furnace through external heating source.
The resulting heating rate is then typically slow and the process can last hours. In the proc‐
ess, a lot of heat is wasted as the whole volume of space is heated and the compact receives
heat indirectly from the hot environment.
2. Application to synthesis of γ-TiAl alloys
γ-TiAl alloys are of great interest for applications in aerospace industry due to their numerous
advantages, such as low density, high specific Young’s modulus and strength, good oxidation
and burn resistance. However, such intermetallics suffer from having only poor machinability
at room temperature and limited ductility at high temperatures, which limits their practical ap‐
plication [25]. In order to solve the problem, improving their room-temperature ductility and
developing their superplasticity at high temperatures is of much importance.
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Investigations have shown that fine grain size is beneficial for alloys to display good tensile
behavior for the facility of grain sliding and diffusion [26]. However, it is difficult to directly
obtain micron or submicron grains in γ-TiAl alloys through traditional cast or powder met‐
allurgy route without subsequent heat treatment or complicated and costly mechanical
processing. Thus, simplifying preparation route becomes an urgent need.
Up to now, electric current auxiliary sintering technique (ECAS) has been applied to synthe‐
size γ-TiAl alloys and specimens with high densities and microstructures approaching the
equilibrium state have been obtained [27-31]. The influence of operating parameters (i.e.
temperature, processing time, etc.) on sintered γ-TiAl characteristics has been studied. How‐
ever, heating rate effect was not widely explored. The typical heating rate is as low as1.7℃/s
[27] or even less [32]. As a result, γ-TiAl alloys with coarse lamellar colonies were often ob‐
tained, even though the starting powders were managed to be refined. Thus, subsequent
mechanical processing or other treatments become necessary for the purpose of improving
the product properties. Currently, processed γ-TiAl alloys produced by electric current aux‐
iliary sintering or other conventional processing routes, usually exhibit poor ambient ductil‐
ity (in the range of 0.3~2% elongation).
In this context, dense γ-TiAl alloys with diverse microstructures through the controlling of
sintering temperature, dwell time and heating rate are synthesized in PCAS apparatus from
initially coarse powders (with particle size in the range of 5-350µm and the mean size of
103µm). When great care is taken, marked improvements in the tensile properties can be ob‐
tained both at room temperatures and at high temperatures. Above-mentioned experimental
details are investigated and relevant results are given. Besides, an attempt was made to ex‐
plain the effect of experimental parameters control, especially the role of heating rate, using
thermodynamic theories, as well as nucleation and growth kinetics.
2.1. Experimental details
Pre-alloyed powders (Fig. 14) with the composition of Ti-42.5Al-2.3Nb-2.2Cr-0.28W- 0.15B
(in at.%, mean grain size = 103µm, oxygen concentration ≈ 700ppm (wt.%) ) were filled into
a graphite mold sealed by two graphite punches at both ends. The loose powders in the
graphite mold with a rectangular cross-section in the dimension of 10mm×30mm were sub‐
jected to pulsed direct current with different current densities to realize three groups of con‐
trast experiments. The tested heating rate ranged from 2 to 9℃•s-1; sintering optimal
temperatures have been tested at 1200, 1250 and 1300℃; heating dwell time have been tried
for 5min, 10min and 15min. In the experiments a gradual increasing pressure at the onset of
the pulse was exerted until the optimal temperature and a specified pressure of 50MPa were
attained nearly simultaneously. Then, the temperature and pressure were held constant for
certain duration, followed by furnace cooling. A pulsed direct current with on/off cycles of
1.5ms (on-time) / 0.5ms (off-time) was applied. All the details for the three groups of con‐
trast tests have been listed in Table 2.
Tensile specimens with a gauge length of 8mm and a section area of 3×1.2mm2 were ma‐
chined from the compacts. Tensile tests were carried out in air on American Instron 5500R
testing machine at a strain rate of 2.083×10-4s-1 at ambient temperatures and high tempera‐
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Although the working mechanism of the technique is far from reaching a consensus, studies
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temperature, processing time, etc.) on sintered γ-TiAl characteristics has been studied. How‐
ever, heating rate effect was not widely explored. The typical heating rate is as low as1.7℃/s
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thermodynamic theories, as well as nucleation and growth kinetics.
2.1. Experimental details
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tures from 800 to 1000℃. SEM observations were operated on S4700 scanning electron mi‐
croscopy (SEM), equipped with backscattered electron image. Conventional TEM
(transmission electron microscope) observations were made on a Philips CM 12 operating at
120kv. Thin foils for TEM observation were cut parallel to the tensile axis from the gauge
section. The foils were prepared by the standard jet polishing method using a solution of 30
vol.% nitric acid, 70vol.% methanol under ~15V and at -30℃.







































































(a) (c) (b) 
Figure 14. Basic information about pre-alloyed powders: (a) SEM micrographs, (b) particle size distribution (c) pow‐
ders XRD analysis




1 9 1250 5 50
4.5 1250 5 50
3 1250 5 50
2.5 1250 5 50
2 1250 5 50
2 3 1200 10 50
3 1250 10 50
3 1300 10 50
3 3 1250 15 50
Table 2. Technological parameters adopted in sintering processes
2.2. Results and discussion
2.2.1. Dependence of as-sintered microstructures on sintering parameters
2.2.1.1. Heating rate
Typical back-scattered photomicrographs of four representative specimens sintered with
heating rates of 2-9℃•s-1 are given in Fig. 15. It can be clearly observed that heating rate has
a significant influence on the sintered microstructures. In the specimen sintered with heat‐
ing-up rate of 9℃•s-1, boundaries of original alloy powders can be clearly observed and a
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volume of pores between adjacent particles still exist. The compact is far from being consoli‐
dated. It can be remarked that inside individual powders, recovery and recrystallization
have occurred, but grains have mal-developed. When powders were sintered with lower
heating rate, 4.5℃•s-1, grains developed fully and fine grains formed. When a local region is
zoomed in, Fig. 16 can be obtained, presenting a dense micron-sized near-γ microstructure
with irregular grayish-white α2-Ti3Al interspersed in the matrix of nearly equiaxial gray γ-
TiAl. The 011̄2 α2 and 002̄ γ zone diffraction patterns of the two phases are shown in Figs.
16 (c) and (d), respectively. A linear intercept method was used to reveal grain size d=4µm
for γ and a volume fraction Vγ= 88.7%.
3℃•s-1 sintered materials were alloys with a duplex microstructure with nearly equi-axed
gray γ grains dotted about α2/γ lamellar colonies. TEM diffraction patterns of the two phas‐
es in lamellar region in Fig 15 (c) are shown by Fig.17, in which 0002̄ α2 / / 2̄2̄2̄ γ is labeled,
demonstrating (111)γ / / (0002)α2 and 101̄ γ / / 112̄0 α2. The microstructure of specimens
heated within 2-2.5℃•s-1 consists of fully regular patterns of α2/γ laminates and no equiaxed
γ grains. The slower the heating rate, the coarser the lamellar colony size is. Lamellar colony
and grain sizes in samples consolidated with the heating rate of 2-4.5℃•s-1 are listed in Ta‐
ble 3. All the last four specimens have relative densities over 98% of the theoretical values,
and microstructures are all uniform.
a b 
c d e 
Figure 15. Back scattered SEM images of microstructures in alloys sintered at 1250°C for 5min with the heating-up
rate of (a)9°C⋅ s-1, (b)4.5°C⋅ s-1, (c) 3°C⋅ s-1, (d)2.5°C⋅ s-1, (e)2°C⋅ s-1
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tures from 800 to 1000℃. SEM observations were operated on S4700 scanning electron mi‐
croscopy (SEM), equipped with backscattered electron image. Conventional TEM
(transmission electron microscope) observations were made on a Philips CM 12 operating at
120kv. Thin foils for TEM observation were cut parallel to the tensile axis from the gauge
section. The foils were prepared by the standard jet polishing method using a solution of 30
vol.% nitric acid, 70vol.% methanol under ~15V and at -30℃.
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a b 
c d e 
Figure 15. Back scattered SEM images of microstructures in alloys sintered at 1250°C for 5min with the heating-up
rate of (a)9°C⋅ s-1, (b)4.5°C⋅ s-1, (c) 3°C⋅ s-1, (d)2.5°C⋅ s-1, (e)2°C⋅ s-1
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a b c d 
Figure 16. Microstructures in alloy sintered with heating rate of 4.5°C ⋅ s-1: (a) Zoomed back scattering SEM image, (b)
bright-field TEM image, (c) diffraction patterns of α2 (grain A in (b) ), (d) diffraction patterns of γ
a b c 
Figure 17. Microstructures in 3°C•s-1-sintered alloy: (a) Zoomed back scattering SEM image; (b) bright-field TEM im‐
age; (c) diffraction patterns of α2 and γ, in which 0002̄ α2 / / 2̄2̄2̄ γ
Heating rate
(℃⋅s-1)
Microstructure (µm) Lamellar spacing (µm) Lamellar Volume fraction (%)
4.5 NG(4) 0
3 DP(6~9) 0.21 22.3
2.5 FL(25) 0.89 100
2 FL (27) 2.53 100
Table 3. Controlled microstructures and corresponding values of the alloys sintered at 1250℃ for the duration time of
5min with different heating rates
2.2.1.2. Sintering temperature
When heating rate was fixed at 3°C⋅ s −1, duration time was lengthened to 10min, and loose
powders were sintered at 1200°C, 1250°C and 1300°C, synthesized material display different
microstructures, as shown in Fig. 18. In the compact sintered at 1200°C, original powder boun‐
daries can still be seen although shapes of powders have changed from spheres to polyhedrons
under pressure. Material migration was not finished fully enough to form grains and granular
boundaries. When the sintering temperature was raised up to 1250°C, a uniform and full lamel‐
lar microstructure formed. The mean lamellar colony size is 30µm. When the material is sin‐
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tered  at  1300°C,  a  full  lamellar  microstructure  with  average  colony  size  of  50µm  was
consolidated with obvious coarser lamellar spacing than the product obtained at 1250°C.
a c b 
Figure 18. Microstructures of alloys heated with the rate of 3°C ⋅ s −1 and sintered at different temperatures for
10min :(a)1200°C, (b)1250°C, (c)1300°C
2.2.1.3. Dwell duration
The Fig. 19, combined with micrographs in Fig. 15(c) and Fig.18(b), the influence of duration
time on the sintered microstructures can be deduced. In the sintered compact heated at the rate
of 3°C⋅ s −1 up to 1250°C and stayed at the temperature for 5min, the microstructure presented a
duplex feature, composed of fine lamellar colonies and equiaxed γ grains. When the duration
period is extended to 10min, a complete lamellar microstructure was generated. If the dwell
time was further lengthened, a complete lamellar with coarser colony size was observed. The
average lamellar colony size got to 120µm, the spacing augments to 2.2µm.
Figure 19. Microstructures of alloys heated with the rate of 3℃ ⋅ s −1 and sintered at 1250℃ for 15min
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Figure 16. Microstructures in alloy sintered with heating rate of 4.5°C ⋅ s-1: (a) Zoomed back scattering SEM image, (b)
bright-field TEM image, (c) diffraction patterns of α2 (grain A in (b) ), (d) diffraction patterns of γ
a b c 
Figure 17. Microstructures in 3°C•s-1-sintered alloy: (a) Zoomed back scattering SEM image; (b) bright-field TEM im‐
age; (c) diffraction patterns of α2 and γ, in which 0002̄ α2 / / 2̄2̄2̄ γ
Heating rate
(℃⋅s-1)
Microstructure (µm) Lamellar spacing (µm) Lamellar Volume fraction (%)
4.5 NG(4) 0
3 DP(6~9) 0.21 22.3
2.5 FL(25) 0.89 100
2 FL (27) 2.53 100
Table 3. Controlled microstructures and corresponding values of the alloys sintered at 1250℃ for the duration time of
5min with different heating rates
2.2.1.2. Sintering temperature
When heating rate was fixed at 3°C⋅ s −1, duration time was lengthened to 10min, and loose
powders were sintered at 1200°C, 1250°C and 1300°C, synthesized material display different
microstructures, as shown in Fig. 18. In the compact sintered at 1200°C, original powder boun‐
daries can still be seen although shapes of powders have changed from spheres to polyhedrons
under pressure. Material migration was not finished fully enough to form grains and granular
boundaries. When the sintering temperature was raised up to 1250°C, a uniform and full lamel‐
lar microstructure formed. The mean lamellar colony size is 30µm. When the material is sin‐
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tered  at  1300°C,  a  full  lamellar  microstructure  with  average  colony  size  of  50µm  was
consolidated with obvious coarser lamellar spacing than the product obtained at 1250°C.
a c b 
Figure 18. Microstructures of alloys heated with the rate of 3°C ⋅ s −1 and sintered at different temperatures for
10min :(a)1200°C, (b)1250°C, (c)1300°C
2.2.1.3. Dwell duration
The Fig. 19, combined with micrographs in Fig. 15(c) and Fig.18(b), the influence of duration
time on the sintered microstructures can be deduced. In the sintered compact heated at the rate
of 3°C⋅ s −1 up to 1250°C and stayed at the temperature for 5min, the microstructure presented a
duplex feature, composed of fine lamellar colonies and equiaxed γ grains. When the duration
period is extended to 10min, a complete lamellar microstructure was generated. If the dwell
time was further lengthened, a complete lamellar with coarser colony size was observed. The
average lamellar colony size got to 120µm, the spacing augments to 2.2µm.
Figure 19. Microstructures of alloys heated with the rate of 3℃ ⋅ s −1 and sintered at 1250℃ for 15min




Working mechanisms for the PCAS technique has been introduced in details in the first part
of the chapter. But when the effect of sintering parameters on consequent microstructures is
involved, the above-mentioned theory seems a little abstract to explain the corresponding
evolution of microstructures. Hereinafter, the author tried to approach the effect of sintering
parameters on resultant microstructures from the viewpoint of thermodynamics, as well as
nucleation and growth kinetics.
Firstly, attention was paid to the effect of heating-up rate. If the joule heat generated by the
pulsed electric current flowing through the tested material is denoted by Qt, Qt=Qr+Qh,
where Qr is the heat input during transient (i.e. temperature-rise) period, and Qh is that sup‐
plied during steady-state sintering. Since four sintering processes about heating rate influ‐
ence were all carried out at 1250℃ for 5min under the load of 50MPa, Qhwas the same. The
only consideration is thus Qr.
According to classical equation: Q = I2Rt. I is the applied electrical current and I = ρI*S, where
ρI is the current density, which has been listed in table 4, and the cross-sectional area in tests
S = 30×10mm2. The material’s electrical resistance R can be derived in terms of the equation:
R = R0(1+aT), where T is the thermodynamic temperature, R0 the material resistance meas‐
ured at 0℃, and ‘a’ is the temperature resistance coefficient. For the shortage of a suitable
strong testing machine, it is sensible to choose R0 as a constant. For simplicity, the averaging
value of the coefficient ‘a’ was taken according to the equation: a= (R2-R1)/R1ΔT. ΔT =T2 - T1,
herein T1 = 293k, T2 = 1523k in experiments. In addition, R1, R2 respectively refer to the elec‐
trical resistance of initial loose powders and that of the alloy products. If all the alloy prod‐
ucts are presumed to get to theoretical densification, it can be sure that R2 must also be the
same. Thus ‘a’ is identified as another constant term. The numeral value of the time ‘t’ spent
in temperature-rise period has been listed in table 4 as well. So the heat yielded by the cur‐
rent in temperature-rise period is calculated as follows:
Qr =  I






I 2R0(1 +  aT )tdtdT  = ∫
T1
T2
I 2R0(1 +  aT ) =
1
2 t
2I 2R0 (T2 −  T1) +
1
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If the equation is reduced to Qr= (A+Ba)R0, table 5 will be obtained. Based on theory of elec‐
tron and quantum, literature [33] confirms that resistance temperature coefficient for metals
is about 0.4%. Then, ‘a’ in the above-equation must be a positive constant. Therefore, the re‐
sult is straightforward that slower heating supplies a higher energy.
Usually the heat energy is consumed by three respects: QS, QT and QL, where QS is the ener‐
gy for synthesis and densification of powders, QT is for morphologic transformation, and QL
is for thermal losses. Here, QL can be neglected because the graphite mold used in the ex‐
periments was set inside a ceramic mold to prevent heat losses. Allowing for all the pow‐
ders have been synthesized to compact alloys under the four sintered conditions, QS must be
the same. Therefore, the more heat energy absorbed in 2℃•s-1, 2.5℃•s-1, 3℃•s-1-sintering
process than that in 4.5℃•s-1-sintering period is used for morphological transformation. The
slower the heating up rate, the more energy for such transformation will be.
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Table 5. Numeral values of A and B in Qr
In the experiments in the current chapter, the more energy corresponds to more lamellar
volume fraction in sintered alloys. Also it has been mentioned above that our starting metal
powders consists of γ and α2 (Fig.14(c) ) with the approximate composition of Ti-42.5Al. In
terms of Ti-Al binary phase diagram, Fig. 20, when experimented materials were heated up
to 1250℃, the sintering temperature, the constituent phases γ and α2 would both turn into
disordered phase α. Thus it can be asserted that phase transformation in the sintering proc‐
ess followed the route: α → α+γPPT → α+γP→ Lamellar (α/γ) → Lamellar(α2+γ), where γPPT
refers to disordered γ (equiaxed grains), γPordered γ (γ plates).
When after heat preservation and the material was cooled down into γ+α two phase region,
in α, the whole dislocation a/3<1120 > was discomposed into partial Shockley ones with sim‐
ple stacking faults (SF): α → αSF+α → γppt+α [34]. Such SFs would change local stacking se‐
quences in (0001) α in hcp α matrix, leading to a local change of crystal structure from
hcp→LI0. γ grains began to precipitate. Driven by surface tension, the precipitated disor‐
dered γ phase turned equiaxed. If at such time not enough energy can promote more equi‐
axed γ grains to precipitate further, such γ grains together with residual α would change
into γ and ordered α2, making up near γ microstructure. But the formation of equiaxed γ
brought about differences in chemical free energy between γ and α matrix, and further re‐
distribution of Ti and Al atoms. Thus it can be figured out that equiaxed γ is only a pioneer
of lamellar γ/α2 colonies. If the energy absorbed by the material can keep it in γ+α region for
longer time, the internal structure tends to change into a more stable state.
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axed γ grains to precipitate further, such γ grains together with residual α would change
into γ and ordered α2, making up near γ microstructure. But the formation of equiaxed γ
brought about differences in chemical free energy between γ and α matrix, and further re‐
distribution of Ti and Al atoms. Thus it can be figured out that equiaxed γ is only a pioneer
of lamellar γ/α2 colonies. If the energy absorbed by the material can keep it in γ+α region for
longer time, the internal structure tends to change into a more stable state.
Pulse Current Auxiliary Sintering
http://dx.doi.org/10.5772/53469
217
Figure 20. Central part of Ti-Al binary phase diagram
The surface of equiaxed γ grains is composed of many crystal faces with varied orientation,
and such places can easily become nucleation location for γ lamellae. Extension of partial
Shockley dislocations led to γ lateral growth and formation of “terrace” in phase bounda‐
ries. The formed kinking parts attracted atoms’ diffusion and migration, resulting in γ grow‐
ing laterally and γ plates formed. That is, γ plates form and grow by the “terrace-ledge-
kink” mechanism [35]. In view of the fact that γ lamellae grew into neighboring α matrix
interior with different rates and the growth rate in coherent α was greater than in incoherent
ones, the differences in chemistry free energy would drive α on the side with incoherent
boundaries to grow into γ interior. Then lamellar γ/α2 colonies took shape[36,37]. γ plates
can parallel align along (0001) α, the only habit plane in hcp α, while α lamellae can align
along four habit planes in γ, including (111) γ, (1̄11)γ, (11̄1)γ and (111̄)γ.As a result, the align‐
ment of the two phases formed Blackburn phase relation [38, 39]. If excess energy existed at
this time, all of equiaxed γ would be consumed and the whole microstructure in sintered
alloys would be composed of lamellar γ/α2 colonies. And there could be no doubt that more
excess energy can thicken lamellae further. Then when the structures were cooled down to
the room temperature, γ would remain and α would evolve into ordered α2. Correspond‐
ingly, duplex or fine lamellar or coarse lamellar microstructure would be observed. Certain‐
ly, what microstructures can be obtained depends on how much energy the sintered
material has absorbed.
The above-mentioned phase transformation process is in agreement with experimental re‐
sults in this paper. Fig. 21 displayed such microstructure evolution process in TiAl alloys
[40]. It should be pointed out that in the PCAS technique, electric field helps to improve nu‐
cleation rate and refine microstructures. As a result, the recrystallized α would be finer than
that given in the figure, then more equiaxed γ would be separated out. When fine γ grains
reached out to each other, triple junctions among boundaries would appear and near gam‐
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ma would form. Therefore, the reason for the as-sintered microstructures changing from
near gamma to duplex, fine lamellae, then coarse lamellae with the increment of heating-up
rate can be clearly uncovered. The effect of lengthening duration time and raising sintering
temperature is the case also.
Figure 21. Schematic drawing of microstructure evolution process in TiAl alloys
2.3. Tensile properties of as-sintered alloys
Due to the fact that the alloys sintered at 1250 °C with heating rate of 2-4.5℃⋅s-1 and dwell
time of 5 min present relative fine-grained microstructure. So, all these samples were sub‐
jected to room temperature tensile tests. 4.5°C⋅s-1- and 3°C⋅s-1- sintered samples were
picked out to experience high temperature tensile tests. It was found that some alloys dis‐
played improved tensile properties than results from other researchers.
2.3.1. Room temperature tensile properties
Tensile properties of the sintered alloys are listed in Table 6. As shown in the table, room-
temperature mechanical properties of the materials are dependent upon the microstructure.
Ultimate tensile strengths σb of all specimens fell between 300 and 700MPa. The ultimate
tensile strength increases with a decrease in lamellar colony size. Whereas the two samples
with lamellar structure exhibited ordinary tensile elongation, the ductility of samples with
near γ and duplex structures were over the usual value of 0.3-2%.
Heating rate(°C⋅s-1) Microstructure (µm) σb(MPa) δ(%)
4.5 NG(4) 578 3.59
3 DP(6~9) 632 4.51
2.5 FL(25) 416 2.21
2 FL(27) 367 1.58
Table 6. Results of ambient temperature tensile tests at 2.083×10-4 s-1
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It has been shown [41] that the refinement of grain size can enhance the mechanical properties
of TiAl. Indeed tensile properties of the two coarse fully lamellar microstructures are lower
than those of duplex microstructure (Table 6). The strengthening mechanism of TiAl alloys
with refined microstructures may be attributed to the classical Hall-Petch equation σ = σo+
KD-1/2, where σo refers to a material intrinsic value, K a Hall-Petch constant, and D the average
diameter of grains. Such equation can be used to explain higher ultimate tensile strength when
α2 / γ lamellae size decreases from 27 down to 9µm. In addition, fine microstructures are bene‐
ficial for the operation of grain boundary sliding and the compatibility of deformation, result‐
ing in better strain [42-44]. Furthermore, allowing for lamellar microstructures possessing the
anisotropic mechanical property, differently oriented lamellae in deformation will produce
discontinuous strain [45], resulting in the generation of interfacial microcracks and brittle fail‐
ure of the tested specimen. Thus, better room temperature ductility is suppressed.
However, the above-mentioned theory isn’t applicable for all the experimental results here in
that in the test a room temperature ductility peak was observed in the duplex TiAl alloy instead
of finer equi-axed one. Specifically, the maximum tensile strength occurs also at the maximum
tensile elongation. In order to explain such phenomenon, close attention is paid to sintering
processes. During sintering, load and heat were applied simultaneously. Therefore, high heat‐
ing rate corresponded to high pressurizing rate. A high heating rate is expected to inhibit grain
growth. As a result, grain sizes are much refined when heating rate is high. However, high
loading rate can quickly seal the venting channels among powder particles and prevent a com‐
plete outgassing. This, of course, was not in favor for specimen densification during sintering
[46]. Thus, the relative density of specimens obtained at the heating rate in the range of 2-3℃•s-1
was over 99.5%, while the density of that one sintered at 4.5℃•s-1 was 98.6%. The lower densi‐
ty, thus more residual pores reduces the ductility and tensile properties. Also, near gamma mi‐
crostructure is a product of unstable phase transformation, so vast defects would remain in
internal structures, such as a large number of dislocations tangled up in grains, as shown in Fig.
22. So, even though grain boundary sliding and deformation compatibility ameliorated with
grains being refined, numerous dislocations tangling up inhibited the alloy’s capability of ho‐
mogeneous deformation [45]. As a result, the tensile properties of fine-grained, near γ sample
are inferior to those with a duplex structure.
Figure 22. TEM micrographs of 4.5℃•s-1-sintered alloy
Sintering Applications220
2.3.2. High temperature tensile properties
Fig. 23(a) shows the true stress-strain curves of the 4.5℃•s-1-sintered alloy for tensile de‐
formation at temperatures ranging from 800 to 1000℃ at the strain rate of 2.083×10-4s-1. It
can be seen that  in  the temperature range,  plastic  strain appeared,  following the elastic
deformation. Moreover, at above 900℃, steady flow took place. Besides, the equiaxial γ-
TiAl based alloy under study is characterized by a remarkable elongation-to-fracture and
a marked strain rate sensitivity m. As the temperature rises, the elongation exhibits mo‐
notonous character,  increasing from 71% at  800℃, 165% 900℃, 241% 950℃ to the maxi‐
mum  elongation-to-failure  δ=409%  at  1000℃.  The  profile  of  the  specimen  fracture  at
1000℃ is illustrated by the Fig. 23(b).
Figure 23. (a)True stress-strain curves of the 4.5℃•s-1-sintered alloy for deformation at 800 -1000℃, (b) fracture sam‐
ple deformed at 1000°C with 409% elongation and an as-prepared test piece (bottom) is also shown for comparison.
m value obeys the same tendency as the elongation, from 0.15, 0.33, and 0.45 up to 0.8 at
1000℃. The values of m and elongation-to-failure at temperatures above 900℃ are indicative
of superplastic deformation behavior. Meanwhile, an increase of temperature leads to a rap‐
id decrease in flow stress, decreasing from 565Mpa at 800℃ down to 79Mpa at 1000℃. This
result is in accordance with the majority of γ-TiAl based alloys with micron-grained struc‐
ture investigated to date [47-49].
The effect of testing temperature on the high temperature flow behavior of duplex micro‐
structure is illustrated in Fig. 24(a). It can be seen that this alloy failed during the elastic
stage at 750°C and the elongation reaches 10%.At 900°C, plastic strain began to appear, fol‐
lowing the elastic deformation. At and above 950°C, steady flow took place. Moreover, an
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id decrease in flow stress, decreasing from 565Mpa at 800℃ down to 79Mpa at 1000℃. This
result is in accordance with the majority of γ-TiAl based alloys with micron-grained struc‐
ture investigated to date [47-49].
The effect of testing temperature on the high temperature flow behavior of duplex micro‐
structure is illustrated in Fig. 24(a). It can be seen that this alloy failed during the elastic
stage at 750°C and the elongation reaches 10%.At 900°C, plastic strain began to appear, fol‐
lowing the elastic deformation. At and above 950°C, steady flow took place. Moreover, an
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increase in the temperature led to an increase in the elongation, from 48% at 900°C to 99% at
950°C, with a maximum of 135% achieved at 1000°C (Fig. 24 (b) ). m value reached 0.23 at
1000°C, lower than the critical value 0.3 for conventional superplastic deformation. Its flow
stress followed the same tendency as 4.5°C•s-1-sintered alloy, namely decreasing with the
test temperature ascending. However, compared with the tensile behavior exhibited by
4.5°C•s-1-sintered alloy, flow stress in 3°C•s-1-sintered one is always higher at correspond‐
ing test temperature.
Figure 24. (a) True stress-strain curves of the 3°C•s-1-sintered alloy for deformation at 750 -1000°C at the strain rate of
2.083×10-4s-1 (b) fracture sample deformed at 1000°C with 135% elongation and an as-prepared test piece (bottom) is
also shown for comparison.
Superplastic behavior was found in nearly equi-axed TiAl alloy with the usual prerequisites
of fine grain size [50]. It is obvious that a decrease in grain size to a micron level improves
deformation homogeneity, facilitates grain boundary sliding and interaction of dislocation
with grain boundaries, decreases flow stress, and suppresses deformation twinning, provid‐
ing increased ductility at relatively low temperatures [51]. Fine microstructures are benefi‐
cial to the compatibility of deformation. Large number of grains joins in the deformation,
resulting in better plasticity.This is also the reason for the non existence of superplasticity in
3°C•s-1-sintered duplex alloy.
Also, a microcrystalline grain size can help the alloy to display Superplastic behavior and
decrease the temperature for Superplastic behavior with extensive grain boundary diffusion
and sliding. Based on calculation of the activation energy Q for Superplastic deformation be‐
ing 212.6~252.2kJ•mol-1, the Superplastic deformation mechanism for the alloy is deter‐
mined as the grain boundary sliding accommodated by grain boundary diffusion [52].
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3. Conclusion
In the first part of this chapter, the technique of PCAS was firstly introduced in detail, in‐
cluding its origin, development, classification, fundamental working mechanism and a lot of
advantages over other traditional material preparation technique.
The second part paid special attention to the application of the technique to synthesis ofγ-
TiAl alloys. On self-built pulse current auxiliary sintering apparatus (PCAS), influences of
different parameters, including heating-up rate, sintering temperature and duration time, on
obtained microstructures in sintered products were studied. After systematic researches on
heating rates of 2~9°C ⋅ s −1, sintering temperatures of 1200~1300℃, dwell times of 5~15min, it
was determined that 1250℃ as the temperature and 5min as the duration time were more
beneficial for generating dense, even and fine γ-TiAl based alloys.
When powders were synthesized in the oven at 1250℃ for 5min with heating rates of 4.5, 3,
2.5, 2℃⋅ s −1, near gamma, duplex, fine fully lamellar and coarse fully lamellar microstruc‐
tures were obtained, correspondingly. After comparison studies among these alloys, it was
found that grain size, lamellar volume fraction and lamellar spacing played an important ef‐
fect on room temperature mechanical properties of the sintered products. In general, duplex
alloys possessed better comprehensive behaviors. Their ductility displayed at room temper‐
atures could get to 4.51%. Thus, brittleness problem was solved to some extent.
In tensile tests at various temperatures on sintered TiAl alloys with near γ and duplex mi‐
crostructures, it was observed that the one with equi-axed fine grains possessed more supe‐
rior elevated temperature tensile properties. In temperature range of 950℃~1000℃ and
strain rate range of 2.083×10-4s-1,the obtained elongation was over 240%. The results demon‐
strated its ability to display superplastic behavior at relatively low temperatures. Based on
calculation of the activation energy Q for Superplastic deformation being
212.6~252.2kJ•mol-1, the superplastic deformation mechanism for the alloy was determined
as the grain boundary sliding accommodated by grain boundary diffusion
Based on the success in the synthesis of dense γ-TiAl alloys with fine microstructures, im‐
proved room-temperature and ideal high-temperature tensile properties, more studies are
under way for processing industrial parts with good quality and improved mechanical
properties directly by PCAS technique. These relative studies will explore more prospects
for the application of the technique.
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increase in the temperature led to an increase in the elongation, from 48% at 900°C to 99% at
950°C, with a maximum of 135% achieved at 1000°C (Fig. 24 (b) ). m value reached 0.23 at
1000°C, lower than the critical value 0.3 for conventional superplastic deformation. Its flow
stress followed the same tendency as 4.5°C•s-1-sintered alloy, namely decreasing with the
test temperature ascending. However, compared with the tensile behavior exhibited by
4.5°C•s-1-sintered alloy, flow stress in 3°C•s-1-sintered one is always higher at correspond‐
ing test temperature.
Figure 24. (a) True stress-strain curves of the 3°C•s-1-sintered alloy for deformation at 750 -1000°C at the strain rate of
2.083×10-4s-1 (b) fracture sample deformed at 1000°C with 135% elongation and an as-prepared test piece (bottom) is
also shown for comparison.
Superplastic behavior was found in nearly equi-axed TiAl alloy with the usual prerequisites
of fine grain size [50]. It is obvious that a decrease in grain size to a micron level improves
deformation homogeneity, facilitates grain boundary sliding and interaction of dislocation
with grain boundaries, decreases flow stress, and suppresses deformation twinning, provid‐
ing increased ductility at relatively low temperatures [51]. Fine microstructures are benefi‐
cial to the compatibility of deformation. Large number of grains joins in the deformation,
resulting in better plasticity.This is also the reason for the non existence of superplasticity in
3°C•s-1-sintered duplex alloy.
Also, a microcrystalline grain size can help the alloy to display Superplastic behavior and
decrease the temperature for Superplastic behavior with extensive grain boundary diffusion
and sliding. Based on calculation of the activation energy Q for Superplastic deformation be‐
ing 212.6~252.2kJ•mol-1, the Superplastic deformation mechanism for the alloy is deter‐
mined as the grain boundary sliding accommodated by grain boundary diffusion [52].
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3. Conclusion
In the first part of this chapter, the technique of PCAS was firstly introduced in detail, in‐
cluding its origin, development, classification, fundamental working mechanism and a lot of
advantages over other traditional material preparation technique.
The second part paid special attention to the application of the technique to synthesis ofγ-
TiAl alloys. On self-built pulse current auxiliary sintering apparatus (PCAS), influences of
different parameters, including heating-up rate, sintering temperature and duration time, on
obtained microstructures in sintered products were studied. After systematic researches on
heating rates of 2~9°C ⋅ s −1, sintering temperatures of 1200~1300℃, dwell times of 5~15min, it
was determined that 1250℃ as the temperature and 5min as the duration time were more
beneficial for generating dense, even and fine γ-TiAl based alloys.
When powders were synthesized in the oven at 1250℃ for 5min with heating rates of 4.5, 3,
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found that grain size, lamellar volume fraction and lamellar spacing played an important ef‐
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1. Introduction
Ferrite materials are recognized as more important and essential for the further develop‐
ment of electronics than before, and it is believed that the production of ferrites will increase
year by year as their applications become more diverse.
A tendency to miniaturize electronic components began in the 1990s. Concurrently, progress
also occurred in surface-mounting technology, and attempts have been made to accomplish
high density, incorporation of ferrite inductors into a printed circuit board. This has, as a re‐
sult, allowed development of various types of multilayer ferrite chip inductors [1]. General‐
ly, this has a length of 10mm and a width of 0.5 mm, to be used in television receivers, video
equipment, headphone stereos, hard disk device systems, personal computers, cordless tele‐
phones, automobiles parts etc. Multilayer ferrite chip inductors are manufactured using the
thick film printing method, and the latest chip inductors are successfully constructed as a
single monolithic structure that combines the inductor with other passive elements such as
capacitors and resistors.
The present chip inductor features make the miniaturization process very easy. The flux is
entirely free from leakage because the coil is shielded with ferrite material. Hence it is ex‐
pected that the demand for the chip inductors will increase in future.
Chip inductors are one of the passive surface mounting devices (SMD). They are important
components for the latest electronic products such as cellular phones, video cameras, note
book computers, hard and floppy drives etc., and those that require small dimensions, light
weight and better functions [2-3]. The traditional wire wound chip inductors can only be
miniaturized to a certain limit and lack of magnetic shielding leads to the development of
© 2013 Varalaxmi and Sivakumar; licensee InTech. This is an open access article distributed under the terms
of the Creative Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits
unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
Attribution License http://creativecommons.org/licenses/by/3.0), which permits unrestricted use, distribution, 
and reproduction in any medium, provided the original work is properly cited.
Chapter 10
Development of a Stress Insensitive
MgCuZn-NiCuZn Composite Ferrite
Useful for Microinductors Applications
N. Varalaxmi and K. Sivakumar
Additional information is available at the end of the chapter
http://dx.doi.org/10.5772/52857
1. Introduction
Ferrite materials are recognized as more important and essential for the further develop‐
ment of electronics than before, and it is believed that the production of ferrites will increase
year by year as their applications become more diverse.
A tendency to miniaturize electronic components began in the 1990s. Concurrently, progress
also occurred in surface-mounting technology, and attempts have been made to accomplish
high density, incorporation of ferrite inductors into a printed circuit board. This has, as a re‐
sult, allowed development of various types of multilayer ferrite chip inductors [1]. General‐
ly, this has a length of 10mm and a width of 0.5 mm, to be used in television receivers, video
equipment, headphone stereos, hard disk device systems, personal computers, cordless tele‐
phones, automobiles parts etc. Multilayer ferrite chip inductors are manufactured using the
thick film printing method, and the latest chip inductors are successfully constructed as a
single monolithic structure that combines the inductor with other passive elements such as
capacitors and resistors.
The present chip inductor features make the miniaturization process very easy. The flux is
entirely free from leakage because the coil is shielded with ferrite material. Hence it is ex‐
pected that the demand for the chip inductors will increase in future.
Chip inductors are one of the passive surface mounting devices (SMD). They are important
components for the latest electronic products such as cellular phones, video cameras, note
book computers, hard and floppy drives etc., and those that require small dimensions, light
weight and better functions [2-3]. The traditional wire wound chip inductors can only be
miniaturized to a certain limit and lack of magnetic shielding leads to the development of
© 2013 Varalaxmi and Sivakumar; licensee InTech. This is an open access article distributed under the terms
of the Creative Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits
unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
Attribution License http://creativecommons.org/licenses/by/3.0), which permits unrestricted use, distribution, 
and reproduction in any medium, provided the original work is properly cited.
new materials for the multilayer chip inductors. In this direction only NiCuZn ferrites were
developed as the core material used in the chip inductors [4-5]. But, it was found that these
ferrites are comparatively sensitive to stress and magnetic properties are easily changed or
deteriorated by the stress caused at the electrode.
Silver is generally used as the material for the internal electrode of the multilayer chip in‐
ductors due to its low resistivity, resulting in the components with high quality factor (Q)
[4]. In addition to this, Ag paste is commercially available at lower cost than Ag-Pd paste.
Since the melting point of silver is 961 ºC, the sintering temperature of ferrite which is used
for the manufacture of chip inductor should be below 950 ºC. This is because of the need to
prevent Ag diffusion into the ferrite that would increase the resistivity of the internal con‐
ductor. Further, the segregation of Cu2+ from the ferrite induced by the diffused Ag can be
avoided and thus no deterioration in magnetic properties of the material. In order to over‐
come these problems, MgCuZn ferrites were found to be suitable [6-8]. Normally, MgCuZn
ferrites were sintered at temperatures higher than 1100 ºC [6-7, 9]. In order to use these fer‐
rites in multilayer chip components the sintering temperature must not be more than the
melting point of silver.
With the rapid development and advancement of mobile communication and information
technology, the electronic components with small size, high efficiency and low cost are ur‐
gently needed [10]. Multilayer chip inductors (MLCI) as key component of electronic devi‐
ces confront new challenges. Better magnetic properties, especially high initial permeability
are required for reducing the number layers of multi layer chip inductors. At present Ni‐
CuZn ferrites have been used extensively for the production of the MLCI [11]. But NiCuZn
ferrites are highly stress sensitive. The MgCuZn ferrite is also a pertinent magnetic material
for wide range of applications owing to its high resistivity, fairly high Curie temperature,
low magnetostriction, environmental stability and low cost [6-16].
In search of suitable ferrite materials for microinductor applications, an attempt has been
made, in the present work, to prepare ferrite composites containing two pure ferrite compo‐
nents viz., NiCuZn and MgCuZn ferrites with high initial permeability viz., 1-x
(Mg0.25Cu0.25Zn0.5Fe2O4) + x (Ni0.35Cu0.05Zn0.6Fe2O4), (where x varies as 0.0, 0.2, 0.4, 0.5, 0.6, 0.8
and 1.0) with a view to examine whether there would be any enhancement of magnetic
properties in this system. In this system both the end members have fairly high permeabili‐
ty. This attempted is made to reduce the stress sensitivity of the ferrites since the magneto‐
striction constant of MgCuZn ferrite is lower than that of NiCuZn ferrite [11]. It was also
expected that MLCI using MgCuZn ferrites would show better magnetic properties [7] com‐
parable to that of NiCuZn ferrites and can realize low cost MLCIs with MgCuZn ferrites.
Therefore in the present investigation along with the MgCuZn and NiCuZn ferrites as pure
components and their composites were chosen. Since, the author has been studying the
modification of soft magnetic ferrites, for different applications, she thought that, the ferrites
composites would produce dense microstructure and excellent magnetic properties. To the
best of the author’s knowledge no systematic investigation on the composites containing
(NiCuZn-MgCuZn ferrites) were made, hence the author has under taken a detailed study
of initial permeability in these composites.
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In this paper, different mole fractions of the ferrites composites with generic formula 1-x
(Mg0.25Cu0.25Zn0.5Fe2O4) +x (Ni0.35Cu0.05Zn0.6Fe2O4) where ‘x’ varies from 0.0 to 1.0 were pre‐
pared and an attempt was made both to promote the high initial permeability ferrite compo‐
sites and having stress insensitivity.
2. Experimental
2.1. Preparation of ferrite composites
Ferrite composites with ferrimagnetic phases have been prepared by employing convention‐
al ceramic method.
In the present investigation the ferrite composites contain two ferrite components viz.,
i. Mg0.25Cu0.25Zn0.5Fe2O4 (MgCuZn ferrite)
ii. Ni0.35Cu0.05Zn0.6Fe2O4 (NiCuZn ferrite)
The pure components, viz., Mg0.25Cu0.25Zn0.5Fe2O4 and Ni0.35Cu0.05Zn0.6Fe2O4 compositions
were prepared using the conventional ceramic double sintering method.
First,  the composition Mg0.25Cu0.25Zn0.5Fe2O4  was prepared by employing conventional ce‐
ramic  double  sintering  method  using  analytical  grade  MgO,  CuO,  ZnO  and  Fe2O3  in
their respective proportions.  These oxides were weighed and intimately mixed and then
ball-milled with acetone using polyethylene jars and iron balls (ϕ = 5 mm) media for 24
hrs. The ground powders were presintered at 800 ºC in the form of cakes. After pre-sin‐
tering,  these  cakes  were  crushed,  ground  again  to  obtain  fine  particle  size  and  finally
these powders were sieved to get uniform particle size. The Ni0.35Cu0.05 Zn0.6Fe2O4 compo‐
sition was also prepared in the same method by employing conventional ceramic double
sintering  method  using  analytical  grade  NiO,  CuO,  ZnO  and  Fe2O3  in  their  respective
proportions.
The ferrite composites were prepared by mixing the two individual green powders in mo‐
lar  proportions  1-x  (Mg0.25Cu0.25Zn0.5Fe2O4)  +  x  (Ni0.35Cu0.05  Zn0.6Fe2O4)  in  which ‘x’  varies
from 0.0,  0.2,  0.4,  0.5,  0.6,  0.8  and 1.0.  These compositions were taken in  the respective
proportions as mentioned above and they were ultimately mixed and ground further to
obtain fine powder.
These presintered powders were mixed with 2% PVA as a binder and were compacted in
the  form of  toroids  of  12mm outer  diameter;  8mm inner  diameter;  and 4mm height  to
measure the initial permeabilities and their Curie temperature, and in the form of cylin‐
ders of diameter 10 mm and length nearly 20mm to study the effect of external stress, us‐
ing  hydraulic  press  by  applying  a  pressure  of  150  MPa.  These  compacted  bodies  were
finally sintered at 1250 ºC for 2 hrs in a programmable furnace and were cooled to room
temperature at the rate of 80o/hr. Sufficient care was taken to avoid the zinc loss during
the sintering process.
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All the samples were structurally characterized by X-ray powder diffraction analysis using a
Philips diffractometer PW-1710 with monochromatised CuKα radiation at room tempera‐
ture. Infrared spectra of pure components and the equimolar composition were recorded us‐
ing Perkin-Elmer FT–IS spectrometer Model 1605 in the wave number range 400-1100 cm-1 at
room temperature. The scanning electron micrographs of samples were obtained using (Phi‐
lips XL30ESEM) instrument. The samples were laped and polished using 0.3 µm alumina
powder and later they were thermally etched. The thermally etched and gold coated sam‐
ples were used for obtaining the SEM photographs.
2.1.1. Analysis of X-ray diffractograms of ferrite composite system
1-x (Mg0.25Cu0.25Zn0.5Fe2O4 ) + x (Ni0.35Cu0.05Zn0.6Fe2O4 )
Typical X-ray patterns obtained in the present investigation for ferrimagnetic composites
with generic formula 1-x (Mg0.25Cu0.25Zn0.5Fe2O4) + x (Ni0.35Cu0.05Zn0.6Fe2O4 ) where x = 1.0, 0.5
and 0.0 are presented in Figs 1a, 1b and 1c respectively. An examination of the x-ray diffrac‐
tograms reveals that both pure ferrites and composite show the formation of single phase
cubic spinel structure showing well-defined peaks.
2.1.2. Scanning electron micrographs
Typical  microstructures of  the pure components  and a few composites  are  obtained us‐
ing SEM. The scanning electron micrographs of pure components and equimolar mixture
along  with  x  =  0.4  were  taken  with  the  help  of  Philips  XL30ESEM.  Thermally  etched
samples were taken for making the SEM specimens. The samples were mounted on brass
studs with double sided adhesive tape and coated with Au-Pd alloy of 120-150 Aº thick‐
ness  in  argon  ambient  atmosphere  of  8-10  Pascal.  Then  the  samples  were  scanned  for
various surfaces and the best photographs were recorded. These photographs are shown
in Figs.2a, 2b and 2c. An examination of the figures presented shows clearly the uniform
distribution of the ferrite phases.
2.1.3. Infrared analysis
The  infrared  spectra  of  MgCuZn and NiCuZn ferrites  and  their  equimolar  mixture  are
shown in Figs.3a, 3b and 3c All the samples show only two absorption bands, viz., high
frequency  band ν1  and second absorption  band ν2  which  are  found to  be  in  the  range
571 to 563 cm-1and 400 to 398 cm-1 respectively. The difference is expected because of the
difference in Fe3+- O2-  distance of the octahedral and tetrahedral sites. The ν1  band is as‐
signed to the tetrahedral co-ordination, ν2  and ν3 to octahedral co-ordination compounds
where as ν4  is attributed to some sort of lattice vibrations involving displacement of tet‐
rahedral cations [17].  It  is  reported that the systems in more disorder state gives rise to
broader and less intense bands in IR spectra [18].
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Figure 1. X-ray diffractograms of pure components and ferrite composite (a) X = 0.0, (b) X = 0.5 and (c) X =1.0.
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Figure 2. SEM photographs of ferrites composites (a) X = 0.0, (b) X = 1.0 and (c) X = 1.0.
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Figure 3. Infrared spectra of ferrite composites (a) X = 0.0, (b) X = 0.5 and (c) X = 1.0.
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Figure 3. Infrared spectra of ferrite composites (a) X = 0.0, (b) X = 0.5 and (c) X = 1.0.





For the determination of the initial permeability (µi) the samples were prepared in the form
of toroids with the help of suitable die having an inner diameter of 8mm outer diameter of
12mm and 4mm height and 30 to 35 turns of insulated copper wire (24SWG) was wound on
the toroid and was used as a test specimen. The initial permeability, µi, of these ferrite tor‐
oids were evaluated using the standard formulae from the inductance measurements car‐
ried out at 1 kHz using impedance analyzer (Hioki Model 3532-50 LCR HiTester). The
values of inductance were recorded noted in the temperature range 25 ºC to 250 ºC in the
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Where L is the inductance in micro henrys, h is the height of the core in inches, D1 and D2
are the outer and inner diameters in inches µi is the permeability of the core and N is the
number of turns.
b. Stress sensitivity
In order to study the effect of external stress, uniaxial compressive stress parallel to the mag‐
netizing direction was applied to the cylindrical shape ferrite cores using uniaxial press sys‐
tem. The stress magnitudes were varied from 0 to 10 MPa. The change in inductance was
measured using the above mentioned LCR HiTester by employing 120 turns coil wound on
each cylinder.
c. Excess permeability and excess volume
From the experimental measurements of molar volume (molecular weight/density) and ini‐
tial permeability the excess parameters VE and µiE are evaluated using the formulae
( )E exp 1 2V   = V - V 1-x  + V xé ùë û (2)
and
( )Ei iexp i1 i2m  = m - m 1-x  + m[ x] (3)
where VE and µiE are excess molar volume and excess initial permeability. The quantities in
the brackets are the ideal values. The excess parameters obtained in the present work are
presented as function of mole fraction x in Fig.5 at room temperature.
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4. A brief review of initial permeability work carried out on MgCuZn
and NiCuZn ferrites
Development of nickel copper zinc ferrites for use in high performance multilayer chip fer‐
rites were investigated by Suzuki et.al., [19]. Kanada et.al., [20] studied the replacement of
Fe2O3 by Mn2O3 and replacement of CuO for MgO in MgZn ferrite in order to achieve low
core loss, focusing on the microstructure. They have also investigated the initial permeabili‐
ty of MnZn, MnMgZn and MnMgCuZn ferrites and concluded that the initial permeability
of both MnMgZn and MnMgCuZn ferrites are higher than those of MgZn ferrite.
Yan et.al., [21] studied the effect of CuO and V2O5 additions and the particle size of precur‐
sor materials on the microstructure and relative initial permeability of low temperature fired
NiCuZn ferrites and found that the additions of CuO and V2O5 contribute to the grain
growth and densification of matrix in the sintering process. Addition of 10 mol% CuO and
0.20 mol% V2O5, favoured the low firing temperature of NiCuZn ferrite, and showed very
high relative initial permeability of 1417 at 1MHz. Zhang et.al., [11] carried out the prepara‐
tion of (Ni0.15Cu0.25Zn0.60)Fe1.96O4 ferrite with very high initial permeability from self-propa‐
gated powders. Caultun et.al., [22] studied the magnetic properties of high frequency Ni-Zn
ferrites doped with CuO. Nakamura et.al., [23] studied the frequency dispersion of permea‐
bility in ferrite composite materials and observed that permeability spectra of Ni-Zn ferrite
composite materials. They observed that in the sintered ferrite (volume fraction 1.0), the spin
resonance was around 9 MHz and the static permeability was about 1400. As the ferrite con‐
tent decreases in composite materials, the static susceptibility of the spin component de‐
creases and the spin resonance frequency shifts to higher frequencies. The real part of the
permeability in the ferrite composite materials becomes larger than that of the sintered fer‐
rite in the rf frequency region.
Oh [24] studied the effect of MnO addition on sintering behaviour and magnetic properties
of NiCuZn ferrites for multilayer chip inductors. Su et.al., [25] studied the effect of composi‐
tion and sintering temperature on grain size, porosity and magnetic properties of the NiZn
and NiCuZn ferrites. It was found that the lowest power loss could be obtained with the
equimolar composition for both NiZn and NiCuZn ferrites, which could be attributed to the
lowest porosity.
High  strength  NiCuZn  ferrite  used  for  surface  mounting  devices  was  investigated  by
Murayama et.al., [26]. Kanada et.al., [27] studied the effects of chemical composition and
microstructure on the stress sensitivity of initial permeability of NiMgCuZn ferrites. When
the external stress is applied to the ferrites, the reduction of initial permeability due to the
deficiency of Fe2O3 was observed. Furthermore, they reported that a finely dispersed grain
size in microcrystalline structure is highly effective in stabilization of initial permeability.
As the compressive stress is  applied parallel  to the magnetic  field,  the maximum initial
permeability  of  NiCuZn ferrite  could be observed at  4  MPa.  On the other  hand,  in  the
case of MgCuZn ferrite the maximum was observed at around 0 MPa. It seems possible to
stabilize the initial permeability against the external stress by adjusting composition ratio
of NiO/ (NiO + MgO).
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Where L is the inductance in micro henrys, h is the height of the core in inches, D1 and D2
are the outer and inner diameters in inches µi is the permeability of the core and N is the
number of turns.
b. Stress sensitivity
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tem. The stress magnitudes were varied from 0 to 10 MPa. The change in inductance was
measured using the above mentioned LCR HiTester by employing 120 turns coil wound on
each cylinder.
c. Excess permeability and excess volume
From the experimental measurements of molar volume (molecular weight/density) and ini‐
tial permeability the excess parameters VE and µiE are evaluated using the formulae
( )E exp 1 2V   = V - V 1-x  + V xé ùë û (2)
and
( )Ei iexp i1 i2m  = m - m 1-x  + m[ x] (3)
where VE and µiE are excess molar volume and excess initial permeability. The quantities in
the brackets are the ideal values. The excess parameters obtained in the present work are
presented as function of mole fraction x in Fig.5 at room temperature.
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4. A brief review of initial permeability work carried out on MgCuZn
and NiCuZn ferrites
Development of nickel copper zinc ferrites for use in high performance multilayer chip fer‐
rites were investigated by Suzuki et.al., [19]. Kanada et.al., [20] studied the replacement of
Fe2O3 by Mn2O3 and replacement of CuO for MgO in MgZn ferrite in order to achieve low
core loss, focusing on the microstructure. They have also investigated the initial permeabili‐
ty of MnZn, MnMgZn and MnMgCuZn ferrites and concluded that the initial permeability
of both MnMgZn and MnMgCuZn ferrites are higher than those of MgZn ferrite.
Yan et.al., [21] studied the effect of CuO and V2O5 additions and the particle size of precur‐
sor materials on the microstructure and relative initial permeability of low temperature fired
NiCuZn ferrites and found that the additions of CuO and V2O5 contribute to the grain
growth and densification of matrix in the sintering process. Addition of 10 mol% CuO and
0.20 mol% V2O5, favoured the low firing temperature of NiCuZn ferrite, and showed very
high relative initial permeability of 1417 at 1MHz. Zhang et.al., [11] carried out the prepara‐
tion of (Ni0.15Cu0.25Zn0.60)Fe1.96O4 ferrite with very high initial permeability from self-propa‐
gated powders. Caultun et.al., [22] studied the magnetic properties of high frequency Ni-Zn
ferrites doped with CuO. Nakamura et.al., [23] studied the frequency dispersion of permea‐
bility in ferrite composite materials and observed that permeability spectra of Ni-Zn ferrite
composite materials. They observed that in the sintered ferrite (volume fraction 1.0), the spin
resonance was around 9 MHz and the static permeability was about 1400. As the ferrite con‐
tent decreases in composite materials, the static susceptibility of the spin component de‐
creases and the spin resonance frequency shifts to higher frequencies. The real part of the
permeability in the ferrite composite materials becomes larger than that of the sintered fer‐
rite in the rf frequency region.
Oh [24] studied the effect of MnO addition on sintering behaviour and magnetic properties
of NiCuZn ferrites for multilayer chip inductors. Su et.al., [25] studied the effect of composi‐
tion and sintering temperature on grain size, porosity and magnetic properties of the NiZn
and NiCuZn ferrites. It was found that the lowest power loss could be obtained with the
equimolar composition for both NiZn and NiCuZn ferrites, which could be attributed to the
lowest porosity.
High  strength  NiCuZn  ferrite  used  for  surface  mounting  devices  was  investigated  by
Murayama et.al., [26]. Kanada et.al., [27] studied the effects of chemical composition and
microstructure on the stress sensitivity of initial permeability of NiMgCuZn ferrites. When
the external stress is applied to the ferrites, the reduction of initial permeability due to the
deficiency of Fe2O3 was observed. Furthermore, they reported that a finely dispersed grain
size in microcrystalline structure is highly effective in stabilization of initial permeability.
As the compressive stress is  applied parallel  to the magnetic  field,  the maximum initial
permeability  of  NiCuZn ferrite  could be observed at  4  MPa.  On the other  hand,  in  the
case of MgCuZn ferrite the maximum was observed at around 0 MPa. It seems possible to
stabilize the initial permeability against the external stress by adjusting composition ratio
of NiO/ (NiO + MgO).
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Bhosale et.al., [28] presented a novel route for the preparation of high density, high permea‐
bility Cu-Mg-Zn ferrites using oxalate precursor method, with various Mg2+ contents with a
generic formula Cu(0.5−x)MgxZn0.5Fe2O4 where x = 0.00, 0.20, 0.25 and 0.40. They investigated
the ferritization temperature of this system and observed the initial permeability of all the
samples increased with increase in sintering temperature and Mg2+ content for samples with
x ≤ 0.20.
Yan and Hu [29] studied the (Ni0.20Zn0.60Cu0.20)Fe1.98O4 ferrite which was sintered using mi‐
crowave sintering and conventional sintering techniques, respectively and found that micro‐
wave sintering technique could effectively promote the forward diffusion of ions and thus
accelerate the sintering process, resulting in the grain growth and the densification of the
matrix. They found that at 100 kHz, the magnetizing contribution of domain wall motion is
predominant. Compact and coarse matrices are favorable for domain wall motion, giving
rise to improvement of relative initial permeability and loss of ferrites. With microwave sin‐
tering technique, (Ni0.20Zn0.60Cu0.20)Fe1.98O4 ferrite with the relative initial permeability µi of
about 2000 and the relative loss factor tanδ/µi of about 8.7×10−6 at 100 kHz were achieved at
980 °C sintering temperature. In addition, the sintering time of ferrites was reduced from 5
to 0.5 h by using microwave sintering technique.
Ghodake et.al.,  [30] studied the magnetic properties of NiCuZn ferrites with generic for‐
mula NixCu[(1-t)-x]ZntFe2(C2O4).n.H2O where t  =  0.45,  0.50,  0.60 and x = 0.0,  0.05,0.10,  0.15,
0.20, 0.30, 0.40,0.50 and 0.55 were synthesized by oxalate precursor method and observed
that the initial permeability (µi) showed an increase when Ni2+ was added up to x = 0.15
while for x > 0.15, it decreased. The increase in initial permeability (µi) was attributed by
them to monotonic increase in Ms, and K1 on addition of Ni2+.  However, the microstruc‐
ture and density (porosity) also influence µi  variations. The decrease in µi is attributable
to increase of K1.
Xiao et.al., [31] studied the fabrication of solenoid type inductor with electro pated NiFe
magnetic core, the inductance and quality factor were 0.42-0.345 µH and 1.8-5.3 in the fre‐
quency range 1-10 MHz respectively. Bhosale et.al., [32] studied a novel route for the prepa‐
ration of high density, high permeability Cu-Mg-Zn using oxalate precursor method for
various Mg2+ contents with generic formula Cu(0.5-x)Mgx Zn0.5 Fe2O4 where x = 0.0, 0.2, 0.25
and 0.4 have been carried out in the temperature range 599 to 743 K and observed that initial
permeability of all the samples increases with increase in temperature and Mg2+ content up‐
to x ≤ 0.2.
Densification and magnetic properties of low-temperature fired NiCuZn ferrites was stud‐
ied by Wang et.al., [33]. Effects of presintering temperature on the property of high permea‐
bility of NiCuZn ferrite was studied by Su et.al., [34]. Mukesh et.al., [35] prepared fine
powders of Ni0.6-xCuxZn0.4Fe2O4 where 0 ≤ x ≤ 0.4 by citrate precursor method under investi‐
gation and they concluded that the ferrite with Cu concentration of x = 0.4 showed highest
initial permeability. Enhancement initial permeability of low temperature sintered NiCuZn
ferrites was investigated by Oi et.al., [36]. The study of low temperature sintered MgCuZn
ferrites were carried out by Nakahata et.al., [37].
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Ramamanohar Reddy et.al., [38] studied the stress sensitivity of inductance in NiCuZn fer‐
rites and the initial permeability measurements were reported in the temperature range
30-400 ºC. Nam et.al., [39] studied the effect of Cu substitution on the properties of NiZn fer‐
rites sintered at low temperature in various compositions, they concluded that the densifica‐
tion of NiCuZn ferrite is dependent on Cu content in these ferrites, Dispersion
characteristics of complex permeability in (Ni0.5-xCuxZn0.5)(Fe2 O3)0.98 was reported by them
and They also showed that the relaxation frequency increases with increasing temperature.
Caultn [40] studied the dependence of permeability spectra on the frequency for samples of
Ni-Zn-Cu ferrite sintered at different temperatures. The effect of Cu substitution on the
properties of magnesium zinc ferrites sintered at low temperature were investigated by Re‐
zlescu et.al., [14]. Densification and properties of flux added NiCuZn ferrites were carried
out by Wang et.al., [41].
Wang et.al., [42] also studied the densification and magnetic properties of low temperature
fired NiCuZn ferrites. Murthy [43] studied the electrical and magnetic properties of low
temperature sintered MgCuZn ferrites. Wang et.al., [44] also studied the effects of process‐
ing on the densification and properties of low-temperature fired NiCuZn ferrites. Bhosale
et.al., [45] studied the synthesis of high permeability Cu-Mg-Zn ferrites using oxalate pre‐
cursor method and concluded that for the sample with x = 0.25 in MgxCu0.5-xZn0.5Fe2O4 has
the highest permeability of (µi = 2158) which was sufficiently higher than that reported for
ETMG-5 ferrite (µi = 550). Magnetic and structural properties of ultra fine Ni-Zn-Cu ferrite
prepared by a sol-gel method were studied by Lee et.al., [46].
Effects of composition and sintering temperature on grain size, porosity and magnetic prop‐
erties of the NiZn and NiCuZn ferrites were investigated by Hua Su et.al., [47] and they
found that the lowest power loss could be obtained with the equimolar composition for both
NiZn and NiCuZn ferrites, which could be attributed to the lowest porosity and a slight de‐
ficiency or excess of Fe2O3 content which no pronounced influence on saturation magnetic
flux density (Bs). However, a slight excess of Fe2O3 was effective to improve the initial per‐
meability, which could be attributed to decrease of the magnetocrystalline anisotropy. With
the increase of sintering temperature, the initial permeability and power loss of the NiZn
and NiCuZn ferrites had different trend, which was explained by the grain size and porosi‐
ty. They reported that the power losses of the NiCuZn ferrite samples were lower than that
of the NiZn ferrite samples at any sintering temperature and the NiCuZn ferrites had a bet‐
ter performance than the NiZn ferrites. Bhosale et.al., [48] carried out the initial permeability
studies on high density Cu-Mg-Zn ferrite and based upon the results concluded that varia‐
tion of initial permeability (µi ) with composition was mainly affected by variation of mag‐
netization (Ms) and average particle size. They showed that the initial permeability
increased with increase of magnesium content. Effect of copper on the electromagnetic prop‐
erties of Mg-Zn-Cu ferrites prepared by sol-gel auto combustion method were investigated
by Yue et.al., [49] they observed that low temperature sintered Mg-Zn-Cu ferrites possess
good electro magnetic properties as well as fine grained microstructure.
Yue et.al., [50] studied the Mn-doped NiCuZn ferrites with the generic formula
(Ni0.2Cu0.2Zn0.6)O(Fe2-x,MnxO3)0.98 where x = 0, 0.02, 0.04 and 0.06 prepared by a novel sol-gel
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generic formula Cu(0.5−x)MgxZn0.5Fe2O4 where x = 0.00, 0.20, 0.25 and 0.40. They investigated
the ferritization temperature of this system and observed the initial permeability of all the
samples increased with increase in sintering temperature and Mg2+ content for samples with
x ≤ 0.20.
Yan and Hu [29] studied the (Ni0.20Zn0.60Cu0.20)Fe1.98O4 ferrite which was sintered using mi‐
crowave sintering and conventional sintering techniques, respectively and found that micro‐
wave sintering technique could effectively promote the forward diffusion of ions and thus
accelerate the sintering process, resulting in the grain growth and the densification of the
matrix. They found that at 100 kHz, the magnetizing contribution of domain wall motion is
predominant. Compact and coarse matrices are favorable for domain wall motion, giving
rise to improvement of relative initial permeability and loss of ferrites. With microwave sin‐
tering technique, (Ni0.20Zn0.60Cu0.20)Fe1.98O4 ferrite with the relative initial permeability µi of
about 2000 and the relative loss factor tanδ/µi of about 8.7×10−6 at 100 kHz were achieved at
980 °C sintering temperature. In addition, the sintering time of ferrites was reduced from 5
to 0.5 h by using microwave sintering technique.
Ghodake et.al.,  [30] studied the magnetic properties of NiCuZn ferrites with generic for‐
mula NixCu[(1-t)-x]ZntFe2(C2O4).n.H2O where t  =  0.45,  0.50,  0.60 and x = 0.0,  0.05,0.10,  0.15,
0.20, 0.30, 0.40,0.50 and 0.55 were synthesized by oxalate precursor method and observed
that the initial permeability (µi) showed an increase when Ni2+ was added up to x = 0.15
while for x > 0.15, it decreased. The increase in initial permeability (µi) was attributed by
them to monotonic increase in Ms, and K1 on addition of Ni2+.  However, the microstruc‐
ture and density (porosity) also influence µi  variations. The decrease in µi is attributable
to increase of K1.
Xiao et.al., [31] studied the fabrication of solenoid type inductor with electro pated NiFe
magnetic core, the inductance and quality factor were 0.42-0.345 µH and 1.8-5.3 in the fre‐
quency range 1-10 MHz respectively. Bhosale et.al., [32] studied a novel route for the prepa‐
ration of high density, high permeability Cu-Mg-Zn using oxalate precursor method for
various Mg2+ contents with generic formula Cu(0.5-x)Mgx Zn0.5 Fe2O4 where x = 0.0, 0.2, 0.25
and 0.4 have been carried out in the temperature range 599 to 743 K and observed that initial
permeability of all the samples increases with increase in temperature and Mg2+ content up‐
to x ≤ 0.2.
Densification and magnetic properties of low-temperature fired NiCuZn ferrites was stud‐
ied by Wang et.al., [33]. Effects of presintering temperature on the property of high permea‐
bility of NiCuZn ferrite was studied by Su et.al., [34]. Mukesh et.al., [35] prepared fine
powders of Ni0.6-xCuxZn0.4Fe2O4 where 0 ≤ x ≤ 0.4 by citrate precursor method under investi‐
gation and they concluded that the ferrite with Cu concentration of x = 0.4 showed highest
initial permeability. Enhancement initial permeability of low temperature sintered NiCuZn
ferrites was investigated by Oi et.al., [36]. The study of low temperature sintered MgCuZn
ferrites were carried out by Nakahata et.al., [37].
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Ramamanohar Reddy et.al., [38] studied the stress sensitivity of inductance in NiCuZn fer‐
rites and the initial permeability measurements were reported in the temperature range
30-400 ºC. Nam et.al., [39] studied the effect of Cu substitution on the properties of NiZn fer‐
rites sintered at low temperature in various compositions, they concluded that the densifica‐
tion of NiCuZn ferrite is dependent on Cu content in these ferrites, Dispersion
characteristics of complex permeability in (Ni0.5-xCuxZn0.5)(Fe2 O3)0.98 was reported by them
and They also showed that the relaxation frequency increases with increasing temperature.
Caultn [40] studied the dependence of permeability spectra on the frequency for samples of
Ni-Zn-Cu ferrite sintered at different temperatures. The effect of Cu substitution on the
properties of magnesium zinc ferrites sintered at low temperature were investigated by Re‐
zlescu et.al., [14]. Densification and properties of flux added NiCuZn ferrites were carried
out by Wang et.al., [41].
Wang et.al., [42] also studied the densification and magnetic properties of low temperature
fired NiCuZn ferrites. Murthy [43] studied the electrical and magnetic properties of low
temperature sintered MgCuZn ferrites. Wang et.al., [44] also studied the effects of process‐
ing on the densification and properties of low-temperature fired NiCuZn ferrites. Bhosale
et.al., [45] studied the synthesis of high permeability Cu-Mg-Zn ferrites using oxalate pre‐
cursor method and concluded that for the sample with x = 0.25 in MgxCu0.5-xZn0.5Fe2O4 has
the highest permeability of (µi = 2158) which was sufficiently higher than that reported for
ETMG-5 ferrite (µi = 550). Magnetic and structural properties of ultra fine Ni-Zn-Cu ferrite
prepared by a sol-gel method were studied by Lee et.al., [46].
Effects of composition and sintering temperature on grain size, porosity and magnetic prop‐
erties of the NiZn and NiCuZn ferrites were investigated by Hua Su et.al., [47] and they
found that the lowest power loss could be obtained with the equimolar composition for both
NiZn and NiCuZn ferrites, which could be attributed to the lowest porosity and a slight de‐
ficiency or excess of Fe2O3 content which no pronounced influence on saturation magnetic
flux density (Bs). However, a slight excess of Fe2O3 was effective to improve the initial per‐
meability, which could be attributed to decrease of the magnetocrystalline anisotropy. With
the increase of sintering temperature, the initial permeability and power loss of the NiZn
and NiCuZn ferrites had different trend, which was explained by the grain size and porosi‐
ty. They reported that the power losses of the NiCuZn ferrite samples were lower than that
of the NiZn ferrite samples at any sintering temperature and the NiCuZn ferrites had a bet‐
ter performance than the NiZn ferrites. Bhosale et.al., [48] carried out the initial permeability
studies on high density Cu-Mg-Zn ferrite and based upon the results concluded that varia‐
tion of initial permeability (µi ) with composition was mainly affected by variation of mag‐
netization (Ms) and average particle size. They showed that the initial permeability
increased with increase of magnesium content. Effect of copper on the electromagnetic prop‐
erties of Mg-Zn-Cu ferrites prepared by sol-gel auto combustion method were investigated
by Yue et.al., [49] they observed that low temperature sintered Mg-Zn-Cu ferrites possess
good electro magnetic properties as well as fine grained microstructure.
Yue et.al., [50] studied the Mn-doped NiCuZn ferrites with the generic formula
(Ni0.2Cu0.2Zn0.6)O(Fe2-x,MnxO3)0.98 where x = 0, 0.02, 0.04 and 0.06 prepared by a novel sol-gel
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auto combustion process, and found that with increase of Mn content, the initial permeabili‐
ty is significantly increased. Ramana Muthy [51] also studied the low temperature sintered
of NiCuZn ferrites with generic formula Ni0.65-xCuxZn0.35Fe2-xO4 where x = 1 to 14% its electri‐
cal, magnetic and elastic properties were investigated, The temperature variation of initial
permeability was measured in the temperature range 300-800 K at a frequency of 1 kHz in a
field of 4 A/m, and found that for higher Cu content initial permeability increases continu‐
ously with temperature. Influence of PbO on some properties MgCuZn ferrites were investi‐
gated by Sachelarie et.al., [16]. Rezlescu et.al., [15] also studied the influence of PbO and
Ta2O5 on some properties of MgCuZn ferrites. Rezlescu et.al., [14] studied the copper ions
influence on the physical properties of MgZn ferrites. Qi et.al., [52] studied a series of Mn
substituted MgCuZn ferrites with generic formula (Mg0.2Cu0.2Zn0.6O) (Fe2−xMnxO3)0.97 with x =
0.00, 0.01, 0.03, 0.05 and 0.07 prepared with nanosized precursor powders synthesized by a
sol-gel auto-combustion method. All the ceramic samples could be sintered at low tempera‐
ture (930 °C) (below the melt point of Ag (961°C)) and their results showed that low temper‐
ature sintered MgCuZn ferrites doped with Mn posses higher initial permeability and better
grain structure than that of low temperature sintered NiCuZn ferrites prepared by the same
method. Therefore, Mn doped MgCuZn ferrites should be ideal materials for high induc‐
tance multilayer chip inductor. It is thought that the variation of initial permeability of
MgCuZn ferrites with the Mn substitution was attributed to the decrease of magnetostric‐
tion constant.
Preparation of low-power loss MgCuZn ferrites using the microwave sintering method were
studied by Bhaskar et.al., [53]. Hyie et.al., [54] carried out the studies on the electromagnetic
properties of various compositions of magnesium-copper-zinc ferrites and suggested that
good electromagnetic properties of MgCuZn ferrites were attributed to low MgO, moderate
CuO and high ZnO contents. Roy and Bera [55] studied the effect of Mg substitution on elec‐
tromagnetic properties of (Ni0.25−xMgxCu0.2Zn0.55)Fe2O4 with x = 0.0, 0.07, 0.13, 0.18, and 0.25
synthesized through nitrate-citrate auto-combustion method. The initial permeability was
measured in the frequency range 10 Hz-10 MHz and the permeability were found to in‐
crease and the magnetic loss decreased with Mg substitution for Ni, up to x = 0.18 and also
observed a very high permeability in the composition x = 0.18, which was due to better den‐
sification, lower magnetostriction constant and inner stresses, etc., and concluded that this
composition would be better than NiCuZn-based material for more miniaturization of multi
layer chip inductors.
Low and Sale et.al., [56] studied the development and analysis of property composition dia‐
grams on gel-derived stoichmetric NiCuZn ferrite. As the sintering temperature increases,
the reduction in resistivity is attributed to the formation of BiCu2O4 at grain boundaries
which has lower resistivity compared to that of ferrite materials. The effects of Cu substitu‐
tion for Mg on the properties of MgZn ferrite sintered at low temperature was investigated
by Rezlescu et.al., [57]. Park et.al., [58] studied the effect of WO3 addition on the electrical
and magnetic properties of (NixCu0.2Zn0.8-xO)1.02(Fe2O3)0.98 sintered at low temperature. They
found that the addition of small amount (below 1wt%) of WO3 improves their electrical and
magnetic properties. Zhang et.al., [59] carried out the investigation on structure and proper‐
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ties of low temperature sintered composite ferrites: viz., (Ni0.60Zn0.20Cu0.20)Fe2O4 spinel ferrite
powder and Co2Z were synthesized by self propagating method. They observed that the
composite ferrites have excellent electromagnetic properties in hyper frequencies more than
1.5 GHz.
Qi et.al., [60] investigated the magnetic properties of composite materials with a ferrimag‐
netic Ni0.2Cu0.2Zn0.6Fe1.96O4 phase and a ferro electric BaTiO3 phase with generic formula 1-x
(Ni0.2Cu0.2Zn0.6Fe1.96O4) – x (BaTiO3) composites in which x varies from 0 to 1. They found
that the saturation magnetization and initial permeability decreases with increasing ferro‐
electric content BaTiO3 phase. Aoki et.al., [61] studied the bending strength of sintered fer‐
rites for MgCuZn-NiCuZn and MnZn ferrites and observed that residual carbon content
affects bending strength of these sintered ferrites and the sintered ferrites containing much
residual carbon lower the bending strength. Nakano and Nomura [62] carried out the stud‐
ies on low temperature sintered NiCuZn ferrites used for multilayer ferrite chips.
Effect of manganese impurity on the magnetic properties of Ni0.3MnxZn0.7-xFe2O4 in which x
varies from 0.1 to 0.5, were studied by Amarendra et.al., [63] and they concluded that the
initial permeability continuously decreases with increase in manganese content. Srinivasan
et.al., [64] carried out the studies on high density nickel zinc ferrites Ni1-xZnxFe2O4 and its
magnetic properties using novel hydrazine precursor method. Low-temperature sintering
method for NiCuZn ferrite and the effect of Mn addition on electromagnetic properties were
carried out by Ju and Pian [65]. Zhang et.al., [66] studied the preparation and investigation
of (Ni0.15Cu0.25Zn0.6)Fe1.96O4 ferrite with very high initial permeability from self-propagated
powders and found that the sintered ferrite specimens have very high initial permeability.
They also found that densification of the ferrites and homogeneous grain growth were the
main factors affecting high initial permeability. Kim et.al., [67] studied structure and moss‐
bauer studies of Cu doped NiZn ferrites.
Tsay et.al., [68] studied the microwave sintering technique of NiCuZn ferrites materials with
generic formula (Ni1-x-yZnxCuyFe2O4) and multi layer chip inductors. They concluded that the
benefit of using microwave sintering is in densifying multilayer chip inductors. They could
achieve high-impedance multilayer chip inductors by microwave sintering of the materials
at 800-850 ºC for 20 minutes. Wang et.al., [69] studied the effects in processing in the densifi‐
cation and properties of low temperature sintered NiCuZn ferrites.
Nakamura [5] reported low temperature sintering of NiZnCu ferrite and its permeability
spectra and concluded that the post sintering density and complex permeability of NiZnCu
ferrite ceramics can be controlled by altering the particle size of the starting oxide materials
and the calcination temperature. The complex permeability of sintered ferrite is described as
the summation of the spin rotational contribution and domain wall motion. The permeabili‐
ty in 100 MHz region is determined mainly by the spin rotation magnetization mechanism
and it depends only on the ferrite volume loading.
Wu et.al., [70] studied the preparation of NiZn ferrites/SiO2 nano composite powders by sol-
gel auto combustion method. Ladgaonkar [71] investigated the initial permeability studies
of Nd3+ substituted Zn-Mg ferrite system and explained that on substitution of Nd3+ ion
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auto combustion process, and found that with increase of Mn content, the initial permeabili‐
ty is significantly increased. Ramana Muthy [51] also studied the low temperature sintered
of NiCuZn ferrites with generic formula Ni0.65-xCuxZn0.35Fe2-xO4 where x = 1 to 14% its electri‐
cal, magnetic and elastic properties were investigated, The temperature variation of initial
permeability was measured in the temperature range 300-800 K at a frequency of 1 kHz in a
field of 4 A/m, and found that for higher Cu content initial permeability increases continu‐
ously with temperature. Influence of PbO on some properties MgCuZn ferrites were investi‐
gated by Sachelarie et.al., [16]. Rezlescu et.al., [15] also studied the influence of PbO and
Ta2O5 on some properties of MgCuZn ferrites. Rezlescu et.al., [14] studied the copper ions
influence on the physical properties of MgZn ferrites. Qi et.al., [52] studied a series of Mn
substituted MgCuZn ferrites with generic formula (Mg0.2Cu0.2Zn0.6O) (Fe2−xMnxO3)0.97 with x =
0.00, 0.01, 0.03, 0.05 and 0.07 prepared with nanosized precursor powders synthesized by a
sol-gel auto-combustion method. All the ceramic samples could be sintered at low tempera‐
ture (930 °C) (below the melt point of Ag (961°C)) and their results showed that low temper‐
ature sintered MgCuZn ferrites doped with Mn posses higher initial permeability and better
grain structure than that of low temperature sintered NiCuZn ferrites prepared by the same
method. Therefore, Mn doped MgCuZn ferrites should be ideal materials for high induc‐
tance multilayer chip inductor. It is thought that the variation of initial permeability of
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sification, lower magnetostriction constant and inner stresses, etc., and concluded that this
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layer chip inductors.
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grams on gel-derived stoichmetric NiCuZn ferrite. As the sintering temperature increases,
the reduction in resistivity is attributed to the formation of BiCu2O4 at grain boundaries
which has lower resistivity compared to that of ferrite materials. The effects of Cu substitu‐
tion for Mg on the properties of MgZn ferrite sintered at low temperature was investigated
by Rezlescu et.al., [57]. Park et.al., [58] studied the effect of WO3 addition on the electrical
and magnetic properties of (NixCu0.2Zn0.8-xO)1.02(Fe2O3)0.98 sintered at low temperature. They
found that the addition of small amount (below 1wt%) of WO3 improves their electrical and
magnetic properties. Zhang et.al., [59] carried out the investigation on structure and proper‐
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ties of low temperature sintered composite ferrites: viz., (Ni0.60Zn0.20Cu0.20)Fe2O4 spinel ferrite
powder and Co2Z were synthesized by self propagating method. They observed that the
composite ferrites have excellent electromagnetic properties in hyper frequencies more than
1.5 GHz.
Qi et.al., [60] investigated the magnetic properties of composite materials with a ferrimag‐
netic Ni0.2Cu0.2Zn0.6Fe1.96O4 phase and a ferro electric BaTiO3 phase with generic formula 1-x
(Ni0.2Cu0.2Zn0.6Fe1.96O4) – x (BaTiO3) composites in which x varies from 0 to 1. They found
that the saturation magnetization and initial permeability decreases with increasing ferro‐
electric content BaTiO3 phase. Aoki et.al., [61] studied the bending strength of sintered fer‐
rites for MgCuZn-NiCuZn and MnZn ferrites and observed that residual carbon content
affects bending strength of these sintered ferrites and the sintered ferrites containing much
residual carbon lower the bending strength. Nakano and Nomura [62] carried out the stud‐
ies on low temperature sintered NiCuZn ferrites used for multilayer ferrite chips.
Effect of manganese impurity on the magnetic properties of Ni0.3MnxZn0.7-xFe2O4 in which x
varies from 0.1 to 0.5, were studied by Amarendra et.al., [63] and they concluded that the
initial permeability continuously decreases with increase in manganese content. Srinivasan
et.al., [64] carried out the studies on high density nickel zinc ferrites Ni1-xZnxFe2O4 and its
magnetic properties using novel hydrazine precursor method. Low-temperature sintering
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of (Ni0.15Cu0.25Zn0.6)Fe1.96O4 ferrite with very high initial permeability from self-propagated
powders and found that the sintered ferrite specimens have very high initial permeability.
They also found that densification of the ferrites and homogeneous grain growth were the
main factors affecting high initial permeability. Kim et.al., [67] studied structure and moss‐
bauer studies of Cu doped NiZn ferrites.
Tsay et.al., [68] studied the microwave sintering technique of NiCuZn ferrites materials with
generic formula (Ni1-x-yZnxCuyFe2O4) and multi layer chip inductors. They concluded that the
benefit of using microwave sintering is in densifying multilayer chip inductors. They could
achieve high-impedance multilayer chip inductors by microwave sintering of the materials
at 800-850 ºC for 20 minutes. Wang et.al., [69] studied the effects in processing in the densifi‐
cation and properties of low temperature sintered NiCuZn ferrites.
Nakamura [5] reported low temperature sintering of NiZnCu ferrite and its permeability
spectra and concluded that the post sintering density and complex permeability of NiZnCu
ferrite ceramics can be controlled by altering the particle size of the starting oxide materials
and the calcination temperature. The complex permeability of sintered ferrite is described as
the summation of the spin rotational contribution and domain wall motion. The permeabili‐
ty in 100 MHz region is determined mainly by the spin rotation magnetization mechanism
and it depends only on the ferrite volume loading.
Wu et.al., [70] studied the preparation of NiZn ferrites/SiO2 nano composite powders by sol-
gel auto combustion method. Ladgaonkar [71] investigated the initial permeability studies
of Nd3+ substituted Zn-Mg ferrite system and explained that on substitution of Nd3+ ion
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causes reduction in the magnetic moment and curie temperatures. Substituted Nd3+ ion
shows its occupancy on tetrahedral (B) site, and explained the positive contribution to the
anisotropy constant K1.
Bhosale et.al., [72] studied the initial permeability on high density CuMgZn ferrites and ex‐
plained the variation in initial permeability was mainly affected by variations of magnetiza‐
tion (Ms) and average particle size. The µi decreases with increasing Mg2+ content. This is
attributed to a lower value of the anisotropy constant (K1) for MgFe2O4 than that of CuFe2O4.
Ghodake et.al., [73] studied the magnetic properties of Mn substituted Mg-Zn ferrites and
they explain the decrease in Curie temperature (Tc) with addition of manganese in terms of
the exchange interaction. The decrease in permeability with the addition of Ti4+ in Mg-Zn
ferrite system was reported by Suryavanshi et.al., [74]. A variation of K1 has been explained
on the basis of cation distribution. The relaxation phenomenon and frequency dispersion of
complex permeability have been investigated in system of MgCuZn ferrites by Umeda et.al.,
[75]. Krishnaveni et.al., [76] studied the microwave hydrothermal synthesis and characteri‐
zation of nanosized NiCuZn ferrites.
Ladgaonkar et.al., [77] studied the influence of Nd3+substitution on the permeability spec‐
trum in Zn-Mg ferrites with generic formula ZnxMg1-xFe2-yNdyO4 where x = 0.00, 0.20, 0.40,
0.60, 0.80 and 1.00, y = 0.00, 0.05 and 1.00. The frequency dependence of initial permeabili‐
ty was measured by them in the frequency range from 100Hz to 1MHz, Their study re‐
veals  dispersion  in  initial  permeability  and  the  dispersion  frequency  was  found  to  be
lower for the high permeability compositions than the lower permeability compositions.
Atassi and Tally [78] studied the low temperature sintering of MgCuZn ferrites prepared
by citrate precursor method and found that sintering process increases the crystallinity of
the solid and its domain size.
Effects of composition and sintering temperature on grain size, porosity and magnetic prop‐
erties of the NiZn and NiCuZn ferrites were investigated by su et.al., [79] and they found
that the lowest power loss could be obtained with the equimolar composition for both NiZn
and NiCuZn ferrites, which was attributed to the lowest porosity in those samples. A slight
deficiency or excess of Fe2O3 content had no pronounced influence on saturation magnetic
flux density (Bs) in their testing range. However, a slight excess of Fe2O3 was effective to im‐
prove the initial permeability, which could be attributed to decrease of the magnetocrystal‐
line anisotropy. With the increase of sintering temperature, the initial permeability and
power loss of the NiZn and NiCuZn ferrites showed increasing trend, which was explained
by the variation of the grain sizes and porosities. Their observation shows that the power
losses of the NiCuZn ferrite samples were lower than that of the NiZn ferrite samples at any
sintering temperature. The NiCuZn ferrites had a better performance than the NiZn ferrites
in power applications. Bhosale et.al., [80] studied the synthesis of Cu-Mg-Zn ferrites and
correlation of magnetic properties with microstructure with a generic formula Cu0.5-x
MgxZn0.5Fe2O4 where x = 0.00, 0.20, 0.25 and 0.40 and observed that initial permeability of all
the samples increases with increase in temperature and Mg2+ content upto (x ≤ 0.20).
Zahi et.al., [81] investigated the synthesis, magnetic properties and micro structure of Ni-Zn
ferrite with generic formula Ni0.3Zn0.7Fe2O4 by sol-gel technique using metal acetates at low
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temperature and they observed that initial permeability increases in the large frequency
band (31MHz). Ghodake et.al., [82] studied the magnetic properties of NiCuZn ferrites syn‐
thesized by oxalate precursor method with generic formula NixCu[(1-t)-x]ZntFe2(C2O4).nH2O
(where t = 0.45, 0.50, 0.55, 0.60 and x = 0.00, 0.05, 0.10, 0.15, 0.20, 0.30, 0.40, 0.50, and 0.55) in
the temperature range 30 to 240 ºC and in the frequency range from 20 Hz to 700 kHz. Initial
permeability (µi) shows increase with addition of Ni2+ up to x = 0.15 while for (x > 0.15), it
decreases. The increase in initial permeability (µi) is attributed to monotonic increase in Ms,
and K1 on addition of Ni2+. However, the microstructure and density (porosity) also influ‐
ence the µi variations. The decrease in (µi) is attributable to increase of K1.
Hu  et.al.,  [83]  carried  out  the  studies  on  the  effect  of  magnetic  permeability  of
(Ni0.21Zn0.58Cu0.23)Fe1.95O4 prepared by sol-gel self-propagating method. With this method of
low temperature fired NiCuZn ferrite obtained as an initial permeability of 1120 and qual‐
ity factor Q of 84 at 100 kHz. Byu et.al., [84] studied the factors effecting the initial perme‐
ability  of  Co-substituted  Ni-Cu-Zn  ferrites  in  the  iron  deficient  composition  of
(Ni0.2Cu0.2Zn0.6)1.02-xCoxFe1.98O4  where  x  varies  between 0  and 0.05  prepared to  investigate
the initial permeability dependence on cobalt contents. The compositional variation of ini‐
tial  permeability in cobalt  substituted Ni-Zn-Cu ferrites  could not be explained fully by
intrinsic  factors  such  as  saturation  magnetization  and  magnetic  anisotropy  based  on  a
one-ion model. There results show that in addition to the magnetocrystalline and magne‐
toelastic anisotropy, the increase in induced anisotropy with increasing Co content results
in the decrease of initial permeability.
Yue et.al., [85] studied the low sintered Mn-doped NiCuZn ferrites with compositions of
(Ni0.25-xMnxCu0.25Zn0.5)O(Fe2O3)0.98  where  x  =  0.02,  0.04,  0.06,  0.08,  0.10  were  prepared  by
usual ceramic method. Initial permeabilities (µ'i and µ''i), were measured as a function of
frequency and temperature. They reported that with increase in MnO2  content,  the reso‐
nant  frequency  and  the  Curie  temperature  decreased,  whereas  the  µ'i  increases  at  low
concentrations and decreases for higher concentration showing a maximum at MnO2 for
x = 0.06.
Hu and Yan [86] studied the preparation of high permeability NiCuZn ferrite with gener‐
ic formula (Ni0.17Zn0.63Cu0.20)Fe1.915O4 by sintering at 930°C it showed an initial permeability
of 1700 and relative loss coefficient tanδ/µi of 9.0×10−6 at 100 kHz, due to the appropriate
addition of CuO/V2O5 and showed a decrease in granularity of particles. Tantalum oxide
added MgCuZn ferrite powders [87] were synthesized by a co-precipitation method using
NaOH in a microwave-hydrothermal method. They showed the variation of initial perme‐
ability as a function of additive concentration at room temperature. Bhaskar et.al., [88] car‐
ried out studies on low temperature sintered Mn added MgCuZn ferrites were prepared
using microwave sintering method and room temperature property of quality factor and
initial permeability have been measured in the frequency range of 100kHz-100 MHz. The
initial  permeability  was  also  measured  in  the  temperature  range  of  300-650  K.  Murase
et.al., [89] studied the state of impurities, grain growth behavior and magnetic characteris‐
tics in MgZn ferrites.
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causes reduction in the magnetic moment and curie temperatures. Substituted Nd3+ ion
shows its occupancy on tetrahedral (B) site, and explained the positive contribution to the
anisotropy constant K1.
Bhosale et.al., [72] studied the initial permeability on high density CuMgZn ferrites and ex‐
plained the variation in initial permeability was mainly affected by variations of magnetiza‐
tion (Ms) and average particle size. The µi decreases with increasing Mg2+ content. This is
attributed to a lower value of the anisotropy constant (K1) for MgFe2O4 than that of CuFe2O4.
Ghodake et.al., [73] studied the magnetic properties of Mn substituted Mg-Zn ferrites and
they explain the decrease in Curie temperature (Tc) with addition of manganese in terms of
the exchange interaction. The decrease in permeability with the addition of Ti4+ in Mg-Zn
ferrite system was reported by Suryavanshi et.al., [74]. A variation of K1 has been explained
on the basis of cation distribution. The relaxation phenomenon and frequency dispersion of
complex permeability have been investigated in system of MgCuZn ferrites by Umeda et.al.,
[75]. Krishnaveni et.al., [76] studied the microwave hydrothermal synthesis and characteri‐
zation of nanosized NiCuZn ferrites.
Ladgaonkar et.al., [77] studied the influence of Nd3+substitution on the permeability spec‐
trum in Zn-Mg ferrites with generic formula ZnxMg1-xFe2-yNdyO4 where x = 0.00, 0.20, 0.40,
0.60, 0.80 and 1.00, y = 0.00, 0.05 and 1.00. The frequency dependence of initial permeabili‐
ty was measured by them in the frequency range from 100Hz to 1MHz, Their study re‐
veals  dispersion  in  initial  permeability  and  the  dispersion  frequency  was  found  to  be
lower for the high permeability compositions than the lower permeability compositions.
Atassi and Tally [78] studied the low temperature sintering of MgCuZn ferrites prepared
by citrate precursor method and found that sintering process increases the crystallinity of
the solid and its domain size.
Effects of composition and sintering temperature on grain size, porosity and magnetic prop‐
erties of the NiZn and NiCuZn ferrites were investigated by su et.al., [79] and they found
that the lowest power loss could be obtained with the equimolar composition for both NiZn
and NiCuZn ferrites, which was attributed to the lowest porosity in those samples. A slight
deficiency or excess of Fe2O3 content had no pronounced influence on saturation magnetic
flux density (Bs) in their testing range. However, a slight excess of Fe2O3 was effective to im‐
prove the initial permeability, which could be attributed to decrease of the magnetocrystal‐
line anisotropy. With the increase of sintering temperature, the initial permeability and
power loss of the NiZn and NiCuZn ferrites showed increasing trend, which was explained
by the variation of the grain sizes and porosities. Their observation shows that the power
losses of the NiCuZn ferrite samples were lower than that of the NiZn ferrite samples at any
sintering temperature. The NiCuZn ferrites had a better performance than the NiZn ferrites
in power applications. Bhosale et.al., [80] studied the synthesis of Cu-Mg-Zn ferrites and
correlation of magnetic properties with microstructure with a generic formula Cu0.5-x
MgxZn0.5Fe2O4 where x = 0.00, 0.20, 0.25 and 0.40 and observed that initial permeability of all
the samples increases with increase in temperature and Mg2+ content upto (x ≤ 0.20).
Zahi et.al., [81] investigated the synthesis, magnetic properties and micro structure of Ni-Zn
ferrite with generic formula Ni0.3Zn0.7Fe2O4 by sol-gel technique using metal acetates at low
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temperature and they observed that initial permeability increases in the large frequency
band (31MHz). Ghodake et.al., [82] studied the magnetic properties of NiCuZn ferrites syn‐
thesized by oxalate precursor method with generic formula NixCu[(1-t)-x]ZntFe2(C2O4).nH2O
(where t = 0.45, 0.50, 0.55, 0.60 and x = 0.00, 0.05, 0.10, 0.15, 0.20, 0.30, 0.40, 0.50, and 0.55) in
the temperature range 30 to 240 ºC and in the frequency range from 20 Hz to 700 kHz. Initial
permeability (µi) shows increase with addition of Ni2+ up to x = 0.15 while for (x > 0.15), it
decreases. The increase in initial permeability (µi) is attributed to monotonic increase in Ms,
and K1 on addition of Ni2+. However, the microstructure and density (porosity) also influ‐
ence the µi variations. The decrease in (µi) is attributable to increase of K1.
Hu  et.al.,  [83]  carried  out  the  studies  on  the  effect  of  magnetic  permeability  of
(Ni0.21Zn0.58Cu0.23)Fe1.95O4 prepared by sol-gel self-propagating method. With this method of
low temperature fired NiCuZn ferrite obtained as an initial permeability of 1120 and qual‐
ity factor Q of 84 at 100 kHz. Byu et.al., [84] studied the factors effecting the initial perme‐
ability  of  Co-substituted  Ni-Cu-Zn  ferrites  in  the  iron  deficient  composition  of
(Ni0.2Cu0.2Zn0.6)1.02-xCoxFe1.98O4  where  x  varies  between 0  and 0.05  prepared to  investigate
the initial permeability dependence on cobalt contents. The compositional variation of ini‐
tial  permeability in cobalt  substituted Ni-Zn-Cu ferrites  could not be explained fully by
intrinsic  factors  such  as  saturation  magnetization  and  magnetic  anisotropy  based  on  a
one-ion model. There results show that in addition to the magnetocrystalline and magne‐
toelastic anisotropy, the increase in induced anisotropy with increasing Co content results
in the decrease of initial permeability.
Yue et.al., [85] studied the low sintered Mn-doped NiCuZn ferrites with compositions of
(Ni0.25-xMnxCu0.25Zn0.5)O(Fe2O3)0.98  where  x  =  0.02,  0.04,  0.06,  0.08,  0.10  were  prepared  by
usual ceramic method. Initial permeabilities (µ'i and µ''i), were measured as a function of
frequency and temperature. They reported that with increase in MnO2  content,  the reso‐
nant  frequency  and  the  Curie  temperature  decreased,  whereas  the  µ'i  increases  at  low
concentrations and decreases for higher concentration showing a maximum at MnO2 for
x = 0.06.
Hu and Yan [86] studied the preparation of high permeability NiCuZn ferrite with gener‐
ic formula (Ni0.17Zn0.63Cu0.20)Fe1.915O4 by sintering at 930°C it showed an initial permeability
of 1700 and relative loss coefficient tanδ/µi of 9.0×10−6 at 100 kHz, due to the appropriate
addition of CuO/V2O5 and showed a decrease in granularity of particles. Tantalum oxide
added MgCuZn ferrite powders [87] were synthesized by a co-precipitation method using
NaOH in a microwave-hydrothermal method. They showed the variation of initial perme‐
ability as a function of additive concentration at room temperature. Bhaskar et.al., [88] car‐
ried out studies on low temperature sintered Mn added MgCuZn ferrites were prepared
using microwave sintering method and room temperature property of quality factor and
initial permeability have been measured in the frequency range of 100kHz-100 MHz. The
initial  permeability  was  also  measured  in  the  temperature  range  of  300-650  K.  Murase
et.al., [89] studied the state of impurities, grain growth behavior and magnetic characteris‐
tics in MgZn ferrites.
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Krishnaveni and Ramana Murthy [90] studied the microwave hydrothermal synthesis of
nanosized Ta2O5 added Mg-Cu-Zn ferrites. Its initial permeability as a function of additive
at room temperature was investigated and observed that the prepared microinductors pos‐
ses better electrical properties than the microinductors prepared by using the NiCuZn fer‐
rites. Mukesh et.al., [91] studied the effect of substitution of cations by cobalt in small
concentration on the magnetic properties at low and high frequencies, in the polycrystalline
ferrite samples having the composition (Ni0.2Cu0.2Zn0.6)1−xCoxFe2O4, where x = 0, 0.01, 0.03
and 0.05, they were prepared by citrate precursor method. Complex permittivity and perme‐
ability were measured at microwave frequencies (X-band) using the cavity perturbation
method, which is a non-contact method.
Hsu et.al., [92] verified the addition of nanocrystalline ferrite particles (NFPs) was effective
in improving the densification behavior and magnetic properties of the NiCuZn ferrites for
multilayer chip inductor (MLCI) applications. The NFPs, which have high surface free ener‐
gy, spread around the micron-sized ferrite particles (MFPs) and increased contacting area
and inter-diffusion of the particles. They observed that the sample with 30 wt% NFPs addi‐
tive exhibited the highest initial permeability when sintered at 900 ºC, than that made by the
ferrite with 1.5 wt% Bi2O3 due to less diffusion of Ag electrode to ferrite and higher initial
permeability. It was mainly attributed to relatively larger grain size and higher sintering
density.
Su et.al., [93] carried out the studies on high-permeability and high-Curie temperature Ni‐
CuZn ferrite. In this process, attention was focused on the amount of CuO contained in
NiZn ferrite and a small additive of MoO3 added in the NiCuZn ferrite and observed that
the initial permeability of the core increased and the Curie temperature only decreased a lit‐
tle with 4 mol% CuO content. This was mainly attributed to the presence of Cu ions activat‐
ing the sintering processes in ferrites and leading to increase in density. The decrease of
magnetocrystalline anisotropy constant also does some contribution, by optimizing the
MoO3 as additive, the initial permeability could get a sharp increase because of enhance‐
ment of grain size. So in the NiCuZn ferrite with a permeability of 2480 and Curie tempera‐
ture of around 118 0C was obtained and by optimizing the CuO content, the initial
permeability of the cores was increased and the Curie temperature decrease was only a lit‐
tle. This was attributed to the appropriate MoO3 having the effect of promoting crystalline
grain growth and not forming the abnormal grain growth and closure of pores.
Wang et.al., [94] prepared nano-sized NiCuZn ferrite powders with a composition of
(Ni0.15Cu0.2Zn0.65O) (Fe2−xMnxO3+0.5x)0.99 where x = 0 to 0.04, and studied the effect of Mn dop‐
ant on the microstructures and the initial permeability. They observed that introduction of
Mn into NiCuZn ferrite has a great influence on its electromagnetic properties. i.e., initial
permeability of NiCuZn ferrite increases greatly with a small amount of Mn addition, and
then further increase of Mn content leads to a decrease in the initial permeability.
The effect of Mn substitution on the magnetic properties and microstructure of the
(Ni0.2Cu0.2Zn0.6)1.03(Fe2O3)0.97 + 0.97xMnO2 where x = 0.1 to 0.5, were investigated by Li et.al.,
[95]. They observed that Mn content increases the initial permeability. Gao et.al., [96] stud‐
ied solenoid type inductor with ultra low profile was fabricated by micro electromechnical
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system (MEMs) in which NiFe was electroplated as the magnetic core, and measured the
value of inductance and quality factor. They observed 0.42 µH and 1.8 at 1 MHz, while the
quality factor is 5.3 with inductance value of 0.345 µH at 10 MHz.
Micro structural dependence of permeability and permittivity spectra in Ni-Zn ferrites with
generic formula Ni0.4Zn0.6Fe2O4 doped with V2O5 and Bi2O3 were studied by Pyun and Beak
[97] and they explained that the initial permeability increases linearly with the grain size up
to 5.9 µm and then decreases for undoped ferrite specimens, where as it increases linearly
with the grain size for V2O5 doped ferrite specimens. The decrease in permeability with in‐
crease in grain size for undoped ferrite specimens was discussed in terms of the formation
of excess Fe2+ due to higher equilibrium oxygen pressure.
5. Review of the previous experimental work on the stress sensitivity of
ferrites
Stress sensitivity of inductance in NiCuZn ferrites was carried out by Ramamanohar Reddy
et.al., [38] and observed that stress sensitivity is more in the case of iron rich and stoichio‐
metric iron samples while in the case of iron deficient samples the stress sensitivity was
found to be less. The stress sensitivity in Ni-Mn, Ni-Mn-Co and Ni-Mn-Co-Cu ferrites was
studied by Kaczkowski [98] and he concluded that the greatest stress sensitivity was ob‐
served for the ferrites with the smallest magnetocrystalline anisotropy.
The effects of chemical composition and micro structure on stress sensitivity of magnet‐
ic  properties  to  applied  stress  of  Ni-Mg-Cu-Zn  ferrite  materials  were  investigated  by
Kanada  et.al.,  [27]  and  they  found  that  the  application  of  external  stress  reduces  the
permeability  Mechanical  and  electrical  properties  of  Ni0.65Zn0.35CuxFe2-xO4  ferrites  were
carried  out  by  Abd.El-Ati  and  Tawfik  [99].  Enokido  et.al.,  [100]  studied  the  effects  of
additives  on the stress  variation and temperature dependence of  inductance in  NiCuZn
ferrite.  Effect  of  glass  addition  and  quenching  on  the  relation  between  inductance  and
external  compressive  stress  in  Ni-Cu-Zn  ferrite-glass  composites  were  reported  by  Ya‐
maguchi and Shingawa [101].  Developments of stress-insensitive ferrite were carried out
by Ikeda and Kumagi [102] and concluded that the sensitivity of the magnetic property
to  the  external  stress  in  NiCuZn  ferrite  was  examined  from  the  relationship  between
stress  and  permeability.  They  found  that  in  the  mass  production  process  of  inductors,
when external  stress  is  applied  to  the  NiCuZn ferrite  core  by  moulding  them in  resin,
which  is  a  protection  against  humidity  or  shock.  It  reduces  inductance  magnitudes  as
the  permeability  of  NiCuZn  ferrites  is  very  sensitive  to  the  external  stress,  the  induc‐
tance of  inductors  changes  very easily  by the  applied stress.  This  change has  been rec‐
ognized as the barrier to produce the inductors with a narrow inductance tolerance and
found  the  best  way  to  control  the  stress-sensitivity  of  permeability  in  NiCuZn  ferrite
was  the  addition  of  oxides  such  as  SiO2,  the  change  in  the  inductance  could  be  com‐
pletely explained from the residual stress caused by the difference of  coefficients of  lin‐
ear  thermal  expansion  between  spinel  phase  (magnetic)  and  second  phase  (non-
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Krishnaveni and Ramana Murthy [90] studied the microwave hydrothermal synthesis of
nanosized Ta2O5 added Mg-Cu-Zn ferrites. Its initial permeability as a function of additive
at room temperature was investigated and observed that the prepared microinductors pos‐
ses better electrical properties than the microinductors prepared by using the NiCuZn fer‐
rites. Mukesh et.al., [91] studied the effect of substitution of cations by cobalt in small
concentration on the magnetic properties at low and high frequencies, in the polycrystalline
ferrite samples having the composition (Ni0.2Cu0.2Zn0.6)1−xCoxFe2O4, where x = 0, 0.01, 0.03
and 0.05, they were prepared by citrate precursor method. Complex permittivity and perme‐
ability were measured at microwave frequencies (X-band) using the cavity perturbation
method, which is a non-contact method.
Hsu et.al., [92] verified the addition of nanocrystalline ferrite particles (NFPs) was effective
in improving the densification behavior and magnetic properties of the NiCuZn ferrites for
multilayer chip inductor (MLCI) applications. The NFPs, which have high surface free ener‐
gy, spread around the micron-sized ferrite particles (MFPs) and increased contacting area
and inter-diffusion of the particles. They observed that the sample with 30 wt% NFPs addi‐
tive exhibited the highest initial permeability when sintered at 900 ºC, than that made by the
ferrite with 1.5 wt% Bi2O3 due to less diffusion of Ag electrode to ferrite and higher initial
permeability. It was mainly attributed to relatively larger grain size and higher sintering
density.
Su et.al., [93] carried out the studies on high-permeability and high-Curie temperature Ni‐
CuZn ferrite. In this process, attention was focused on the amount of CuO contained in
NiZn ferrite and a small additive of MoO3 added in the NiCuZn ferrite and observed that
the initial permeability of the core increased and the Curie temperature only decreased a lit‐
tle with 4 mol% CuO content. This was mainly attributed to the presence of Cu ions activat‐
ing the sintering processes in ferrites and leading to increase in density. The decrease of
magnetocrystalline anisotropy constant also does some contribution, by optimizing the
MoO3 as additive, the initial permeability could get a sharp increase because of enhance‐
ment of grain size. So in the NiCuZn ferrite with a permeability of 2480 and Curie tempera‐
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tle. This was attributed to the appropriate MoO3 having the effect of promoting crystalline
grain growth and not forming the abnormal grain growth and closure of pores.
Wang et.al., [94] prepared nano-sized NiCuZn ferrite powders with a composition of
(Ni0.15Cu0.2Zn0.65O) (Fe2−xMnxO3+0.5x)0.99 where x = 0 to 0.04, and studied the effect of Mn dop‐
ant on the microstructures and the initial permeability. They observed that introduction of
Mn into NiCuZn ferrite has a great influence on its electromagnetic properties. i.e., initial
permeability of NiCuZn ferrite increases greatly with a small amount of Mn addition, and
then further increase of Mn content leads to a decrease in the initial permeability.
The effect of Mn substitution on the magnetic properties and microstructure of the
(Ni0.2Cu0.2Zn0.6)1.03(Fe2O3)0.97 + 0.97xMnO2 where x = 0.1 to 0.5, were investigated by Li et.al.,
[95]. They observed that Mn content increases the initial permeability. Gao et.al., [96] stud‐
ied solenoid type inductor with ultra low profile was fabricated by micro electromechnical
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system (MEMs) in which NiFe was electroplated as the magnetic core, and measured the
value of inductance and quality factor. They observed 0.42 µH and 1.8 at 1 MHz, while the
quality factor is 5.3 with inductance value of 0.345 µH at 10 MHz.
Micro structural dependence of permeability and permittivity spectra in Ni-Zn ferrites with
generic formula Ni0.4Zn0.6Fe2O4 doped with V2O5 and Bi2O3 were studied by Pyun and Beak
[97] and they explained that the initial permeability increases linearly with the grain size up
to 5.9 µm and then decreases for undoped ferrite specimens, where as it increases linearly
with the grain size for V2O5 doped ferrite specimens. The decrease in permeability with in‐
crease in grain size for undoped ferrite specimens was discussed in terms of the formation
of excess Fe2+ due to higher equilibrium oxygen pressure.
5. Review of the previous experimental work on the stress sensitivity of
ferrites
Stress sensitivity of inductance in NiCuZn ferrites was carried out by Ramamanohar Reddy
et.al., [38] and observed that stress sensitivity is more in the case of iron rich and stoichio‐
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by Ikeda and Kumagi [102] and concluded that the sensitivity of the magnetic property
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stress  and  permeability.  They  found  that  in  the  mass  production  process  of  inductors,
when external  stress  is  applied  to  the  NiCuZn ferrite  core  by  moulding  them in  resin,
which  is  a  protection  against  humidity  or  shock.  It  reduces  inductance  magnitudes  as
the  permeability  of  NiCuZn  ferrites  is  very  sensitive  to  the  external  stress,  the  induc‐
tance of  inductors  changes  very easily  by the  applied stress.  This  change has  been rec‐
ognized as the barrier to produce the inductors with a narrow inductance tolerance and
found  the  best  way  to  control  the  stress-sensitivity  of  permeability  in  NiCuZn  ferrite
was  the  addition  of  oxides  such  as  SiO2,  the  change  in  the  inductance  could  be  com‐
pletely explained from the residual stress caused by the difference of  coefficients of  lin‐
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magnetic).  By  this  process,  they  succeeded  in  developing  "stress-insensitive  ferrite".
Nakano  et.al.,  [18]  studied  the  development  of  low  temperature  fired  NiCuZn  ferrites,
they  studied  the  high  performance  for  multilayer  chip  inductors  and  concluded  that
controlling  stress  by  the  internal  Ag-conductor  and  CuO1-x/  Ag  on  ferrites  grain  boun‐
dary is  most  important  key  point  for  high performance  multilayer  chip  ferrites  as  well
as  the  chemical  composition  of  ferrite.  The  stress  insensitive  ferrite  for  micro  inductors
was carried out  by  Kumagi  and Ikeda.  [103].  Nakano et.al.,  [104]  investigated the  elec‐
tro  magnetic  properties  of  low  temperature  sintered  Mg-Cu-Zn  ferrites  and  observed
that  under  a  compressive  stress,  the  change  in  permeability  of  low temperature  sinter‐
ing  MgCuZn  ferrite  was  lower  than  that  of  low  temperature  sintering  NiCuZn  ferrite,
also  the  multilayer  chip  inductor  using  low  temperature  sintering  MgCuZn  ferrite
would show a higher inductance than the chip using low temperature sintered NiCuZn
and low temperature sintering MgCuZn ferrite  has the high potentialities  of  useful  ma‐
terials in the multilayer chip ferrite components.
The effect of SiO2 on the bending strength of NiCuZn ferrite was investigated by Aoki et.al.,
[105] and they found that the bending strength of NiCuZn ferrite was increased by the addi‐
tion of SiO2. Also, the NiCuZn ferrite with SiO2 addition showed a structure with smaller
and more uniform grain size than non-addition. The improvement in the bending strength
of NiCuZn ferrite was attributed to the control of grain growth by Zn2SiO4, and the residual
stress caused by the difference of coefficients of linear thermal expansion between ferrite
phase and Zn2SiO4 phase.
Aoki et.al., [106] studied the bending strength of sintered ferrites for MgCuZn-NiCuZn and
MnZn ferrites. They found that the residual carbon content affects bending strength of these
ferrites more over, sintered ferrites, containing much residual carbon lowers the bending
strength. Fujimoto [107] studied the inner stress induced by Cu metal precipitation at grain
boundaries in low temperature fired Ni-Zn-Cu ferrite.
From  the  above  review,  the  author  noticed  that  the  experimental  work  carried  out  on
ferrite composites is scanty. In view of this, the author has taken up a detailed study of
initial  permeability  in  pure  components  Mg0.25Cu0.1Zn0.5Fe2O4  and  Ni0.35Cu0.05Zn0.6Fe2O4
and  their  composites  with  x  =  0.2,  0.4,  0.5,  0.6  and  0.8  at  a  frequency  of  1  kHz  and
temperature  range  25  to  250  ºC.  The  stress  sensitivity  studies  on  the  pure  components
and equimolar  mixture  of  these  components  were  also  studied and the  results  are  pre‐
sented in the following section.
6. Results and discussion
a. X-ray diffractogram analysis
Pure ferrites and their composites sintered at 1250 ºC confirm the formation of single phase
cubic structure.
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An observation from the Fig.1 shows that the (222), (111) (511) and (440) peaks which belong
to octahedral and tetrahedral sites are maximum suppressed in the equimolar composition
of ferrite composite i.e for x = 0.5, when compared to pure ferrite components. And also it
can be noticed that the intensity of (311) peak is maximum in equimolar composition when
compared to pure ferrite components.
Pure ferrites and their composites sintered at 1250 ºC confirm the formation of single phase
cubic structure.
An observation from the Fig.1 shows that the (222), (111) (511) and (440) peaks which belong
to octahedral and tetrahedral sites are maximum suppressed in the equimolar composition
of ferrite composite i.e for x = 0.5, when compared to pure ferrite components. And also it
can be noticed that the intensity of (311) peak is maximum in equimolar composition when
compared to pure ferrite components.
b. Scanning electron micrographic (SEM) studies
The scanning electron micrograph for Mg0.25Cu0.25Zn0.5Fe2O4 shows a systematic grain struc‐
ture (shown in Fig.2) having clear grain boundaries. The initial permeability (µi) is compara‐
tively low. For x = 0.4 (not shown in Fig) composition shows a discontinuous grain structure
with out any voids having large grain size.
On the other hand, the micrograph of ferrite composite with x = 0.5 (shown in Fig.2b). It is
interesting to note that the morphology of grains is different from That of pure components.
However, the initial permeability obtained in this composite is fairly high.
The micrograph of Ni0.35Cu0.05Zn0.6Fe2O4 composition (shown in Fig.2c). it can be very clearly
seen that the morphology o fgrains in this sample is different from that Mg0.25Cu0.25Zn0.5Fe2O4
6.1. Initial permeability
a. Composition dependence of initial permeability
The initial permeability (µi) as function of composition at room temperature (30 ºC) for vari‐
ous mole fractions of ferrite composites along with their curie temperatures (Tc) is graphical‐
ly represented in Fig.4. It can be noticed from the figure that with increasing x the initial
permeability magnitudes reaches a maximum value at equimolar composition. i.e., 0.5
(Mg0.25Cu025Zn0.5Fe2O4) +0.5 (Ni0.35Cu0.05Zn0.6Fe2O4) and there after it decreases. The initial per‐
meability values of pure ferrites are 1040 and 1090 in Mg0.25Cu0.25Zn0.5Fe2O4 composition and
Ni0.35Cu0.05Zn0.6Fe2O4 composition respectively. The permeability of equimolar mixture
shows a magnitude of 9619. However, the Curie temperature of these composites linearly
decreases with in increase in x i.e., Ni0.35Cu0.05Zn0.5Fe2O4 composition. Fig.4 shows the varia‐
tion of excess initial permeability µE and excess volume VE for ferrite composites
The permeability and molar volume show high values of at equimolar composition. This
property can be explained to achieve high permeability ferrites. This is the excess property
of the mixtures.
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sented in the following section.
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tively low. For x = 0.4 (not shown in Fig) composition shows a discontinuous grain structure
with out any voids having large grain size.
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interesting to note that the morphology of grains is different from That of pure components.
However, the initial permeability obtained in this composite is fairly high.
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seen that the morphology o fgrains in this sample is different from that Mg0.25Cu0.25Zn0.5Fe2O4
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ous mole fractions of ferrite composites along with their curie temperatures (Tc) is graphical‐
ly represented in Fig.4. It can be noticed from the figure that with increasing x the initial
permeability magnitudes reaches a maximum value at equimolar composition. i.e., 0.5
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decreases with in increase in x i.e., Ni0.35Cu0.05Zn0.5Fe2O4 composition. Fig.4 shows the varia‐
tion of excess initial permeability µE and excess volume VE for ferrite composites
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Figure 4. Variation of excess initial permeability (μiE) and excess volume (VE) of the system with increasing X.
b. Temperature dependence of initial permeability
The plots of initial permeability (µi) with temperature in the temperature range 30 ºC to 250 ºC
for various compositions of the ferrite composite system is shown in the Fig.5. As the temper‐
ature increases the initial permeability remains flat upto a particular temperature and sud‐
denly falls to a minimum value in all the composites except in equimolar composition. In equi
molar composition the initial permeability gradually decreases upto Curie temperature and
there after it suddenly falls to zero value.
Figure 5. Variation of initial permeability (μi) with temperature at room temperature for the ferrite composites.
The increase of µi with temperature is explained as follows: The anisotropy field usually de‐
crease with temperature much faster than Ms. The high value of µi corresponds to zero point
in anisotropy, caused by presence of Fe2+ ions in the sample.
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6.2. Stress sensitivity
In pure component (Mg0.25Cu0.25Zn0.5Fe2O4 and Ni0.35Cu0.05Zn0.6Fe2O4) and their equimolar
composite i.e., 0.5 (Mg0.25Cu0.25Zn0.5Fe2O4) + 0.5 (Ni0.35Cu0.05Zn0.6Fe2O4) were chosen to exam‐
ine the stress sensitivity of inductance in them. The pure composition Mg0.25Cu0.25Zn0.6Fe2O4
has an initial permeability (µi = 1041 and the other Ni0.35Cu0.05Zn0.6Fe2O4 has initial permea‐
bility value µi =1090. where as their equimolar i.e.,0.5 (Mg0.25Cu0.25Zn0.5Fe2O4) + 0.5
(Ni0.35Cu0.05Zn0.6Fe2O4) mixture showed high initial permeability value. It is thought worth
while to study the stress sensitivity behaviour in this composite. In addition to this stress
sensitivity of pure components were also under taken, the ratio of change in inductance
with external compressive stress for all the three samples are shown in the Fig.6.
Figure 6. Variation of ratio of change in inductance (ΔL/L)% as a function of applied compressive stress for the x = 1.0,
0.5 and 0.0 ferrite composites.
Fig.6 shows the values of the ratio of inductance change (ΔL/L)% as a function of applied
compressive stress for Mg0.25Cu0.25Zn0.5Fe2O4, Ni0.35Cu0.05Zn0.6Fe2O4 and 0.5
(Mg0.25Cu0.25Zn0.5Fe2O4) + 0.5 (Ni0.35Cu0.05Zn0.6Fe2O4) composition. From an examination of the
Fig.6 it is clear that these figures indicate that the stress sensitivity is different for pure com‐
ponents and their equimolar mixture.
It is clear that (ΔL/L)% decreases with increasing applied stress for Ni0.35Cu0.05Zn0.6Fe2O. But
it is found to be more or less insensitive in Mg0.25Cu0.25Zn0.5Fe2O4. In Mg0.25Cu0.25Zn0.5Fe2O4
and in equimolar mixture the (ΔL/L)% values are positive in the entire region of applied
stress, while it is negative for Ni0.35Cu0.05Zn0.6Fe2O4 composition.
This is in agreement with the observations made by Kumagai and Ikeda [103]. For small com‐
pressive stresses, the stress raises initial permeability with negative magnetostriction and for
large tensile stresses the permeability decreases [108]. The variations of permeability with ap‐
plied stress can be attributed to the magnetostrictive contributions of varied amounts of nick‐
el  and  iron  present  in  these  samples.  It  can  be  seen  from  the  above  figures  that  in
Mg0.25Cu0.25Zn0.5Fe2O4 the stress sensitivity is found to be less, because magnesium ferrite has
low magnetostriction. The eqiumolar mixture shows a broad and blunt peak of (ΔL/L)% with
external compressive stress. A similar trend was observed by kanada et.al., [27].
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molar composition the initial permeability gradually decreases upto Curie temperature and
there after it suddenly falls to zero value.
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The increase of µi with temperature is explained as follows: The anisotropy field usually de‐
crease with temperature much faster than Ms. The high value of µi corresponds to zero point
in anisotropy, caused by presence of Fe2+ ions in the sample.
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(Ni0.35Cu0.05Zn0.6Fe2O4) mixture showed high initial permeability value. It is thought worth
while to study the stress sensitivity behaviour in this composite. In addition to this stress
sensitivity of pure components were also under taken, the ratio of change in inductance
with external compressive stress for all the three samples are shown in the Fig.6.
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0.5 and 0.0 ferrite composites.
Fig.6 shows the values of the ratio of inductance change (ΔL/L)% as a function of applied
compressive stress for Mg0.25Cu0.25Zn0.5Fe2O4, Ni0.35Cu0.05Zn0.6Fe2O4 and 0.5
(Mg0.25Cu0.25Zn0.5Fe2O4) + 0.5 (Ni0.35Cu0.05Zn0.6Fe2O4) composition. From an examination of the
Fig.6 it is clear that these figures indicate that the stress sensitivity is different for pure com‐
ponents and their equimolar mixture.
It is clear that (ΔL/L)% decreases with increasing applied stress for Ni0.35Cu0.05Zn0.6Fe2O. But
it is found to be more or less insensitive in Mg0.25Cu0.25Zn0.5Fe2O4. In Mg0.25Cu0.25Zn0.5Fe2O4
and in equimolar mixture the (ΔL/L)% values are positive in the entire region of applied
stress, while it is negative for Ni0.35Cu0.05Zn0.6Fe2O4 composition.
This is in agreement with the observations made by Kumagai and Ikeda [103]. For small com‐
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The variation with external compressive stress of (ΔL/L)% in equimolar mixture is almost
negliable and hence the ferrite composite material can be used as stress insensitive core ma‐
terial for microinductor applications.
7. Conclusions
S.No Author Name Ref. No. Studies Carried Out Observations/Conclusions
Initial Permeability Studies
1. Kanada et.al., [20]
The replacement of Fe2O3 by Mn2O3
and replacement of CuO for MgO in
MgZn ferrite in order to achieve low
core loss, focusing on the
microstructure. They have also
investigated the initial permeability of
MnZn, MnMgZn and MnMgCuZn
ferrites
The initial permeability of both
MnMgZn and MnMgCuZn ferrites
are higher than those of MgZn
ferrite.
2. Yan et.al., [21]
The effect of CuO and V2O5 additions
and the particle size of precursor
materials on the microstructure and
relative initial permeability of low
temperature fired NiCuZn ferrites
The additions of CuO and V2O5
contribute to the grain growth and
densification of matrix in the
sintering process. Addition of 10
mol% CuO and 0.20 mol% V2O5,
favoured the low firing temperature
of NiCuZn ferrite, and showed very
high relative initial permeability of
1417 at 1MHz.
3. Nakamura et.al., [23]
The frequency dispersion of
permeability in ferrite composite
materials and observed that
permeability spectra of Ni-Zn ferrite
composite materials.
The sintered ferrite (volume fraction
1.0), the spin resonance was around
9 MHz and the static permeability
was about 1400. As the ferrite
content decreases in composite
materials, the static susceptibility of
the spin component decreases and
the spin resonance frequency shifts
to higher frequencies. The real part
of the permeability in the ferrite
composite materials becomes larger
than that of the sintered ferrite in
the RF frequency region.
4. Su et.al., [25]
The effect of composition and
sintering temperature on grain size,
porosity and magnetic properties of
the NiZn and NiCuZn ferrites.
The lowest power loss could be
obtained with the equimolar
composition for both NiZn and
NiCuZn ferrites, which could be
attributed to the lowest porosity.
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S.No Author Name Ref. No. Studies Carried Out Observations/Conclusions
Initial Permeability Studies
5. Bhosale et.al., [28]
A novel route for the preparation of
high density, high permeability Cu-
Mg-Zn ferrites using oxalate
precursor method,
The initial permeability of all the
samples increased with increase in
sintering temperature and Mg2+
content for samples with x ≤ 0.20.
6. Nam et.al., [39]
The effect of Cu substitution on the
properties of NiZn ferrites sintered at
low temperature in various
compositions,
The densification of NiCuZn ferrite is
dependent on Cu content in these
ferrites,
7. Hua Su et.al., [47]
Effects of composition and sintering
temperature on grain size, porosity
and magnetic properties of the NiZn
and NiCuZn ferrites
The lowest power loss could be
obtained with the equimolar
composition for both NiZn and
NiCuZn ferrites, which could be
attributed to the lowest porosity
and a slight deficiency or excess of
Fe2O3 content which no pronounced
influence on saturation magnetic
flux density (Bs).
8. Bhosale et.al., [48]
The initial permeability studies on
high density Cu-Mg-Zn ferrite
Variation of initial permeability (μi )
with composition was mainly
affected by variation of
magnetization (Ms) and average
particle size. They showed that the
initial permeability increased with
increase of magnesium content.
9. Yue et.al., [49]
Effect of copper on the
electromagnetic properties of Mg-Zn-
Cu ferrites prepared by sol-gel auto
combustion method
Low temperature sintered Mg-Zn-
Cu ferrites possess good electro
magnetic properties as well as fine
grained microstructure.
10. Yue et.al., [50]
the Mn-doped NiCuZn ferrites
prepared by a novel sol-gel auto
combustion process,
With increase of Mn content , the
initial permeability is significantly
increased.
11. Ramana Muthy [51]
the low temperature sintered of
NiCuZn ferrites
For higher Cu content initial
permeability increases continuously
with temperature.
12. Roy and Bera [55]
The effect of Mg substitution on
electromagnetic properties of
(Ni0.25−xMgxCu0.2Zn0.55)Fe2O4
The permeability were found to
increase and the magnetic loss
decreased with Mg substitution for
Ni,
13. Zhang et.al., [59]
The investigation on structure and
properties of low temperature
sintered composite ferrites: viz.,
(Ni0.60Zn0.20Cu0.20)Fe2O4 spinel ferrite
powder and Co2Z were synthesized
by self propagating method.
The composite ferrites have
excellent electromagnetic
properties in hyper frequencies
more than 1.5 GHz.
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14. Qi et.al., [60]
the magnetic properties of composite
materials with a ferrimagnetic
Ni0.2Cu0.2Zn0.6Fe1.96O4 phase and a
ferro electric BaTiO3 phase
The saturation magnetization and
initial permeability decreases with
increasing ferroelectric content
BaTiO3 phase.
15. Wu et.al., [70]
the preparation of NiZn ferrites/SiO2
nano composite powders by sol-gel
auto combustion method.
16. Su et.al., [79]
Effects of composition and sintering
temperature on grain size, porosity
and magnetic properties of the NiZn
and NiCuZn ferrites
The lowest power loss could be
obtained with the equimolar
composition for both NiZn and
NiCuZn ferrites, which was







Stress sensitivity of inductance in
NiCuZn ferrites
Stress sensitivity is more in the case
of iron rich and stoichiometric iron
samples while in the case of iron
deficient samples the stress
sensitivity was found to be less.
18. Kanada et.al., [27]
The effects of chemical composition
and micro structure on stress
sensitivity of magnetic properties to
applied stress of Ni-Mg-Cu-Zn ferrite
materials
They found that the application of
external stress reduces the
permeability.
19. Kanada et.al., [36]
The effects of chemical composition
and micro structure on stress
sensitivity of magnetic properties
with applied stress in Ni-Mg-Cu-Zn
ferrite materials were investigated,
On application of stress sensitivity
was reduced.
20. Ikeda and Kumagi [48]
Developments of stress-insensitive
ferrite
The sensitivity of the magnetic
property to the external stress in
NiCuZn ferrite was examined from
the relationship between stress and
permeability.
21. Nakano et.al., [49]
Development of low temperature
fired NiCuZn ferrites and studied the
high performance multilayer chip
inductors
Controlling stress by the internal Ag-
conductor and CuO1-x/Ag on ferrites
grain boundary is most important
key point for high performance
multilayer chip ferrites as well as the
chemical composition of ferrite
22. Nakano et.al., [51]
The magnetic properties of Mg-Cu-Zn
ferrites under stress were investigated
and compared with Ni-Cu-Zn ferrite
under a compressive stress.
The change in permeability with
stress of low temperature sintered
MgCuZn ferrite was lower than that
of low temperature sintered NiCuZn
ferrite.
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23. Aoki et.al., [52]
The effect of SiO2 on the bending
strength of NiCuZn ferrite
The bending strength of NiCuZn
ferrite was increased by the addition
of SiO2.
24. Aoki et.al., [57]
The studies on the bending strength
of sintered MgCuZn, NiCuZn, and
MnZn ferrites.
The much residual carbon content
affects the bending strength of
these sintered ferrites.
25. Nakano et.al., [59]
The development of low temperature
NiCuZn ferrites and study of high
performance for multilayer chip
ferrites
The controlling stress by the internal
Ag-conductor and CuO1-x/Ag on
ferrites grain boundary is most
important for high performance
multilayer chip ferrites as well as the
chemical composition of ferrite.
26 Our Result -----------
High permeability and Stress
insensitivity of MgCuZn -NiCuZn
ferrite composites for microinductor
applications
Equimolar mixture of the ferrite
composites showed high initial
permeability (μi) of the order of
9619. It may be pointed out that
this composition is fairly stress
independent also.
Not only equimolar composition,
even the Mg0.25Cu0.25Zn0.5Fe2O4 also
showed stress insensitivity.
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1. Introduction
Pulsed electric current sintering (PECS), commonly also defined as spark plasma sintering
(SPS), field assisted sintering (FAST) is a novel pressure assisted pulsed electric current sin‐
tering process utilizing ON-OFF DC pulse energizing. Due to the repeated application of the
ON-OFF DC pulsed voltage and current in powder materials, the spark discharge point and
the Joule heating point (local high temperature-state) are transferred and dispersed to the
overall specimen [1]. The PECS process is based on the electrical spark discharge phenomen‐
on: a high energetic, low voltage spark pulse current momentarily generating high localized
temperatures, from several to ten thousand degrees between the particles resulting in high
thermal and electrolytic diffusion [1, 2].
Because of the time- and cost- effective manufacturing which it permits, sinter hardening
has come into being a process of high importance in powder metallurgy (PM) in the past
years [3]. It is a hardening method applicable only for PM parts in which the parts are sin‐
tered and quenched directly after the sintering step saving energy and costs connected to
conventional hardening where the parts have to be reheated to hardening temperature [3, 4].
Furthermore, sinter hardening is performed by gas quenching instead of oil quenching be‐
ing beneficial in terms of dimensional stability and cleanliness of the specimen. Due to poor
thermal transfer characteristics (lower cooling rate) of gases under normal conditions, they
have to be optimized by proper adjustment of gas pressure and flow speed. In principle, gas
quenching can be performed in two ways [5-8], namely: at low or atmosphere pressure with
high gas velocity or at high pressure with limited gas velocities. The first part of this chapter
will focus on new modifications of the PECS technique. The PECS has been modified and
integrated with a novel gas quenching system. The PECS in vacuum status was quenched
with high-velocity nitrogen gas. The Al-2024 alloy and ALSI-303 stainless steel have been
© 2013 Zhang et al.; licensee InTech. This is an open access article distributed under the terms of the Creative
Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits unrestricted use,
distribution, and reproduction in any medium, provided the original work is properly cited.
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have to be optimized by proper adjustment of gas pressure and flow speed. In principle, gas
quenching can be performed in two ways [5-8], namely: at low or atmosphere pressure with
high gas velocity or at high pressure with limited gas velocities. The first part of this chapter
will focus on new modifications of the PECS technique. The PECS has been modified and
integrated with a novel gas quenching system. The PECS in vacuum status was quenched
with high-velocity nitrogen gas. The Al-2024 alloy and ALSI-303 stainless steel have been
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used for cooling power measurement and numerical simulation of the quenching process.
The α+β Ti6Al4V alloy has been used as a model material to study the effects of the cooling
rate on the microstructure and mechanical properties of the sintered alloy.
The second part of this chapter will focus on the preparation of Ti6Al4V foams by the PECS
with a post heat treatment. Since, the mismatches of the Young’s moduli of the human
bones and the Ti6Al4V implants lead to stress shielding effects responsible for bone resorp‐
tion and eventual implant loosening. Porous structures are expected to provide a better in‐
teraction with the bones. The fabrication of porous Ti alloy with standard techniques is
difficult due to the high melting point and the extreme chemical affinity to atmospheric gas‐
es like oxygen, hydrogen, and nitrogen, especially at elevated temperatures. Currently, the
fabrication of porous Ti alloy is mainly focused on powder metallurgy approaches [9]. The
use of space holder materials allows a simple and accurate control of pore fraction, shape
and connectivity in titanium alloys. Open-celled pure titanium foams were fabricated by
vacuum hot pressing of a blend of Ti and NaCl spacer followed by NaCl removal in water
[10]. However, the Ti6Al4V/NaCl mixture is difficult to be densified by the hot pressing due
to the higher creep resistance of this alloy at 790 oC [10]. Promising approach to produce Ti
alloys is the pulsed electric current sintering process. The PECS can easily sinter Ti and Ti
alloy powders applying pressure and high pulsed DC currents. Thus the local surfaces of
the particles melt, allowing junctions to be formed between particles in contact. The combi‐
nation of the PECS technique with a NaCl space holder was used in porous pure Ti to fabri‐
cate macroporous Ti foams with controlled architectures recently [11]. This indicated that
the PECS may be able to fabricate Ti6Al4V foams from the Ti6Al4V/NaCl powder mixture.
The microstructures, mechanical properties and cell proliferation properties of the fabricated
foams were investigated. Some other methods for preparation of Ti alloy foams by the PECS
were also introduced.
2. Materials and methods
• The Ti6Al4V powder with a particle size about 20 µm was obtained from TLS Technik
GmbH & Co, Germany. The element contents have aluminum 5.9%, vanadium 3.9%, car‐
bon 0.01%, oxygen 0.12%, iron 0.19%, nitrogen 0.01% and hydrogen 0.004% (wt.%). The
space holder materials (NaCl, Cu, Mg) for preparation of Ti6Al4V foams with 99.0% puri‐
ty were obtained from Alfa Aesar and sieved in the range of 50 to 250 µm.
• The PECS experiments were conducted using a Model HP D-125 FCT spark plasma sin‐
tering system (FCT systeme GmbH, Rauenstein, Germany) installed at the Tycho Sinter
Lab in the University of Rostock. The temperatures in different sites of the samples were
measured by Pyrometer and thermal couples.
• The numerical simulations used a rotation-symmetric finite-element-model considering
the axial symmetry by software MSC.MARC 2010.1.0.
• The hardness of the polished samples was measured with a SHIMADAZU Micro Hard‐
ness tester HMV. The compressive strength and ductility under compressive load was
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performed according to DIN 50106 on an Instron 8502 testing machine at room tempera‐
ture with a compression speed of 0.5 mm/min.
• The polished metallographic samples were etched by Weck's reagent (2 g ammonium
acid, 100 ml distilled water, 50 ml alcohol) for 20 seconds and subjected to optical micro‐
scopy to observe microstructure morphologies. The fracture surface of the compressed
samples was analyzed using scanning electron microscope (SEM, Zeiss Supra 25, Germa‐
ny) at 20 keV. The Ti6Al4V foam architecture was examined by using X-ray microcom‐
puted tomography (Micro-CT, GE, USA). The phase composition was analyzed using
high energy synchrotron radiation (42.58 keV) at Beamline P02.2 (DESY/ PETRA III).
• The human osteoblast-like cell line MG-63 (ATCC, CRL-1427, LGC Promochem, Wesel,
Germany) was used for the evaluation of the cellular acceptance of the surfaces
3. Ti6Al4V alloys prepared by PECS with a gas quenching system
3.1. Gas quenching system and cooling power
Figure 1 shows the image of the gas quenching system in the PECS. In the system, six noz‐
zles in one group and eight groups up to 48 nozzles are arranged rotationally symmetric
around the sintered component. The gas is distributed evenly on all nozzles. The gas nozzle
field is positioned inside the PECS chamber and quenches the sintered component together
with the graphite tool directly after sintering without any movement of the component [12].
The temperature is measured by a central pyrometer with a focus point at the bottom of the
central borehole of the graphite up-punch and thermal couples. The Al alloy and steel cylin‐
ders (ф60 mm) were heated and quenched in the PECS as dense materials without sintering,
to study the quenching power without sintering influence. The Ti6Al4V powders were
pressed into a ф40 mm graphite die, and sintered at 850 oC and 50 MPa in vacuum. A heat‐
ing rate of 100 K/min was adopted, and the sintering process lasted typically 6 min. The ap‐
plied direct current for PECS was 1000-2000 A with pulse duration of 10 ms and an interval
of 5 ms. Before cooling, the PECS furnace was flooded with argon gas keeping the sintering
temperature. Afterwards, it was quenched from 850 oC using room temperature nitrogen
gas at very high flowing rate of 8000 l/min out of the nozzles.
In Figure 2 the cooling curve in the core of the Al 2024-sample surrounded by the graphite
form during gas quenching from 480 °C is compared to the curves that were achieved by
natural cooling with or without flooding the sinter chamber. The gas quenching exerts a
considerable influence, so that the Al alloy cools down to 200 °C after flooding the vacuum
chamber more than twice as fast as without being quenched. A maximum cooling rate of 2.0
K/s is reached during quenching in contrast to 0.5 K/s during natural cooling. Figure 3
shows that the cooling process of the steel sample from 850 °C is affected by the gas nozzle
field quenching, too. With surrounding graphite form the sample cooled down to 200 °C
thrice as fast as naturally cooled after flooding the vacuum chamber. By gas quenching max‐
imum cooling rates of 2.6 K/s with graphite form were reached, whereas a natural cooling
affects only maximum cooling rates of 0.9 K/s with graphite form.
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used for cooling power measurement and numerical simulation of the quenching process.
The α+β Ti6Al4V alloy has been used as a model material to study the effects of the cooling
rate on the microstructure and mechanical properties of the sintered alloy.
The second part of this chapter will focus on the preparation of Ti6Al4V foams by the PECS
with a post heat treatment. Since, the mismatches of the Young’s moduli of the human
bones and the Ti6Al4V implants lead to stress shielding effects responsible for bone resorp‐
tion and eventual implant loosening. Porous structures are expected to provide a better in‐
teraction with the bones. The fabrication of porous Ti alloy with standard techniques is
difficult due to the high melting point and the extreme chemical affinity to atmospheric gas‐
es like oxygen, hydrogen, and nitrogen, especially at elevated temperatures. Currently, the
fabrication of porous Ti alloy is mainly focused on powder metallurgy approaches [9]. The
use of space holder materials allows a simple and accurate control of pore fraction, shape
and connectivity in titanium alloys. Open-celled pure titanium foams were fabricated by
vacuum hot pressing of a blend of Ti and NaCl spacer followed by NaCl removal in water
[10]. However, the Ti6Al4V/NaCl mixture is difficult to be densified by the hot pressing due
to the higher creep resistance of this alloy at 790 oC [10]. Promising approach to produce Ti
alloys is the pulsed electric current sintering process. The PECS can easily sinter Ti and Ti
alloy powders applying pressure and high pulsed DC currents. Thus the local surfaces of
the particles melt, allowing junctions to be formed between particles in contact. The combi‐
nation of the PECS technique with a NaCl space holder was used in porous pure Ti to fabri‐
cate macroporous Ti foams with controlled architectures recently [11]. This indicated that
the PECS may be able to fabricate Ti6Al4V foams from the Ti6Al4V/NaCl powder mixture.
The microstructures, mechanical properties and cell proliferation properties of the fabricated
foams were investigated. Some other methods for preparation of Ti alloy foams by the PECS
were also introduced.
2. Materials and methods
• The Ti6Al4V powder with a particle size about 20 µm was obtained from TLS Technik
GmbH & Co, Germany. The element contents have aluminum 5.9%, vanadium 3.9%, car‐
bon 0.01%, oxygen 0.12%, iron 0.19%, nitrogen 0.01% and hydrogen 0.004% (wt.%). The
space holder materials (NaCl, Cu, Mg) for preparation of Ti6Al4V foams with 99.0% puri‐
ty were obtained from Alfa Aesar and sieved in the range of 50 to 250 µm.
• The PECS experiments were conducted using a Model HP D-125 FCT spark plasma sin‐
tering system (FCT systeme GmbH, Rauenstein, Germany) installed at the Tycho Sinter
Lab in the University of Rostock. The temperatures in different sites of the samples were
measured by Pyrometer and thermal couples.
• The numerical simulations used a rotation-symmetric finite-element-model considering
the axial symmetry by software MSC.MARC 2010.1.0.
• The hardness of the polished samples was measured with a SHIMADAZU Micro Hard‐
ness tester HMV. The compressive strength and ductility under compressive load was
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performed according to DIN 50106 on an Instron 8502 testing machine at room tempera‐
ture with a compression speed of 0.5 mm/min.
• The polished metallographic samples were etched by Weck's reagent (2 g ammonium
acid, 100 ml distilled water, 50 ml alcohol) for 20 seconds and subjected to optical micro‐
scopy to observe microstructure morphologies. The fracture surface of the compressed
samples was analyzed using scanning electron microscope (SEM, Zeiss Supra 25, Germa‐
ny) at 20 keV. The Ti6Al4V foam architecture was examined by using X-ray microcom‐
puted tomography (Micro-CT, GE, USA). The phase composition was analyzed using
high energy synchrotron radiation (42.58 keV) at Beamline P02.2 (DESY/ PETRA III).
• The human osteoblast-like cell line MG-63 (ATCC, CRL-1427, LGC Promochem, Wesel,
Germany) was used for the evaluation of the cellular acceptance of the surfaces
3. Ti6Al4V alloys prepared by PECS with a gas quenching system
3.1. Gas quenching system and cooling power
Figure 1 shows the image of the gas quenching system in the PECS. In the system, six noz‐
zles in one group and eight groups up to 48 nozzles are arranged rotationally symmetric
around the sintered component. The gas is distributed evenly on all nozzles. The gas nozzle
field is positioned inside the PECS chamber and quenches the sintered component together
with the graphite tool directly after sintering without any movement of the component [12].
The temperature is measured by a central pyrometer with a focus point at the bottom of the
central borehole of the graphite up-punch and thermal couples. The Al alloy and steel cylin‐
ders (ф60 mm) were heated and quenched in the PECS as dense materials without sintering,
to study the quenching power without sintering influence. The Ti6Al4V powders were
pressed into a ф40 mm graphite die, and sintered at 850 oC and 50 MPa in vacuum. A heat‐
ing rate of 100 K/min was adopted, and the sintering process lasted typically 6 min. The ap‐
plied direct current for PECS was 1000-2000 A with pulse duration of 10 ms and an interval
of 5 ms. Before cooling, the PECS furnace was flooded with argon gas keeping the sintering
temperature. Afterwards, it was quenched from 850 oC using room temperature nitrogen
gas at very high flowing rate of 8000 l/min out of the nozzles.
In Figure 2 the cooling curve in the core of the Al 2024-sample surrounded by the graphite
form during gas quenching from 480 °C is compared to the curves that were achieved by
natural cooling with or without flooding the sinter chamber. The gas quenching exerts a
considerable influence, so that the Al alloy cools down to 200 °C after flooding the vacuum
chamber more than twice as fast as without being quenched. A maximum cooling rate of 2.0
K/s is reached during quenching in contrast to 0.5 K/s during natural cooling. Figure 3
shows that the cooling process of the steel sample from 850 °C is affected by the gas nozzle
field quenching, too. With surrounding graphite form the sample cooled down to 200 °C
thrice as fast as naturally cooled after flooding the vacuum chamber. By gas quenching max‐
imum cooling rates of 2.6 K/s with graphite form were reached, whereas a natural cooling
affects only maximum cooling rates of 0.9 K/s with graphite form.
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Figure 1. The image of the gas quenching system in the pulsed electric current sintering.
Figure 2. Measured cooling curve in the core of an Al-2024 sample surrounded by the graphite form during gas
quenching with 8000 l/min (nitrogen) compared to natural cooling
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Figure 3. Measured cooling curves in the core of an AISI 303 stainless steel sample during gas quenching with 8000
(nitrogen) compared to natural cooling without the graphite form
Figure 4. Calculated heat transfer coefficient of aluminium and steel samples.
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Figure 1. The image of the gas quenching system in the pulsed electric current sintering.
Figure 2. Measured cooling curve in the core of an Al-2024 sample surrounded by the graphite form during gas
quenching with 8000 l/min (nitrogen) compared to natural cooling
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Figure 3. Measured cooling curves in the core of an AISI 303 stainless steel sample during gas quenching with 8000
(nitrogen) compared to natural cooling without the graphite form
Figure 4. Calculated heat transfer coefficient of aluminium and steel samples.
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From these cooling curves, heat transfer coefficients have been determined by inverse ther‐
mal simulation. Thereby the thermophysical properties of the surrounding graphite die
have been considered. The determined coefficient for the aluminium and the steel sample
are set out in Figure 4. Over the process time, the gas nozzle filed loses quench intensity.
The heat transfer coefficient falls from about 400 W/(m²K) to the half of initial value.
Figure 5 contains the results of the FEM-simulation for the quenching of the steel sample af‐
ter 100 s. The temperature distribution reflects the different thermal behavior of steel and
graphite. The heat of the sample is discharged considerably through the surface of the sinter
form being cooled by gas nozzle field. However, only a small proportion of the sample heat
dissipates in the massive stamps.
Figure 5. Quenching simulation results of steel sample, temperature distribution after 100 s.
Various cooling rates can be achieved by changing the thickness of the graphite die or the
flowing rate of the nitrogen gas (0-8000 l/min). In this study, various cooling rates of the
Ti6Al4V alloy  are  obtained  with  altering  the  thickness  of  the  dies.  The  sample  dimen‐
sions are 40 mm in diameter and 10-12 mm in height.  Figure 6 shows the temperature-
time cooling curve of  the sintered Ti6Al4V alloys with various cooling rates.  Below 400
oC, the pyrometer cannot measure the temperature of the sample. From the cooling curves
sample mean cooling rates of samples 1.6 K/s, 4.8 K/s, 5.6 K/s and 6.9 K/s with an uncer‐
tainty of 0.1 K/s were derived. The cooling rate 1.6 K/s was achieved with a 20 mm thick
graphite die with a natural cooling, 4.8 K/s with the 20 mm die with gas quenching, and
5.6 K/s with the 10 mm die, also with gas quenching. The rate of 6.9 K/s was achieved in
two steps.  Hereby,  the powder sample was firstly  sintered in the PECS at  500 oC for  5
min at 50 MPa in die to get a 70-80% relative density, and then heated to a sintering tem‐
perature of 850 oC without die to get full density and directly gas quenched to the speci‐
men, later on.
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 1.6 K/s, Normal Cooling
 4.8 K/s, Rapid cooling with 20 mm thick die
 5.6 K/s, Rapid cooling with 10 mm thick die
 6.9 K/s, Rapid cooling without die
Figure 6. The cooling curves of pyrometer temperature as a function of time showing the temperatures in the center
of the Ti6Al4V samples with various quenching rates.
3.2. Mechanical properties of the gas quenched Ti6Al4V alloys
Figure 7 shows the hardness (HV1) of the sinter hardened Ti6Al4V alloy with various cool‐
ing rates. The naturally cooled sample with the cooling rate of 1.6 K/s has hardness of 327±8.
The gas quenched samples show hardness of 337±7, 342±4.4 and 353±3.6 for cooling rate of
4.8, 5.6 and 6.9 K/s, respectively. The hardness increases with higher cooling rate. Thus, sint‐
er hardening of the Ti6Al4V alloys has been realized by the PECS with gas quenching.
Figure 8 shows the effects of cooling rate on the ultimate compressive strength and ductility
of the Ti6Al4V alloys. The ultimate compressive strength goes up with the increase of the
cooling rate. The samples of natural cooling rate 1.6 K/s show the ultimate compressive
strength of 1578±80 MPa. At a cooling rate of 4.8 K/s, it reached to 1723±63 MPa. At 5.6 K/s
cooling rate, it is increased to 1775±70 MPa and at 6.9 K/s, it rises to 1832±43 MPa. The rapid
cooling has increased the ultimate compressive strength of the Ti6Al4V alloy. The ductility
increased with higher cooling rate. The samples with natural cooling rate 1.6 K/s show a
ductility of 25.7±2.3 %. At a cooling rate of 4.8 K/s, it reaches to 27.9±2.4 %, at 5.63 K/s to
29.5±2 %, and at 6.9 K/s to 34.0±2.7 %. The rapid cooling in the PECS has enhanced the duc‐
tility of the Ti6Al4V alloy.
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From these cooling curves, heat transfer coefficients have been determined by inverse ther‐
mal simulation. Thereby the thermophysical properties of the surrounding graphite die
have been considered. The determined coefficient for the aluminium and the steel sample
are set out in Figure 4. Over the process time, the gas nozzle filed loses quench intensity.
The heat transfer coefficient falls from about 400 W/(m²K) to the half of initial value.
Figure 5 contains the results of the FEM-simulation for the quenching of the steel sample af‐
ter 100 s. The temperature distribution reflects the different thermal behavior of steel and
graphite. The heat of the sample is discharged considerably through the surface of the sinter
form being cooled by gas nozzle field. However, only a small proportion of the sample heat
dissipates in the massive stamps.
Figure 5. Quenching simulation results of steel sample, temperature distribution after 100 s.
Various cooling rates can be achieved by changing the thickness of the graphite die or the
flowing rate of the nitrogen gas (0-8000 l/min). In this study, various cooling rates of the
Ti6Al4V alloy  are  obtained  with  altering  the  thickness  of  the  dies.  The  sample  dimen‐
sions are 40 mm in diameter and 10-12 mm in height.  Figure 6 shows the temperature-
time cooling curve of  the sintered Ti6Al4V alloys with various cooling rates.  Below 400
oC, the pyrometer cannot measure the temperature of the sample. From the cooling curves
sample mean cooling rates of samples 1.6 K/s, 4.8 K/s, 5.6 K/s and 6.9 K/s with an uncer‐
tainty of 0.1 K/s were derived. The cooling rate 1.6 K/s was achieved with a 20 mm thick
graphite die with a natural cooling, 4.8 K/s with the 20 mm die with gas quenching, and
5.6 K/s with the 10 mm die, also with gas quenching. The rate of 6.9 K/s was achieved in
two steps.  Hereby,  the powder sample was firstly  sintered in the PECS at  500 oC for  5
min at 50 MPa in die to get a 70-80% relative density, and then heated to a sintering tem‐
perature of 850 oC without die to get full density and directly gas quenched to the speci‐
men, later on.
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of the Ti6Al4V samples with various quenching rates.
3.2. Mechanical properties of the gas quenched Ti6Al4V alloys
Figure 7 shows the hardness (HV1) of the sinter hardened Ti6Al4V alloy with various cool‐
ing rates. The naturally cooled sample with the cooling rate of 1.6 K/s has hardness of 327±8.
The gas quenched samples show hardness of 337±7, 342±4.4 and 353±3.6 for cooling rate of
4.8, 5.6 and 6.9 K/s, respectively. The hardness increases with higher cooling rate. Thus, sint‐
er hardening of the Ti6Al4V alloys has been realized by the PECS with gas quenching.
Figure 8 shows the effects of cooling rate on the ultimate compressive strength and ductility
of the Ti6Al4V alloys. The ultimate compressive strength goes up with the increase of the
cooling rate. The samples of natural cooling rate 1.6 K/s show the ultimate compressive
strength of 1578±80 MPa. At a cooling rate of 4.8 K/s, it reached to 1723±63 MPa. At 5.6 K/s
cooling rate, it is increased to 1775±70 MPa and at 6.9 K/s, it rises to 1832±43 MPa. The rapid
cooling has increased the ultimate compressive strength of the Ti6Al4V alloy. The ductility
increased with higher cooling rate. The samples with natural cooling rate 1.6 K/s show a
ductility of 25.7±2.3 %. At a cooling rate of 4.8 K/s, it reaches to 27.9±2.4 %, at 5.63 K/s to
29.5±2 %, and at 6.9 K/s to 34.0±2.7 %. The rapid cooling in the PECS has enhanced the duc‐
tility of the Ti6Al4V alloy.
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Figure 7. Hardness (HV1) of the Ti6Al4V alloys with various cooling rates.






















































Figure 8. Ultimate compressive strength and ductility of the Ti6Al4V alloys with various cooling rates.
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3.3. Microstructure of the gas quenched Ti6Al4V alloy
Figure 9 shows the SEM micrographs of the fracture surface of the Ti6Al4V alloys after
PECS with various cooling rates. The samples all present a ductile fracture mode with a
large amount of plastic deformation undergoing transgranular fracture. However, the frac‐
ture surfaces present more and more dimples with increase of the cooling rate (Figure 9a-d).
In Figure 9 (d), the sample with cooling rate of 6.9 K/s has much more big dimples and
shows more ductile than the sample with cooling rate of 1.6 K/s in Figure 9 (a). It indicates
the sample becomes much ductile after the rapid cooling in the PECS. The SEM microstruc‐
tures are consistent with the mechanical results in Figure 8.
(a) (b)
(c) (d)
Figure 9. SEM micrographs of the fracture surfaces of the Ti6Al4V alloys with various cooling rates: (a) 1.6 K/s, (b) 4.8
K/s, (c) 5.6 K/s and (d) 6.9 K/s.
Figure  10  provides  the  metallographic  morphology  of  the  Ti6Al4V  alloys  with  various
cooling rates. In the etched metallographic images, the β-Ti phase (bcc) appears in white
color and α-Ti phase (hdp) in dark color. The samples all show both phases in the micro‐
structures.  The  microstructures  form  during  sintering  at  850°C  and  subsequent  cooling
with  different  rates.  On  sintering  temperature  the  microstructure  consists  of  a  lower
amount of α and a higher amount of β. During cooling β partially transforms to α. After
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Figure 8. Ultimate compressive strength and ductility of the Ti6Al4V alloys with various cooling rates.
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3.3. Microstructure of the gas quenched Ti6Al4V alloy
Figure 9 shows the SEM micrographs of the fracture surface of the Ti6Al4V alloys after
PECS with various cooling rates. The samples all present a ductile fracture mode with a
large amount of plastic deformation undergoing transgranular fracture. However, the frac‐
ture surfaces present more and more dimples with increase of the cooling rate (Figure 9a-d).
In Figure 9 (d), the sample with cooling rate of 6.9 K/s has much more big dimples and
shows more ductile than the sample with cooling rate of 1.6 K/s in Figure 9 (a). It indicates
the sample becomes much ductile after the rapid cooling in the PECS. The SEM microstruc‐
tures are consistent with the mechanical results in Figure 8.
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Figure 9. SEM micrographs of the fracture surfaces of the Ti6Al4V alloys with various cooling rates: (a) 1.6 K/s, (b) 4.8
K/s, (c) 5.6 K/s and (d) 6.9 K/s.
Figure  10  provides  the  metallographic  morphology  of  the  Ti6Al4V  alloys  with  various
cooling rates. In the etched metallographic images, the β-Ti phase (bcc) appears in white
color and α-Ti phase (hdp) in dark color. The samples all show both phases in the micro‐
structures.  The  microstructures  form  during  sintering  at  850°C  and  subsequent  cooling
with  different  rates.  On  sintering  temperature  the  microstructure  consists  of  a  lower
amount of α and a higher amount of β. During cooling β partially transforms to α. After
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cooling the microstructure consists of former α, retained β and newly formed α. The cool‐
ing  rate  mainly  influences  on  the  morphology  of  the  newly  formed  α.  The  naturally
cooled sample with 1.6 K/s cooling rate shows a relative homogeneous globular α+β mi‐
crostructure  (Figure  10a).  The  rapidly  cooled  sample  shows  a  different  microstructure
with a higher fraction of lamellar α phase (Figure 10b). As the cooling rate increases, the
5.6 K/s cooled sample in Figure 10(c) has even more lamellar α phase. In Figure 10(d), the
α phase is getting much more lamellar. In general, gas quenching in the SPS resulted in a
higher  fraction of  lamellar  α-Ti  phase.  The XRD results  show the gas  quenching in  the
SPS further resulted in the formation of intermetallic phases of Al3Ti0.8V0.2 and Al2Ti in the
alloys [12].
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Fig. 10. Metallographic micrographs of the surfaces of the Ti6Al4V alloys with various 
cooling rates: (a) 1.61 K/s, (b) 4.78 K/s, (c) 5.63 K/s, and (d) 6.92 K/s. 
3.4. Discussions   
   The cooling power measurments of the Al alloy and steel samples revealed that by the flooding with 
Ar gas and quenching with N2 gas can effectively cool the samples. Without graphite dies can cool 
faster than with graphite dies. The quenching simulation results indicates that the temperature reduced 
from outside surface of the die gradually to the centre of the sample. At cooling time 100s, it has 
about 120 oC temperature gradients from the outside surface of the die to the sample centre.  
   The hardness, ultimate compressive strength and ductility of the Ti6Al4V alloys have been 
increased due to the gas quenching. Sinter hardening is applicable for the Ti6Al4V alloy in which the 
samples are PECS sintered and gas quenched directly after the sintering. It saved energy and costs 
when compared with a conventional hardening in which the parts must be reheated to the hardening 
temperature. The microstructures consisted of former -Ti, retained -Ti, new -Ti formed during 
quenching and intermetallic precipitates. The precipitated nanocrystalline Al2Ti and Al3Ti0.8V0.2 can 
play a role of hardening and dispersion reinforcing of the Ti6Al4V alloys. Therefore, the hardness 
and ultimate compressive strength of the Ti6Al4V alloy are increased. With increasing cooling rate, 
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Figure 10. Metallographic micrographs of the surfaces of the Ti6Al4V alloys with various cooling rates: (a) 1.61 K/s, (b)
4.78 K/s, (c) 5.63 K/s and (d) 6.92 K/s.
3.4. Discussio s
The cooling power measurments of the Al alloy and steel samples revealed that by the
flooding with Ar gas and quenching with N2 gas can effectively cool the samples. Without
graphite dies can cool faster than with grap ite ies. The quenching simulation results indi‐
cates that the temperature reduced from outside surface of the die gradually to the centre of
the sample. At cooling time 100 s, it has about 120 oC temperature gradients from the out‐
side surface of the die t  the sample centre.
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The hardness, ultimate compressive strength and ductility of the Ti6Al4V alloys have been
increased due to the gas quenching. Sinter hardening is applicable for the Ti6Al4V alloy in
which the samples are PECS sintered and gas quenched directly after the sintering. It saved
energy and costs when compared with a conventional hardening in which the parts must be
reheated to the hardening temperature. The microstructures consisted of former α-Ti, re‐
tained β-Ti, new α-Ti formed during quenching and intermetallic precipitates. The precipi‐
tated nanocrystalline Al2Ti and Al3Ti0.8V0.2 can play a role of hardening and dispersion
reinforcing of the Ti6Al4V alloys. Therefore, the hardness and ultimate compressive
strength of the Ti6Al4V alloy are increased. With increasing cooling rate, the newly formed
α-Ti becomes more lamellar. The higher fraction of lamellar structured α-Ti phase can lead
to the increase in ductility of the Ti6Al4V alloy [13].
The use of industrial gases for quenching high added value parts and offers significant envi‐
ronmental and performance advantages over liquid quenching (water, oil, etc.). Gas
quenched parts are clean thus eliminating the need for post-cleaning operations. Due to
poor thermal transfer characteristics (lower cooling rate) of gases under normal conditions,
they have to be optimized by proper adjustment of gas pressure and flow speed. Gas
quenching can be performed in two methods, namely: at low atmosphere pressure with
high gas velocity or at high pressure with limited gas velocities [5-8]. In this study, we used
the first technique in the PECS that at low or atmosphere pressure with high gas velocity.
The flowing rate of the nitrogen gas from nozzles is 8000 l/min. The pressure of gas is only
at normal atmosphere pressure. The thermophysical properties of the gas are also an impor‐
tant issue. Based on availability, density and specific heat capacity and thermal conductivi‐
ty, hydrogen would appear to be good choice as a quench agent [12]. However, because of
the explosive risks associated with hydrogen, it is seldom used as a quench gas in commer‐
cial heat treating. Nitrogen is the most popular choice, primarily because it is readily availa‐
ble and inexpensive. Argon is used in some special applications but does not quench as
effectively as nitrogen and is considerably more expensive. In this study, the PECS vacuum
furnace was flooded with argon gas to 40 mbar with the sintering temperature 850 oC being
kept, and then quenched with nitrogen gas at high velocity.
The Ti6Al4V alloys have been used in clinic for several decades already. For uncemented
knee and hip arthroplasties,  Ti6Al4V alloys  are  the favourable  implant  materials.  Addi‐
tionally, the Ti6Al4V alloys are preferred for intramedullary rods, spinal clamps, self-drill‐
ing bone screws and other implants. One of the main problems of this alloy in biomedical
applications is the insufficient ductility which lead to the difficulty in their contouring as
required for pelvic and mandibular plates [14]. This investigation indicates that the tradi‐
tional Ti6Al4V alloy can be modified by PECS with gas quenching leading to various mi‐
crostructures  and mechanical  properties.  The high ductility  of  the  Ti6Al4V achieved by
PECS with gas quenching leads to the easy fabrication of complex shape and plates for
the medical applications. The rapid cooling-PECS combining sintering and gas quenching
provides a novel method to tailor the microstructure and mechanical properties of the Ti
alloys.
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cooling the microstructure consists of former α, retained β and newly formed α. The cool‐
ing  rate  mainly  influences  on  the  morphology  of  the  newly  formed  α.  The  naturally
cooled sample with 1.6 K/s cooling rate shows a relative homogeneous globular α+β mi‐
crostructure  (Figure  10a).  The  rapidly  cooled  sample  shows  a  different  microstructure
with a higher fraction of lamellar α phase (Figure 10b). As the cooling rate increases, the
5.6 K/s cooled sample in Figure 10(c) has even more lamellar α phase. In Figure 10(d), the
α phase is getting much more lamellar. In general, gas quenching in the SPS resulted in a
higher  fraction of  lamellar  α-Ti  phase.  The XRD results  show the gas  quenching in  the
SPS further resulted in the formation of intermetallic phases of Al3Ti0.8V0.2 and Al2Ti in the
alloys [12].
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to the increase in ductility of the Ti6Al4V alloy [13].
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poor thermal transfer characteristics (lower cooling rate) of gases under normal conditions,
they have to be optimized by proper adjustment of gas pressure and flow speed. Gas
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cial heat treating. Nitrogen is the most popular choice, primarily because it is readily availa‐
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applications is the insufficient ductility which lead to the difficulty in their contouring as
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4. Pulsed electric current sintering of porous Ti alloys with post heat
treatment
4.1. Characterization of raw powders
The Ti6Al4V and NaCl powders are shown in Figure 11. The Ti6Al4V powders have spheri‐
cal morphologies and size distributions of 5-35 µm. The cuboidal sodium chloride powders
have round angles and a size distribution of 125-250 µm. In the preparation process, the size
of the metal powder should be smaller than the average powder size of the space holder. By
choosing the size, shape and quantity of the space holder material, the mechanical proper‐
ties of the metal foams can be adjusted [15]. The two kinds of powders were mixed uniform‐
ly in a mixer with a small amount of PVA (Polyvinyl alcohol) solution as binder. Then, they
were subjected to the PECS machine and sintered at 700 oC under 50 MPa for 8 min in vac‐
uum. Porous Ti6Al4V foams were obtained through dissolution of the NaCl phase in re‐
newed deionized water for 72 h in room temperature. The alloy foams were cleaned in an
ultrasonic water bath for 30 minutes and furnace dried at 120 ◦C for 12 h.
(a) (b)
Figure 11. SEM images of the raw Ti6Al4V (a) and NaCl powders (b).
4.2. Post heat treatment by the pressureless PECS
The PECS post heat treatment was used to increase the density and strength of the foams. It
was carried out by a pressureless PECS. The set-up of the pressureless PECS is shown in
Figure 12. A small gap d in the range of 0–5 mm was designed to avoid damaging the po‐
rous materials. The foams after the NaCl being removed were sintered at 1100 oC for 5 min
in this pressureless PECS.
4.3. Densities and microstructures of the foams
Table 1 shows a summary of the Ti6Al4V foam parameters after PECS. Different weight ra‐
tios of NaCl powders were mixed with the Ti6Al4V powders to get various porosities. After
Sintering Applications270
the foams were sintered at 700 oC, they show porosities of 47.6%, 57.6%, 63.9% and 72.5%
(±1.0), respectively. When they were post heat treated at 1100 oC, they display porosities of
44.7%, 54.4%, 60.7% and 70.0% (±1.0)%. The porosities decreased and the densities increased
after the heat treatment. The densities of the foams have been increased 5.6%, 7.4%, 8.8%
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52.4 42.4 36.1 27.5
Porosity after PECS at
700 oC (%)
47.6 57.6 63.9 72.5
Relative density after heat
treatment at
1100 oC (%)
55.3 45.6 39.3 30.0
Porosity after PECS at
1100 oC (%)
44.7 54.4 60.7 70.0
Increments in density 5.6 % 7.4% 8.8% 9.0%
Table 1. Summary of parameters of the Ti6Al4V foams after PECS.
Detailed microstructural views of the Ti6Al4V foam with 70.0% porosity are shown in Fig‐
ure 13. Figure 13a and b display the foams fabricated at 700 oC and 50 MPa. They show the
porous structure and pore walls, revealing relatively uniformly shaped macropores having
rough surfaces, with many micropores (<10 µm) and the shapes and the sizes of the original
alloy powders being visible. This indicates that the Ti6Al4V/NaCl mixture is difficult to be
densified and, as expected, the diffusion at 700 oC was not sufficient to smooth the micro‐
pores due to the very high melting point of Ti6Al4V. Figure 13c and d display the Ti6Al4V
foams post heat treated at 1100 oC at a pressureless mode. After the heat treatment, the junc‐
tions between the Ti6Al4V powder grains are formed with only few micropores left. As seen
in Figure 13d, most of the micropores disappeared due to the heat treatment. This indicates
that the pressureless heat treatment contributes to reduce the microporosity of the foams,
since no pressure was applied and only diffusion dominated the PECS process. Thus,
Ti6Al4V foams with higher density of the walls have been fabricated by the PECS at 700 oC
and the post heat treatment at 1100 oC.
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Figure 12. Schematic diagram of the graphite die set-up for the pressureless (1, graphite form; 2, graphite bottom
punch; 3, graphite up punch; 4, Pyrometer measurement hole; 5, sample).
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after the heat treatments.  
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Fig. 13.  SEM images of the porous structures and pore walls of the Ti6Al4V foams with 70% 
porosity of the spark plasma sintered at 700 oC and 50 MPa (a, b), and PECS post heat 
treatment at 1100 oC (c, d).  
Detailed microstructural views of the Ti6Al4V foam with 70.0% porosity are shown in Figure 13.
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Figure 13. SEM images of the porous structures and pore walls of the Ti6Al4V foams with 70% porosity of the spark
plasma sintered at 700 oC and 50 MPa (a, b), and PECS post heat treatment at 1100 oC (c, d).
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The outer shape of the Ti6Al4V foam with 54.4% porosity fabricated by the PECS with post
heat treatment is shown in Figure 14a. Figure 14b-d shows the micro-CT 3D reconstructions
of the foam. The 3D cropped isometric view of cross sections in the Ti6Al4V foam shows the
relative uniform pore distribution and interconnected 3D porous structures. The Micro-CT
2D top view and side views show that the macropore shapes are in square cross sections
with a relative uniform distribution of pore sizes of 210±40 µm with an average cell wall





Figure 14. Micro-CT three-dimensional 3D reconstructions of the Ti6Al4V foam (54.4% of porosity) with outer shape
of the alloy foam (a), an isometric view (b), top (c) and side view (d).
Figure 15 shows the SEM micrographs of the porous Ti6Al4V foams with different porosi‐
ties of 44.7%, 54.4%, 60.7% and 70.0% fabricated by the PECS with post heat treatment. SEM
images obtained from the porous Ti6Al4V in Figure 15 proved that the space holder NaCl
phase was removed completely. The macrostructure of the foam is composed of homogene‐
ously dispersed porous cavities and continuously connected Ti6Al4V struts. It shows mean
pores with a size of 150 µm to 250 µm achieved with a NaCl spacer material in the range of
125 µm to 250 µm. The thickness of the pore walls decrease with increasing porosity. The
higher porosity samples showed good interconnectivity. The primary pores replicate the
size and shape of the angular NaCl particles with rounded corners. Thus, pore shapes can be
controlled by using NaCl powders with various shapes. Finally, interconnected pores are
visible either as black pores or as necks between adjacent pores in cross sections. These in‐
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phase was removed completely. The macrostructure of the foam is composed of homogene‐
ously dispersed porous cavities and continuously connected Ti6Al4V struts. It shows mean
pores with a size of 150 µm to 250 µm achieved with a NaCl spacer material in the range of
125 µm to 250 µm. The thickness of the pore walls decrease with increasing porosity. The
higher porosity samples showed good interconnectivity. The primary pores replicate the
size and shape of the angular NaCl particles with rounded corners. Thus, pore shapes can be
controlled by using NaCl powders with various shapes. Finally, interconnected pores are
visible either as black pores or as necks between adjacent pores in cross sections. These in‐
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terconnected pores usually ranged 20-150 µm in sizes, indicating that osteoblasts may be
able to penetrate into the porous structure.
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Fig. 15. SEM images of the Ti6Al4V foams prepared by PECS with post heat treatment with 
different porosities of (a) 44.7%, (b) 54.4%, (c) 60.7%, (d) 70.0 %. 
4.4. Mechanical properties of the foams 
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Figure 15. SEM images of the Ti6Al4V foams prepared by PECS with post heat treatment with different porosities of
(a) 44.7%, (b) 54.4%, (c) 60.7%, (d) 70.0 %.
4.4. Mechanical properties of the foams
For the evaluation of the mechanical properties of the porous samples, compression tests
were performed. Figure 16a shows the Young’s modulus and compressive yield strength as
a function of relative density for the Ti6Al4V foams and the predicted theoretical values.
The Young’s modulus of the porous metals is compared with a prediction according to the








where E and E0 are Young’s modulus of foam and bulk materials with densities ρandρ0, re‐
spectively, using E0 = 117 GPa and ρ0=4.43 g/cm3 for Ti6Al4V [17]. The proportionality con‐
stant C including data of metals, rigid polymers, elasomers, and glasses has to be considered
as 1 for titanium alloys [16]. The estimated Young’s moduli ranging from 34.11GPa to
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9.84GPa obey exponential decays with the increase of porosity, and the actual measured
Young’s moduli of the foams are comparable with the calculated Young’s modulus based on
the density of the Ti6Al4V foam. Besides the Young’s modulus, the strength is an important
property of orthopedic implants, in particular in load bearing applications. According to the







where σ0 and ρ0 are the yield strength and the density of the solid material, σ and ρ of the
foam, respectively. The experimental data indicate that C from the data of cellular metals
and polymers is around 0.3 and the strength of the foam is proportional to the strength of
the solid (n = 3/2) [18]. The density of dense solid Ti6Al4V is 4.43 g/cm3 with yield strength
902 MPa [19, 20]. The yield strength of Ti6Al4V foams and predicted theoretical values for
open porous material are given in Figure 16b. It can be seen that the measured values for
porous Ti6Al4V are slightly higher than the analytical predictions by Gibson and Ashby for
open structures, also much higher than the compressive strength of cancellous bone
(10-50MPa). The experimental values are all comparable with the calculated data obeying
the Gibson and Ashby model.
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Figure 16. Young’s modulus (a) and yield strength (b) of the Ti6Al4V foams and theoretically predicted values.
Figure 17 show  the SEM images of the Ti6Al4V foams (44.7%porosity) after the compres‐
sive tests. The macropores have been compressed to a crushed shape. However there were
no bulk cracks been oberserved. By this way, it can adsorbe a large amount of energy. The
strength of the foams depends on the thickness of the struts. The 44.7%porosity foam has the
largest yield strength and Young’s modulus (Figure 16) due to the the thickest struts in this
group of the prepared samples.
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terconnected pores usually ranged 20-150 µm in sizes, indicating that osteoblasts may be
able to penetrate into the porous structure.
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Fig. 15. SEM images of the Ti6Al4V foams prepared by PECS with post heat treatment with 
different porosities of (a) 44.7%, (b) 54.4%, (c) 60.7%, (d) 70.0 %. 
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Figure 15. SEM images of the Ti6Al4V foams prepared by PECS with post heat treatment with different porosities of
(a) 44.7%, (b) 54.4%, (c) 60.7%, (d) 70.0 %.
4.4. Mechanical properties of the foams
For the evaluation of the mechanical properties of the porous samples, compression tests
were performed. Figure 16a shows the Young’s modulus and compressive yield strength as
a function of relative density for the Ti6Al4V foams and the predicted theoretical values.
The Young’s modulus of the porous metals is compared with a prediction according to the








where E and E0 are Young’s modulus of foam and bulk materials with densities ρandρ0, re‐
spectively, using E0 = 117 GPa and ρ0=4.43 g/cm3 for Ti6Al4V [17]. The proportionality con‐
stant C including data of metals, rigid polymers, elasomers, and glasses has to be considered
as 1 for titanium alloys [16]. The estimated Young’s moduli ranging from 34.11GPa to
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9.84GPa obey exponential decays with the increase of porosity, and the actual measured
Young’s moduli of the foams are comparable with the calculated Young’s modulus based on
the density of the Ti6Al4V foam. Besides the Young’s modulus, the strength is an important
property of orthopedic implants, in particular in load bearing applications. According to the







where σ0 and ρ0 are the yield strength and the density of the solid material, σ and ρ of the
foam, respectively. The experimental data indicate that C from the data of cellular metals
and polymers is around 0.3 and the strength of the foam is proportional to the strength of
the solid (n = 3/2) [18]. The density of dense solid Ti6Al4V is 4.43 g/cm3 with yield strength
902 MPa [19, 20]. The yield strength of Ti6Al4V foams and predicted theoretical values for
open porous material are given in Figure 16b. It can be seen that the measured values for
porous Ti6Al4V are slightly higher than the analytical predictions by Gibson and Ashby for
open structures, also much higher than the compressive strength of cancellous bone
(10-50MPa). The experimental values are all comparable with the calculated data obeying
the Gibson and Ashby model.
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Figure 16. Young’s modulus (a) and yield strength (b) of the Ti6Al4V foams and theoretically predicted values.
Figure 17 show  the SEM images of the Ti6Al4V foams (44.7%porosity) after the compres‐
sive tests. The macropores have been compressed to a crushed shape. However there were
no bulk cracks been oberserved. By this way, it can adsorbe a large amount of energy. The
strength of the foams depends on the thickness of the struts. The 44.7%porosity foam has the
largest yield strength and Young’s modulus (Figure 16) due to the the thickest struts in this
group of the prepared samples.




Figure 17. SEM images of the Ti6Al4V foams (44.7%porosity) after the compressive tests showing the crushed shape
pores of different places (a) and (b).
4.5. Cell proliferation in the foams
Human osteoblast like cells (MG-63) were cultured on the porous Ti6Al4V samples. Figure
18 shows the SEM images of human bone-like MG-63 cells on porous Ti6Al4V foams with
44.7%, 54.4%, 60.7%, and 70.0 %. After 24 h they exhibit a well spread morphology and ex‐
cellent bonding to the surface. The cells form filopodia to reach the adjacent grains of the
Ti6Al4V structure. The cells grow inside the pores to a large extend implying a good inte‐
gration when implanted into the bone. For a better interconnectivity, higher porosity
Ti6Al4V foams (above 60%) are recommended for the biomedical applications. This cell tests
display that the pore sizes and porous surface of the Ti6Al4V foams fabricated by the PECS
are suitable for the osteoblasts in-growth.
4.6. Other methods for preparation of Ti6Al4V foams by PECS
Besides NaCl particles as spacer material, some other ways to fabricate Ti foams by the SPS
were also tried and studied. Fig.19 shows the SEM images of the Ti6Al4V foams prepared
by SPS using Cu spacer. The Ti6Al4V powders and Cu powders were mixed and sintered by
PECS at 800 oC and 50 MPa for 5 min holding time. Then the Cu spacers were removed by
high concentration HNO3 acid washing. Finally, they were washed in deioned water to get a
neutral PH value. The porous foams were obtained. The porous structures at various magni‐
fications show that the pores are interconnected with pore sizes from 10 to 200 micrometers.
The pore walls show that there are many TiO2 nanostructures formed on the surfaces. Its
formation is due to the strong acid oxidation. The TiO2 nanostructures could increase the bi‐




Figure 18. SEM of human bone-like MG-63 cells on porous Ti6Al4V foams (a) 44.7%, (b)54.4%, (c) 60.7%, (d) 70.0 %.




Figure 19. SEM images of the Ti6Al4V foams prepared by the PECS using Cu spacer: (a,b) porous structure at various
magnifications, and (c,d) pore walls showing the TiO2 nanostructures.
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neutral PH value. The porous foams were obtained. The porous structures at various magni‐
fications show that the pores are interconnected with pore sizes from 10 to 200 micrometers.
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Figure 18. SEM of human bone-like MG-63 cells on porous Ti6Al4V foams (a) 44.7%, (b)54.4%, (c) 60.7%, (d) 70.0 %.




Figure 19. SEM images of the Ti6Al4V foams prepared by the PECS using Cu spacer: (a,b) porous structure at various
magnifications, and (c,d) pore walls showing the TiO2 nanostructures.
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Another method to prepare the Ti foams is by the simulated body fluid soaking of the sin‐
tered TiMg solids. It is an in-situ pore formation method. The TiMg solids were prepared by
ball milling of Ti and Mg powders and PECS at 600 oC and 50 MPa for 5 min. Figure 20(a)
shows the XRD diffraction results of the TiMg solids with 10-40 wt% fraction of Mg. It ex‐
hibits pure Ti and Mg phases, no intermetallic phases. Afterwards, they were immersed in
the simulated body fluid for several weeks. Figure 20 (b) exhibits the surface of the Ti-40 wt
%Mg solids before the body fluid soaking. Figure 20 (c) shows the in-situ formed macro‐
pores after 4 weeks soaking in the simulated body fluid. The pore sizes are about 500-700
µm in dimension. The pore wall in Figure 20(d) shows the microstructures after body fluid
soaking and some hints of corrosions can be found. The dense TiMg solids can load higher
forces than the porous Ti foams. After they were implanted in vivo, the Mg composition in
the TiMg solids will be degraded by body fluid immersion to form porous foams with time
going. The bone tissue would grow into the foams simultaneously with the pore forming
progress. The degradation rate can be tailored by the fraction of Mg and the alloying ele‐
ments in the Mg phase.































Figure 20. XRD results of the SPS prepared TiMg system (a) and SEM images of the Ti40Mg solid surface (b), in-situ
formed macropores in the simulated body fluid (c) and pore wall structure (d).
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4.7. Discussions
In this study, the Ti6Al4V foams were fabricated by using PECS at controlled porosity fol‐
lowed by dissolution of NaCl phase and post heat treatment at 1100 oC. Previous investiga‐
tions showed that high-density pure Ti foams can be fabricated with NaCl as spacer by the
PECS at 700 oC for 8 min under 50 MPa [11]. However, the Ti6Al4V/NaCl mixture cannot be
densified at the same condition. It indicates that the Ti6Al4V/NaCl mixture is difficult to be
consolidated either in the hot pressing [10] or in the PECS. The pressureless PECS method
was firstly proposed by Zhang et al [21]. It can be used for the preparation of ceramic nano-
scaffolds and for other inorganic porous materials [21, 22]. The Ti6Al4V foams were post
heat treated by the pressureless PECS method at 1100 oC for 5 min. The densities of the
foams have been increased from 5.6 to 9.0% at various porosities (Table 1). The relative den‐
sity values calculated by dividing the mass of the samples by the volume can provide the
information of macroporosity and microporosity in the foams. The macroporosity has been
determined by the fraction of NaCl spacer after the PECS at 700 oC and dissolution in water.
The post heat treatment by pressureless PECS at 1100 oC will contribute to reduce the micro‐
porosity of the foams. During the heat treatment by the pressureless PECS, there was no
pressure being applied, therefore the surface diffusion, volume diffusion and grain boun‐
dary diffusion dominated the PECS process. These diffusions mainly play roles of reducing
the microporosities in the foams. The SEM results in Figure 13a-d validated this scientific as‐
sumption. This post heat treatment by the pressureless PECS is similar to the technique of
hot isostatic pressing (HIP) used to reduce the microporosity of metals and to increase the
density of many ceramic materials, thus improving the material's mechanical properties.
The post heat treatment by the pressureless PECS can be done in vacuum and argon gas up
to 40 hPa. The results in this study indicate that this pressureless PECS method can be used
for post heat treatment of Ti6Al4V foams, and possibly for all the metallic foams, dense met‐
als and ceramics.
This method using PECS by dissolution of NaCl spacer and post heat treatment provides a
foamed structure with a close to homogenous pore structure, high levels of porosity and
high mechanical properties. The mechanical properties of the metal foam can be adjusted by
choosing the size, shape and quantity of the space holder material used. Besides the NaCl as
spacer material, Cu also can be used as a spacer material to get Ti6Al4V foams. It can modi‐
fy the surface of the foams simultaneously with TiO2 nanostructures. The key point of this
method is how to get rid of the Cu completely. The in-situ pore forming method is very in‐
teresting. The Mg spacer degraded in the body fluid and generated some pores in the sin‐
tered TiMg solids. The key issue of this method is how to match the growth rate of the bone
tissue. It can be realized by tailoring the fraction of Mg in the Ti alloy and the alloying ele‐
ments in the Mg phase (e.g. Zr, Ag etc.). The highly porous nature of the alloys combining
good mechanical properties with osteoconductivity makes these materials ideal for bone
scaffolds. The future highlights will be net-shape processing of foams with complex forms
by the PECS method. Prospectively, this kind of Ti6Al4V foams is potential to alleviate the
problem of mechanical mismatch between the bone and the Ti alloy implant and may pro‐
vide a new candidate as a long-term bone substitute for biomedical applications.
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formed macropores in the simulated body fluid (c) and pore wall structure (d).
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5. Conclusions and outlook
The pulsed electric current sintering was modified and equipped with a novel nitrogen gas
rapid cooling system. The cooling power of the system was measured and numerical simu‐
lated using the Al-2024 and ALSI303 steel as model materials. The argon gas flooding and
nitrogen gas quenching can effectively cooling the samples and increase their heat transfer
coefficient. The Ti6Al4V alloys were prepared with various cooling rates ranged from 1.6 to
6.9 K/s by changing the thickness of the graphite dies. The gas quenching has increased the
hardness, ultimate compressive strength and ductility of the Ti6Al4V alloy from 327 HV1,
1578 MPa, and 27.4% up to 353 HV1, 1832 MPa and 34%, respectively. The rapid cooling
leads to much more pronounced dimples in fracture surfaces, precipitation of intermetallic
phases (Al3Ti0.8V0.2 and Al2Ti), and more lamellar α-Ti phase in metallography. The rapid
cooling-PECS combining sintering and gas quenching provides a novel method to tailor the
microstructure and mechanical properties of the Ti alloys.
The Ti6Al4V foams were fabricated by the PECS with post heat treatment using a blend of
Ti6Al4V and sodium chloride powders. The Ti6Al4V foams fabricated at 700 oC and 50 MPa
in PECS cannot achieve high relative densities. The sintered foams were post heat treated in
a pressureless mode of the PECS at 1100 °C for 5 min. This heat treatment is very effective to
reduce microporosity and to fully densify the foam walls. Young’s moduli of the foams were
in the range of 33.0 GPa to 9.5 GPa and the yield strengths ranged from 110.2 MPa to 43.0
MPa with porosity values from 44.7% to 70.0% obeying the Gibson-Ashby models. The mac‐
ropores have been crushed to flat shapes without cracks. The human osteoblast cell line
MG-63 validated the cellular acceptance of the foam surfaces. This pressureless PECS meth‐
od can be used for post heat treatment of Ti6Al4V foams. The Ti6Al4V foams with Cu spacer
were prepared by the PECS. There pore walls were modified with TiO2 nanostructures. The
in-situ pore forming method by soaking of the TiMg solids in the simulated body fluid was
also introduced.
In this century, worldwide energy shortage is a serious problem for humankind. Therefore,
how to save energy is a hot issue in industry and our everyday life. The PECS is a relative
new sintering technique with rapid energy transfer and less energy consumption to produce
advanced materials. It is considered as a novel field assisted sintering technique for fast
preparation of diverse bulk materials (metals, ceramics, polymers and their composites)
with a near net shape. The sinter hardening by the PECS, in which the parts are sintered and
quenched directly after the sintering step, has a perspective future in the PM industry due to
energy saving and cleanness. The post heat treatment of materials in the pressureless PECS
possibly should be suitable for all the porous materials and dense solids. The in-situ pore
forming method represents the tendency of the future in the field of cellular solids. In the
end, the future highlights will focus on the preparation of nanostructured materials and
composites by the PECS with gas quenching and the computer simulation of the gas
quenching process in the PECS, as well as the processing of porous nanofoams by the pres‐
sureless PECS with complex shapes.
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were prepared by the PECS. There pore walls were modified with TiO2 nanostructures. The
in-situ pore forming method by soaking of the TiMg solids in the simulated body fluid was
also introduced.
In this century, worldwide energy shortage is a serious problem for humankind. Therefore,
how to save energy is a hot issue in industry and our everyday life. The PECS is a relative
new sintering technique with rapid energy transfer and less energy consumption to produce
advanced materials. It is considered as a novel field assisted sintering technique for fast
preparation of diverse bulk materials (metals, ceramics, polymers and their composites)
with a near net shape. The sinter hardening by the PECS, in which the parts are sintered and
quenched directly after the sintering step, has a perspective future in the PM industry due to
energy saving and cleanness. The post heat treatment of materials in the pressureless PECS
possibly should be suitable for all the porous materials and dense solids. The in-situ pore
forming method represents the tendency of the future in the field of cellular solids. In the
end, the future highlights will focus on the preparation of nanostructured materials and
composites by the PECS with gas quenching and the computer simulation of the gas
quenching process in the PECS, as well as the processing of porous nanofoams by the pres‐
sureless PECS with complex shapes.
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1. Introduction
Viscous flow sintering is one of the important processes with a great variety of applications
in densification of ceramics. Sintering in the presence of liquid phase makes to fabricate
products with low porosity and high technical performance. The most of commercial prod‐
ucts such as metals, glass and ceramics with low porosity are fabricated through the viscous
flow sintering. The morphology of pores widely affects the characteristics of end product.
Adjusting porosity can therefore, control the technical properties of products. During the
sintering, the success of process depends on the control of shrinkage and porosity conse‐
quently. Many factors affect porosity and characteristics of final product. Some of the most
important parameters are the chemical and mineralogical composition of raw materials and
mixing ratio of them, glassy phase composition, particle size distribution, temperature and
soaking time. Each of these factors can affect shrinkage of product. During the manufactur‐
ing process, modification of some parameters may be required to achieve desired porosity.
Porosity and pore size distribution of products change with variation in type and content of
fluxing materials. Sintering in the presence of liquid phase occurs through the melting flux
materials. The molten phase diffuses into the pores by capillary forces, creating closed pores
and shrinking the body. The viscosity of molten phase is able to influence shrinkage and po‐
rosity of pieces, drastically.
Liquid phase which contains different amounts of oxides greatly affects creeping flow. The
mathematically study of momentum transport mechanism can be useful in improvement of
microstructure as a result physical-mechanical characteristics of fine ceramics. The term of
creeping flow denotes the motion of reactive phase whose Reynolds number is very low. In
this chapter the importance of viscous flow in densification and vitrification of ceramics is
discussed. The effect of wetting and capillary forces on the motion of liquid phase during
© 2013 Salem and Salem; licensee InTech. This is an open access article distributed under the terms of the
Creative Commons Attribution License (http://creativecommons.org/licenses/by/3.0), which permits
unrestricted use, distribution, and reproduction in any medium, provided the original work is properly cited.
 2013 The Author(s). Licensee InTech. This chapter is distributed under the terms of the Creative Commons 
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sintering is studied in the other section. Along above dissuasion, the continuity and momen‐
tum equations are presented for creeping flow of liquid phase in spherical systems and
boundary conditions are considered to obtain velocity distribution. A mathematical model is
proposed to describe isothermal variation in porosity of ceramic body according to the ob‐
served phenomena. Finally, the kinetics of viscous flow sintering and variations in activa‐
tion energy and frequency factor are studied. In addition, the computation of optimum
sintering time to achieve the minimum porosity at various conditions is explained by kinetic
model. The effect of several factors such as amounts of fluxing agents and particle size dis‐
tribution are verified.
2. Chemical reactions in pre-sintering process
Pre-sintering reactions affect the microstructural development in pieces and consequently,
are important in the properties of final products. Firing of ceramics has gained wide recog‐
nition in industrial scale, reducing production costs by efficient use of energy in this process.
From energy costs point of view, reducing firing temperature or time substantially influen‐
ces manufacturing costs. There is obviously a maximum heating rate for any ceramic com‐
position that allows thermal reactions to fabricate acceptable properties. Certainly, heating
at a slower than maximum rate leads to consider a safe margin for firing process. The firing
schedule requires knowledge of chemical reactions and microstructural changes occurring
during the process. In this sections a simplified method for determining the optimum firing
schedule of ceramics is demonstrated.
The firing profile of a ceramic body may be divided into three parts, representing structural
changes that occur with temperature and time [1]. (i) During heating, the green body is a
rather fragile and brittle. (ii) After, the formation liquid phase, the viscosity decreases as the
maturation temperature rises. In this temperature range that may be called pyroplastic
range, which extends into cooling period. Liquid phase loses its viscous characteristics at
glass transition temperature. Deformation of body may be occur due to applied stress. (iii)
The third division is the final portion of the cooling curve below the glass transition temper‐
ature, where the body is a relatively strong and brittle. Thermal shock causing fracture can
occur in any of the three divisions but it is most dangerous during heating and cooling
when the body is brittle. During the heating, the ceramic body is fragile because of the rela‐
tively low inter-particle bond strengths that may be compounded by residual strains from
shaping process. During cooling, the ceramic body is relatively strong but is subject to brittle
fracture as a result of strain such as phase inversion [2].
In order to design the optimum firing profile, the ideal curve should be determined. The
corrections of firing profile can be carried out based on physical and chemical reactions. The
actual rate schedule of each of three divisions can be determined. The basic data required
can be obtained by simultaneous thermogravimetry and differential scanning calorimetry,
TG-DSC or differential thermal analysis, DTA [3,4]. Hot stage microscopy, HSM [5-7], and
dilatometeric irreversible and reversible thermal expansion also should be used to optimize
heating and cooling stages [1,2].
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Figure 1 is an example of TG-DSC curves for a typical porcelain stoneware body for deter‐
mining physical and chemical reactions in pre-sintering process [8]. These curves show that
clay minerals dominate the body in terms of non-linear thermal behavior and the particular
temperatures at which the firing profile should be modified. The first and second endother‐
mic peaks around 40–100 ºC in DSC curve is related to the loss of absorbed water. In this
temperature range, the absorbed water causes a temperature depression in the body which
will increase temperature gradient between the surface and center of pieces. The third endo‐
thermic peak, 550 ºC, is due to the dehydroxylation of kaolinite. The weight loss of 2.84 wt.%
confirms the elevated percentage of clay minerals. The dehydroxylation of kaolinite occurs
to form metakaolin. The crystal structure of kaolinite contains hydroxyl groups and the de‐
hydroxylation of these groups to form metakaolin occurs at 550 ºC. The chemical reaction
representing this process is:
2 3 2 2 2 3 2 2Al O .2SiO .2H O Al O .2SiO 2H O® + ­ (1)
Figure 1. TG-DSC curves of a typical porcelain stoneware composition [8].
Dehydroxylation of clay minerals is observed in typical analytical investigations, such as
differential scanning calorimetry and thermogravimetry [9]. These measurements also, are
important in the design of fast firing profile. Dehydroxylation rate is directly proportional to
the surface area of kaolin. Experiments with large pieces at very high heating rates indicated
explosions caused by water vapor pressure at both the dehydration and dehydroxylation
temperatures. The last endothermic peak, 571 ºC, is associated with the allotropic transfor‐
mation of quartz. Because of the relatively great flexibility of the compact particles, the
quartz inversion is of little consequence during the firing schedule. The only observed exo‐
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thermic peak at 988 ºC is typical metakaolin decomposition, forming Al–Si spinel, amor‐
phous silica and mullite phase as shown by following equation:
( ) ( )2 3 2 8 13.33 2.66 323 Al O .2SiO 0.282Al Al O® Å (2)
where ⊕ represents a vacancy. A γ-alumina type phase recently is the predicted product. At
950-1000 ºC, the controversial exothermic peak appears where the excess silica is exolved
from the metakaolin to form a precursor for primary mullite crystallization and to begin sol‐
id-state and liquid phase. The DSC-TG curves of the body confirm low weight loss, which is
mainly due to the metakaolin dehydroxylation. The γ-alumina type phase, being a non-
equilibrium unstable phase, certainly transform to mullite above 1000 ºC. The chemical reac‐
tion describing the mullite formation is [9]:
( )8 13.33 2.66 32 2 3 2 20.282Al Al O 3Al O .2SiO 4SiOÅ ® + (3)
The ceramic bodies generally contain three different mullite that are: (i) Primary mullite from
decomposition of pure clay such as kaolinite. (ii) Secondary mullite from reaction of feldspar
and clay, clay and quartz. (iii) Tertiary mullite may precipitate from alumina-rich liquid ob‐
tained by dissolution of alumina filler [10]. The size and shape of mullite crystals is to large ex‐
tent controlled by fluidity of the local liquid matrix from which they precipitate, and in which
they grow, which itself is a function of its temperature and composition. The composition of
this local liquid is determined by the extent mixing of the porcelain raw materials and the role
of fluxing agents is critical. The observation of polished and chemically etched surfaces points
out as in the samples containing nepheline-syenite, Figure 2. The amount of secondary elongat‐
ed mullite is larger than in the body prepared without nepheline-syenite. That is essentially
due to the lower viscosity of the liquid phase formed in the presence of nepheline, that besides
to favor the sintering, allows a better and easy growth of the elongated crystals [11].
Figure 2. Comparing mullite size in porcelain stoneware body prepared (a) 10 wt.% nepheline syenite and (b) without
nepheline syenite [11].
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Also, the organic materials burn from 250 ºC onward. The experiments with heavy electrical
porcelain result in explosions of body at 250 ºC that is a result of the ignition of volatiles
from the lignites in the ball clays.
Hot stage microscopy provides an advantageous data for characterizing the firing and sin‐
tering behaviors of ceramic bodies. It allows monitoring of thermal behavior of body from
room temperature to sintering steps. The application of this technique to study the sintering
of different ceramic substrates was reported by many investigators [5-7]. Hot stage micro‐
scopy allows assessing the shrinkage of ceramic body. The compact sample is made from
powder by the uniaxial compaction technique. Hot stage microscopy is standard, well-
known devices in ceramic and glaze fields. Traditionally, the instrument has found applica‐
tion mainly to assess the thermal behavior, particularly about softening and melting
temperatures of glazes, ceramics and other silicate materials. The cylindrical samples of the
powders are obtained by pressing in a die at room temperature, usually without addition of
any binder. For non-isothermal experiments the furnace of the microscope is heated to the
maximum temperature usually with constant rate. The samples are placed on a small ceram‐
ic plate with the longitudinal axis coinciding with the vertical direction. By measuring the
changes of length and diameter of the samples during the sintering process, either by taking
photographs of the sample at pre-chosen time intervals during the sintering process, or by
video recording the whole experiment, it is possible to obtain the axial and radial shrinkage.
The height and diameter of the photographed or video-recorded sample images can be
measured with a relative error, <1%, on suitable enlargement.
To clarify the ability of HSM technique, Figures 3 and 4 show HSM graphs for a typical por‐
celain stoneware body and a composition modified by 10 wt.% nepheline syenite. Listed be‐
low the images is the characteristic shape temperature. Also, the measured valves of
reference temperatures for the mentioned compositions are reported in Table 1. The tradi‐
tional single firing porcelain stoneware composition, reference body, is sintered about 20 ºC
higher than sample containing 10 wt.% nepheline syenite. The use of fluxing agent like
nepheline syenite in composition clearly shifts the sintering of ceramic body to low tempera‐
ture because of its tendency to melt and decrease the viscosity of liquid phase. It is evident
that the sintering speed of modified composition containing nepheline syenite is enhanced
and 20 ºC is enough to obtain well sintered body. The range of dimensional stability is very
high for reference composition. When 10 wt.% nepheline-syenite is added, the range of sta‐
bility drastically reduces, and a negative shrinkage, expansion, is observed. The addition of
nepheline causes the decrease in softening temperature.
Nepheline syenite
(wt. %)
Starting shrinkage Maximum Shrinkage Expansion Softening point
0.0 1120 1220 1280 1340
10.0 1100 1200 1240 1320
Table 1. The technical temperatures of porcelain stoneware compositions obtained by HSM technique.
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equilibrium unstable phase, certainly transform to mullite above 1000 ºC. The chemical reac‐
tion describing the mullite formation is [9]:
( )8 13.33 2.66 32 2 3 2 20.282Al Al O 3Al O .2SiO 4SiOÅ ® + (3)
The ceramic bodies generally contain three different mullite that are: (i) Primary mullite from
decomposition of pure clay such as kaolinite. (ii) Secondary mullite from reaction of feldspar
and clay, clay and quartz. (iii) Tertiary mullite may precipitate from alumina-rich liquid ob‐
tained by dissolution of alumina filler [10]. The size and shape of mullite crystals is to large ex‐
tent controlled by fluidity of the local liquid matrix from which they precipitate, and in which
they grow, which itself is a function of its temperature and composition. The composition of
this local liquid is determined by the extent mixing of the porcelain raw materials and the role
of fluxing agents is critical. The observation of polished and chemically etched surfaces points
out as in the samples containing nepheline-syenite, Figure 2. The amount of secondary elongat‐
ed mullite is larger than in the body prepared without nepheline-syenite. That is essentially
due to the lower viscosity of the liquid phase formed in the presence of nepheline, that besides
to favor the sintering, allows a better and easy growth of the elongated crystals [11].
Figure 2. Comparing mullite size in porcelain stoneware body prepared (a) 10 wt.% nepheline syenite and (b) without
nepheline syenite [11].
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Also, the organic materials burn from 250 ºC onward. The experiments with heavy electrical
porcelain result in explosions of body at 250 ºC that is a result of the ignition of volatiles
from the lignites in the ball clays.
Hot stage microscopy provides an advantageous data for characterizing the firing and sin‐
tering behaviors of ceramic bodies. It allows monitoring of thermal behavior of body from
room temperature to sintering steps. The application of this technique to study the sintering
of different ceramic substrates was reported by many investigators [5-7]. Hot stage micro‐
scopy allows assessing the shrinkage of ceramic body. The compact sample is made from
powder by the uniaxial compaction technique. Hot stage microscopy is standard, well-
known devices in ceramic and glaze fields. Traditionally, the instrument has found applica‐
tion mainly to assess the thermal behavior, particularly about softening and melting
temperatures of glazes, ceramics and other silicate materials. The cylindrical samples of the
powders are obtained by pressing in a die at room temperature, usually without addition of
any binder. For non-isothermal experiments the furnace of the microscope is heated to the
maximum temperature usually with constant rate. The samples are placed on a small ceram‐
ic plate with the longitudinal axis coinciding with the vertical direction. By measuring the
changes of length and diameter of the samples during the sintering process, either by taking
photographs of the sample at pre-chosen time intervals during the sintering process, or by
video recording the whole experiment, it is possible to obtain the axial and radial shrinkage.
The height and diameter of the photographed or video-recorded sample images can be
measured with a relative error, <1%, on suitable enlargement.
To clarify the ability of HSM technique, Figures 3 and 4 show HSM graphs for a typical por‐
celain stoneware body and a composition modified by 10 wt.% nepheline syenite. Listed be‐
low the images is the characteristic shape temperature. Also, the measured valves of
reference temperatures for the mentioned compositions are reported in Table 1. The tradi‐
tional single firing porcelain stoneware composition, reference body, is sintered about 20 ºC
higher than sample containing 10 wt.% nepheline syenite. The use of fluxing agent like
nepheline syenite in composition clearly shifts the sintering of ceramic body to low tempera‐
ture because of its tendency to melt and decrease the viscosity of liquid phase. It is evident
that the sintering speed of modified composition containing nepheline syenite is enhanced
and 20 ºC is enough to obtain well sintered body. The range of dimensional stability is very
high for reference composition. When 10 wt.% nepheline-syenite is added, the range of sta‐
bility drastically reduces, and a negative shrinkage, expansion, is observed. The addition of
nepheline causes the decrease in softening temperature.
Nepheline syenite
(wt. %)
Starting shrinkage Maximum Shrinkage Expansion Softening point
0.0 1120 1220 1280 1340
10.0 1100 1200 1240 1320
Table 1. The technical temperatures of porcelain stoneware compositions obtained by HSM technique.
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Figure 3. The HSM images of a typical porcelain stoneware composition.
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Figure 4. The HSM images of porcelain stoneware composition prepared with 10 wt.% nepheline syenite.
Irreversible thermal expansion curve really consists of behavior of all unfired materials in
composition. The thermal expansions of some components are well known. For example, the
α-β quartz inversion causes a sharp increase in expansion [9]. Between the 500 and 550 ºC,
dehydroxylation of the clay minerals modifies the expansion as the clay is contracted. On
the other hand, the fluxing agents like feldspars and nepheline syenite, which undergo no
transformations at this temperature range, continue to expand almost linearly. The phenom‐
ena around 600 ºC may be quite severe for some clay based ceramics such as porcelains and
porcelain stoneware bodies until the dense structure are formed. According the previously
explanations, the ceramic body begins to sinter between the 850 to 900 ºC due to expulsion
of excess silica released from metakaolin when γ-alumina spinel is crystallized. In this con‐
dition the body presents pyoplasticity. When the feldspars begin to melt at 1050 ºC [12,13],
the contraction accelerates and pyoplasticity increases remarkably.
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The dilatometric curve of a typical porcelain stoneware composition is shown in Figure 5. It
is observed that expansion increases until a maximum value about 900 ºC. The sharp in‐
crease at 571 ºC is due to α-β quartz inversion. From this temperature onward, the expan‐
sion rate gradually decreases and sintering starts at 950 ºC. From 950 ºC, the shrinkage
increases in an exponential form with temperature. The shrinkage of ceramic bodies varies
with type and content of fluxing materials because, sintering of porcelain bodies occurs
through the melting of fluxing materials. The molten phase diffuses into the pores by capil‐
lary forces, creating closed pores and shrinking the body. The viscosity of molten phase is
able to influence shrinkage and porosity of porcelain stoneware bodies drastically. From di‐
latometric curves for compositions containing 10 wt.% nepheline syenite, Figure 6, it can be
noticed that the shrinkage rate increases. When shrinkage reaches to maximum value at
1225 ºC, the open porosity of body containing nepheline syenite reaches to zero. As a result,
the pores of these bodies are closed at this temperature. The use of fluxing agents like
nepheline syenite favors the sintering behavior, allowing sintered materials with minimum
porosity. The maximum value of shrinkage, reached by the samples containing nepheline is
higher than the maximum value of composition prepared without nepheline syenite. Fur‐
thermore, it is reached in rather low temperature.
Figure 5. The dilatometeric curves of a typical porcelain stoneware composition.
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The reversible thermal expansion occurs in fired ceramics such as electrical porcelain and
porcelain stoneware due to the α-β residual quartz inversion at the glass transition tempera‐
ture in which a viscoelastic material transforms to a elastic solid in cooling stage [2]. The
glass content in different porcelains may be vary from 50 to 80 wt.% according the selected
composition. Usually porcelain stoneware body shows the inflection at 570-600 ºC but elec‐
trical porcelains may not show this inflection clearly due to increasing glass content during
firing process. It should be note that the glass phase should be annealed in the cooling to
reduce the total stress when the residual quartz inverts at 570-600 ºC. The industrial experi‐
ences clearly showed that nothing can prevent the β-α quartz inversion with its consequent
stress development in ceramic body. It is interesting to note that quartz particles as small as
1 µm produce crack in porcelain body. Therefore, there are two major sources for develop‐
ment of stress in the cooling of ceramic bodies. If there is no thermal arrest at glass transition
temperature, the glass phase will be improperly annealed and strain energy will be stored.
When β-α quartz inversion occurs at 570-600 ºC, the inversion stresses are added to the re‐
sidual glass stresses. If stresses exceed the strength of ceramic body, fracture occurs immedi‐
ately otherwise, the stresses may be large enough to cause crack growth and it may be
developed hours or even months later. Fabricating an absolutely free-stress ceramic body is
actually impossible but it is possible to manufacture reliable product by minimizing stress.
Figure 6. The dilatometeric curves of porcelain stoneware compositions prepared with 10 wt.% nepheline syenite.
In design of firing profile, the irreversible and reversible thermal expansion data should be
considered in first step and then it can be modified by DSC or DTA data. This procedure
establishes the shape of firing profile at three stages. The heating rate should be separately
determined in each section. The irreversible thermal expansion data are used in heating step
and the reversible expiation data should be used in design cooling step. Critical points on
the profile are identified by DSC or DTA data. Ceramic body can be damaged by steam
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pressure at both adsorbed water removal and dehydroxylation of clay occurring in 100 and
550 ºC, respectively. The combustion of volatiles from lignites causes crack in very large
cross section bodies. It is important that the ignition of organic materials is completed before
the ceramic bodies become impervious. Because the nature of the ceramic bodies are sub‐
stantially different in the three major section of firing profile, the heating and cooling rates
should be determined in next step. The firing profile should be determined empirically if it
is not available for a new composition. In summary, the most critical points are between 550
and 600 ºC during the heating. The pyroplastic section may be modified slightly but the ma‐
turation should be completed. The cooling profile should be adjusted separately. The ceram‐
ic body can almost be quenched from the maturing temperature to 800 ºC and then it should
be annealed until 550 ºC by considering the β-α quartz inversion.
3. Wetting and liquid migration during sintering
Wetting and surface phenomena play important role in sintering in the presence liquid
phase because the surface area of the compact powder reduces during the heating process.
Therefore, the microstructure of product is affected remarkably by surface phenomena. The
fundamental problem of sintering in the presence liquid phase is explanation of mechanisms
that reduction of energy occurs which are especially important for understanding the factors
affecting process. During the sintering process the particles weld together and pores be‐
tween them become more nearly spherical and the porosity of compact decreases simultane‐
ously. The driving force for both phenomena is due to excess surface free energy. An atom
at a free surface is bonded to fewer neighboring atoms than an atom within the particles.
Since bonding reduces the potential energy, a surface atom has extra energy, called the sur‐
face energy, which can be partially reduced by slight adjustments in the composition and
bonding between the atoms in the surface. Nevertheless, surface atoms or ions are more ac‐








where, G is the Gibb's free energy of the system. During the change in particle area, Ap, the
independent variables of pressure, P, temperature, T, and number of species, Ni, in the sys‐
tem remain constant. If the radius of pore r1 in ceramic structure is considered as shown in
Figure 7, surface tension will tend to contract the surface area and the internal volume, in‐
creasing the internal pressure by an increment ΔP. At equilibrium condition, the word of
contraction ΔPΔV is equal to the decease in surface free energy γdA.
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where ΔP and ΔV are the pressure and volume differences, respectively. In sintering process
ΔP are considered respect to atmospheric pressure.
Figure 7. The pressure difference in pore produced by surface tension.
It should be note that the radius r1 is negative when the curvature is concave. The effect of sur‐
face curvature may cause the average chemical potential of atoms in microscopic particles to be
greater than that in large particles. The atoms in a microscopic region of sharp positive curva‐
ture are of a higher chemical potential than atoms in a flat surface. In this section the interfaces
between a solid and liquid phase is considered to study sintering process. Consequently, the
surface curvature effect is that equilibrium pressure is a function of surface energy and surface
curvature. An example for processing consequence of the surface curvature effect is capillary
phenomena. Spreading liquid on solid occurs when the contact angle measured through the
liquid phase approaches zero. In the sintering in the presence liquid phase, wetting and
spreading phenomena affect the pore morphology as a result microstructure of ceramic body.
Liquid phase that wets the surface of particles will spread over the surface and concentrate in
contact region, forming necks as shown in Figure 8. The pressure difference across the curved
meniscus is negative and a compressive stress occurs in contact region. The pressure differen‐
ces across a curved meniscus can also, cause the migration of liquid phase between the pores or
migration of liquid from a saturated region to a less saturated region.
Figure 8. Liquid phase distributed on surface of spherical particles.
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As illustrated in Figure 9 liquid phase will rise in capillary spaces if it wets the surface. On
the other hand, it will be depressed if non-wetting of particle surface occurs. In this case, it is
impossible to sinter the ceramic body. This phenomena rarely observed in sintering ceramic
materials. For the fine capillary spaces, the meniscus is approximately hemispherical. At
equilibrium condition, this pressure difference will offset the hydrostatic pressure which
may rise above the meniscus external to the capillary space. The penetration of liquid into
the porous medium will be grater for a liquid lower viscosity and higher surface tension.
Finer pores produce a greater suction. An increase in temperature may reduce surface ten‐
sion/viscosity ratio and improves penetration. In sintering of ceramic bodies in the presence
liquid phase, the capillary force provides a mechanism for the cohesion, migration of liquid
in pores and rearrangement of particles. Capillary suction produces a driving force for mi‐
gration of liquid in sintering [14].
Figure 9. Wetting and non-wetting behaviors of liquid phase.
4. Vitrification and microstructural changes
The vitrification of fine ceramic products such as electrical porcelains, whitewares and por‐
celain stoneware bodies is complex since sintering occurs with reaction of materials and for‐
mation new crystalline and amorphous phases. The glassy phase coats quartz, new crystals
such as mullite and cristobalite and remained fluxing agents such as feldspars [9]. The ce‐
ramic body shrinks when metakaolin transformed into primary or secondary mullite crys‐
tals and amorphous silica between 950 and 1000 ºC. The amorphous silica liberated during
the metakaolin decomposition is highly reactive, possibly assisting eutectic melt formation
at 990 ºC. Feldspars, minerals with high alkali content, are generally used as fluxing agent in
the production of fine ceramics [12]. A eutectic melt of potassium feldspar with silica starts
at this temperature. The eutectic temperature depends on the type of feldspar. Sodium feld‐
spar forms eutectic melt at 1050 ºC. The lower liquid formation temperature in potassium
feldspar system is beneficial for reducing the ceramic body sintering temperature. The pres‐
ence of albite in potassium feldspar can reduce the liquid phase formation. Quartz in contact
with the feldspar liquid dissolves slowly above 1250 ºC. The rate of mullite formation and
quartz dissolving is very dependent on particle size of materials and type of impurities and
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secondary fluxing agents. The particular important factors that influence the rate of vitrifica‐
tion are viscosity, surface tension and particle size distribution.
The viscosity of  the liquid phase,  influenced by the kind of  the fluxing agent used and
the sintering cycle, is able to drastic affect the microstructure of fired products, in partic‐
ular to change the amount, morphology and size of the porosity [11]. Nepheline, even if
it  enters in the formulation of different ceramic products,  such as sanitary ware,  electri‐
cal porcelain and china ware bodies, reduces the firing temperature and increases the al‐
kali  level  in  the  glass  phase  [13].  Nepheline  is  a  major  component  of  several  igneous
rocks called nepheline-syenite, nepheline-monzonite and nephelinite. The basic difference
among these rock types is the amount and type of feldspars present.  In nepheline-syen‐
ite, feldspars are the most important phase. In the nepheline-monzonite rocks both potas‐
sium feldspars  and  plagioclase  are  present  in  nearly  equal  proportions.  In  nephelinites
there is  little feldspar present and the rock is  mostly nepheline.  Nepheline is  a member
of the feldspathoid group of silicates, minerals whose chemistry is close to that of the al‐
kali  feldspars,  but  they are  poorer  in  silica.  About  the  use  of  nepheline and nepheline-
syenite for the production of  high temperature ceramic products,  such as glasses,  glass-
ceramics or ceramics, it is important to make some distinctions. Nepheline should not be
confused with nepheline-syenite, which is actually a mixture of about 55 wt.% albite, 25
wt.% potassium-feldspar  and only about  20  wt.% nepheline.  The chemical  and physical
properties  are  consequently  very different.  The melting point  of  pure  nepheline  is  very
high, 1520 ºC [13], compared to that of the other feldspars: 1118 ºC for sodium-feldspar,
1150  ºC  for  potassium-feldspar  and,  1223  ºC  for  nepheline-syenite  [12].  Compared  to
pure feldspars, the advantages coming from the use of nepheline-syenite are: (i) the con‐
tent  of  potassium and  sodium is  higher,  K2O +  Na2O is  about  9–12  wt.% in  feldspars,
whereas it  is larger than 14 wt.%, in nepheline syenite,  and (ii)  the melting temperature
is  generally lower than that  of  potassium-feldspar,  which always contains other  phases,
such as  quartz,  which  shift  the  melting  point  to  higher  temperatures.  In  the  glass  pro‐
duction, the use of nepheline-syenite provides the necessary additives of alumina and al‐
kali  for  the  glass  formulation,  and it  is  low in  silica  and does  not  contain  free  quartz.
Furthermore,  due  to  the  lower  melting  point  of  nepheline-syenite,  in  comparison  with
potassium feldspar, the glass batches obtained have lower viscosity and easier workabili‐
ty.  The  content  of  Al2O3  is  high  and  the  content  of  SiO2  is  lower  in  nepheline-syenite
with respect  to  feldspars  (considering that  in feldspar Al2O3/  SiO2  is  about  0.2,  whereas
in nepheline Al2O3/SiO2 is 0.5).
When higher amounts of nepheline-syenite are added, the range of dimensional stability
drastically  reduces,  and  a  negative  shrinkage,  expansion,  is  observed  [11].  The  fracture
surface of a typical porcelain stoneware body is presented in Figure 10(a). It is character‐
ized by the presence of round pores, essentially closed porosity, whose sizes are signifi‐
cantly larger than the ones present in the nepheline-syenite modified composition, Figure
10(b).  Spherical  pores  indicate  a  mature  microstructure,  where  a  sort  of  equilibrium  is
reached, from the equilibrium between the pressure of gas and the viscosity of the liquid
phase, spherical pore results.
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the sintering cycle, is able to drastic affect the microstructure of fired products, in partic‐
ular to change the amount, morphology and size of the porosity [11]. Nepheline, even if
it  enters in the formulation of different ceramic products,  such as sanitary ware,  electri‐
cal porcelain and china ware bodies, reduces the firing temperature and increases the al‐
kali  level  in  the  glass  phase  [13].  Nepheline  is  a  major  component  of  several  igneous
rocks called nepheline-syenite, nepheline-monzonite and nephelinite. The basic difference
among these rock types is the amount and type of feldspars present.  In nepheline-syen‐
ite, feldspars are the most important phase. In the nepheline-monzonite rocks both potas‐
sium feldspars  and  plagioclase  are  present  in  nearly  equal  proportions.  In  nephelinites
there is  little feldspar present and the rock is  mostly nepheline.  Nepheline is  a member
of the feldspathoid group of silicates, minerals whose chemistry is close to that of the al‐
kali  feldspars,  but  they are  poorer  in  silica.  About  the  use  of  nepheline and nepheline-
syenite for the production of  high temperature ceramic products,  such as glasses,  glass-
ceramics or ceramics, it is important to make some distinctions. Nepheline should not be
confused with nepheline-syenite, which is actually a mixture of about 55 wt.% albite, 25
wt.% potassium-feldspar  and only about  20  wt.% nepheline.  The chemical  and physical
properties  are  consequently  very different.  The melting point  of  pure  nepheline  is  very
high, 1520 ºC [13], compared to that of the other feldspars: 1118 ºC for sodium-feldspar,
1150  ºC  for  potassium-feldspar  and,  1223  ºC  for  nepheline-syenite  [12].  Compared  to
pure feldspars, the advantages coming from the use of nepheline-syenite are: (i) the con‐
tent  of  potassium and  sodium is  higher,  K2O +  Na2O is  about  9–12  wt.% in  feldspars,
whereas it  is larger than 14 wt.%, in nepheline syenite,  and (ii)  the melting temperature
is  generally lower than that  of  potassium-feldspar,  which always contains other  phases,
such as  quartz,  which  shift  the  melting  point  to  higher  temperatures.  In  the  glass  pro‐
duction, the use of nepheline-syenite provides the necessary additives of alumina and al‐
kali  for  the  glass  formulation,  and it  is  low in  silica  and does  not  contain  free  quartz.
Furthermore,  due  to  the  lower  melting  point  of  nepheline-syenite,  in  comparison  with
potassium feldspar, the glass batches obtained have lower viscosity and easier workabili‐
ty.  The  content  of  Al2O3  is  high  and  the  content  of  SiO2  is  lower  in  nepheline-syenite
with respect  to  feldspars  (considering that  in feldspar Al2O3/  SiO2  is  about  0.2,  whereas
in nepheline Al2O3/SiO2 is 0.5).
When higher amounts of nepheline-syenite are added, the range of dimensional stability
drastically  reduces,  and  a  negative  shrinkage,  expansion,  is  observed  [11].  The  fracture
surface of a typical porcelain stoneware body is presented in Figure 10(a). It is character‐
ized by the presence of round pores, essentially closed porosity, whose sizes are signifi‐
cantly larger than the ones present in the nepheline-syenite modified composition, Figure
10(b).  Spherical  pores  indicate  a  mature  microstructure,  where  a  sort  of  equilibrium  is
reached, from the equilibrium between the pressure of gas and the viscosity of the liquid
phase, spherical pore results.
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The microstructures  of  bodies  prepared with high amounts  of  nepheline syenite  do not
present  substantial  differences  among  them  [11].  The  presence  of  nepheline-syenite  re‐
sults in fired bodies with a larger degree of vitrification. Even 5 wt.% of nepheline-syen‐
ite  produces  nearly  10  wt.%  more  glass  than  the  body  prepared  without  nepheline
syenite.  The  glass  fraction linearly  increases  with  the  amount  of  nepheline  syenite.  The
crystalline phases, such as quartz and mullite, which are unstable in the alkali oversatu‐
rated glass matrix,  decompose more easily.  The fraction of albite linearly increases with
the  addition  of  nepheline-syenite.  The  replacement  of  the  potassium  feldspathic  sand
with nepheline-syenite strongly favors the sintering behavior of material. Even only a re‐
placement of  5 wt.% of nepheline syenite,  causes a drastic  decrease of  the soaking time
necessary to reach a minimum total porosity.
The lower viscosity of the liquid phase, that decreases with the increase of nepheline-syen‐
ite, favors the shrinkage, but also the growing of rather large closed pores, that, trapped in
the glassy matrix during cooling, cause the observed expansion, for the longer soaking
times. The presence of the nepheline-syenite in the body mix strongly favors the sintering
behavior to obtain sintered materials with a minimum porosity. The fired modified compo‐
sitions show homogeneous microstructures, characterized by smaller pores, with a narrow
pore size distribution. The use of a 5 wt.% of nepheline-syenite allows reaching the best re‐
sults. Higher percentages reduce, in an unacceptable way, the range of dimensional stability.
For clay based ceramics the surface tension is not changed much by composition [15,16].
However, surface tension is not a variable that normally causes difficulty during the design
of composition or control of sintering process.
Figure 10. SEM micrograph of the fracture surface of the porcelain stoneware composition prepared (a) without
nepheline syenite and (b) 5 wt.% nepheline syenite.
The particle size has a strong effect on the sintering rate and should be controlled if vitrifica‐
tion process is going to be controlled. In changing from 10 to 1 µm particle, the rate of sinter‐
ing is increases by a factor of 10 [2]. When the porcelain stoneware composition - milled at
longer time, the compact microstructure is formed with very few and narrows pores, Figure
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11. The increase of the milling time, allowed obtaining a finer powder. As a consequence,
more reactive particles are produced, that allows producing a very compact and homogene‐
ous material.
5. Creeping flow
For liquid phase, the physical property that characterizes the resistance to flow is viscosity.
Laminar flow is orderly type of flow that is usually observed, in contrast to turbulent flow.





where NRe is Reynolds number, ρ is fluid density, u is velocity, l is characteristic length such
as diameter and η is viscosity of fluid. Experimental observations show that there are actual‐
ly three flow regimes and these may be classified according to the Reynolds number for the
flow. The three flow regimes are: (i) laminar flow with negligible rippling, NRe<20, (ii) lami‐
nar flow with pronounced rippling, 20< NRe<1500, and (iii) turbulent flow with NRe>1500.
For the Reynolds number less than 20, the ripples are very long. This number is the desired
method that provides the flow regime. When is less than 0.1, NRe<<0.1, and the flow is car‐
ried out slowly, this type of flow is referred as creeping flow or Stokes flow. If the flow of
incompressible fluid into the spherical pore is considered, such as viscous flow sintering, the
fluid approaches the center of pore diametrically. In this case, the creeping flow means that
Reynolds number is less than 0.1.
Figure 11. SEM micrograph of the fracture surface of a typical porcelain stoneware composition containing 10 wt.%
nepheline syenite milled (a) 8 h (b) 12 h.
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behavior to obtain sintered materials with a minimum porosity. The fired modified compo‐
sitions show homogeneous microstructures, characterized by smaller pores, with a narrow
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ous material.
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Laminar flow is orderly type of flow that is usually observed, in contrast to turbulent flow.
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method that provides the flow regime. When is less than 0.1, NRe<<0.1, and the flow is car‐
ried out slowly, this type of flow is referred as creeping flow or Stokes flow. If the flow of
incompressible fluid into the spherical pore is considered, such as viscous flow sintering, the
fluid approaches the center of pore diametrically. In this case, the creeping flow means that
Reynolds number is less than 0.1.
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6. Continuity and motion equations
In order to calculate the flow characteristics such as average velocity and force, the velocity
distribution should be determined by the shell momentum balance method. It is tedious to
set up a shell balance for each flow. A general mass and momentum balances that can be
applied to each flow are needed, including cases with non-rectilinear motion. These are the
main points of this section. The continuity and motion equations that are related to mass
and momentum balances respectively, can be used as a starting point for studying the vis‐
cous flow. The equation of continuity is developed by making a mass balance over a small
element of volume through which the fluid is flowing. Then the desired partial differential
equation is generated. The following equation describes the time rate of fluid density at a







where t is time. This equation shows that the rate of increase of mass per unit volume is
equal to net rate of mass addition per unit volume by convection. A very important special
form of continuity equation is that for an incompressible fluid. For example, the following













Of course, no fluid is truly incompressible, but the assumption of constant density in viscous
flow sintering results in considerable simplification.
The equation of motion is developed by making a momentum balance over a small element
of volume and letting the volume element become infinitesimally small. Again a partial dif‐
ferential equation is generated. The equation of motion can be used along with continuity
equation to solve many more complicated flow problems. It is a key equation in transport
phenomena. The following motion equation was obtained by momentum balance:
gρu .ρuu .p .τ ft
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where  ∇.p  is  pressure  gradient,  ∇.τ  is  divergence  of  shear  stress  and  fg  is  external
force  acting on fluid per  unit  volume.  For  incompressible  fluid with Newtonian behav‐
ior  the  motion  equation  can  be  written  as  very  famous  Navier-Stokes  equation.  If  the
acceleration and external  force terms in this equation are neglected,  the following equa‐
tion is obtained:
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which is called the creeping or Stokes flow equation.
7. Velocity distribution in spherical systems
The sintering in  the  presence  of  liquid phase  is  complex process,  because a  lot  of  phe‐
nomena simultaneously occur during sintering.  Raw materials  react  and new crystalline
phases are formed. The melting process of raw material  produces a liquid phase whose
viscosity decreases by increasing the sintering temperature so that it  can enter the pores
and eliminate  them.  Some crystals  such as  quartz  tend to  dissolve  in  the  liquid  phase.
A characteristic  shrinkage is  observed when the  metakaolin  formed from the  clay  min‐
erals at  high temperature transforms into needle-shaped mullite crystals  in the presence
silica  glassy  phase  between  950  and  1000  °C.  A  liquid  phase  forms  between  950  and
1150 °C when the  fluxing agents  such as  feldspars  are  presented in  contact  with  silica,
eutectic  point  [1].  The above considerations clearly illustrate  that  it  is  impossible  to  de‐
velop a  theoretical  kinetic  model  only on the basis  of  the  chemical  reactions that  occur
during sintering.  Very few models  are  developed for  the case in which the solid phase
partially reacts with the liquid phase but theoretical  models are developed by consider‐
ing  the  pore  size  and the  shrinkage  variations.  In  those  models  [19,20]  some geometri‐
cal  assumptions  are  exaggerated  respect  to  microstructure  of  compact  body.  Therefore,
the  results  of  these  equations  have  an  approximate  validity  regard  to  the  influence  of
kinetic  parameters  such  as  temperature  and  soaking  time  on  sintering  rate.  In  the  sin‐
tering  in  the  presence  liquid  phase,  the  viscosity  changes  continuously  by  increasing
soaking time due to the formation of  new crystalline phases and melting of  some crys‐
tals  such  as  quartz.  The  average  pore  size  increases  progressively  and  kinetic  models
were  proposed  to  describe  the  isothermal  sintering  based  on  the  average  pore  size
[21-23].  In this  section a kinetic  model  is  developed to describe the changes in porosity
of compact body during the soaking time, using the Navier-Stokes equation. The sinter‐
ing  process  is  due  to  the  liquid  phase  diffusion,  by  capillary  pressure,  in  the  intercon‐
nected pores.
The  type  of  pores  in  compact  materials  is  divided to  open and closed pores.  An open
pore is  cavity or  channel  that  communicates with surface of  body.  Closed pores are lo‐
cated inside of the compact body and are completely isolated from the external surface.
The summation of open and closed porosity gives the value of total porosity. The open,
total  and  closed  porosity  of  a  special  ceramic  body  versus  soaking  time  are  shown  in
Figure 12.  With increasing soaking time both open and total  porosity  decrease progres‐
sively.  The  closed  porosity,  however,  increases  with  rising  soaking  time.  The  trends  of
open  and  total  porosity  at  lower  soaking  times  are  very  similar,  indicating  that  all
pores  are  open.  As  the  soaking  time  increases,  the  value  of  closed  porosity  increases,
reaching a  point  where  all  pores  are  closed.  Scanning electron microscopy observations
of fracture surfaces of the bodies show a microstructure which lacks homogeneity, char‐
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6. Continuity and motion equations
In order to calculate the flow characteristics such as average velocity and force, the velocity
distribution should be determined by the shell momentum balance method. It is tedious to
set up a shell balance for each flow. A general mass and momentum balances that can be
applied to each flow are needed, including cases with non-rectilinear motion. These are the
main points of this section. The continuity and motion equations that are related to mass
and momentum balances respectively, can be used as a starting point for studying the vis‐
cous flow. The equation of continuity is developed by making a mass balance over a small
element of volume through which the fluid is flowing. Then the desired partial differential
equation is generated. The following equation describes the time rate of fluid density at a
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equal to net rate of mass addition per unit volume by convection. A very important special
form of continuity equation is that for an incompressible fluid. For example, the following













Of course, no fluid is truly incompressible, but the assumption of constant density in viscous
flow sintering results in considerable simplification.
The equation of motion is developed by making a momentum balance over a small element
of volume and letting the volume element become infinitesimally small. Again a partial dif‐
ferential equation is generated. The equation of motion can be used along with continuity
equation to solve many more complicated flow problems. It is a key equation in transport
phenomena. The following motion equation was obtained by momentum balance:
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where  ∇.p  is  pressure  gradient,  ∇.τ  is  divergence  of  shear  stress  and  fg  is  external
force  acting on fluid per  unit  volume.  For  incompressible  fluid with Newtonian behav‐
ior  the  motion  equation  can  be  written  as  very  famous  Navier-Stokes  equation.  If  the
acceleration and external  force terms in this equation are neglected,  the following equa‐
tion is obtained:
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which is called the creeping or Stokes flow equation.
7. Velocity distribution in spherical systems
The sintering in  the  presence  of  liquid phase  is  complex process,  because a  lot  of  phe‐
nomena simultaneously occur during sintering.  Raw materials  react  and new crystalline
phases are formed. The melting process of raw material  produces a liquid phase whose
viscosity decreases by increasing the sintering temperature so that it  can enter the pores
and eliminate  them.  Some crystals  such as  quartz  tend to  dissolve  in  the  liquid  phase.
A characteristic  shrinkage is  observed when the  metakaolin  formed from the  clay  min‐
erals at  high temperature transforms into needle-shaped mullite crystals  in the presence
silica  glassy  phase  between  950  and  1000  °C.  A  liquid  phase  forms  between  950  and
1150 °C when the  fluxing agents  such as  feldspars  are  presented in  contact  with  silica,
eutectic  point  [1].  The above considerations clearly illustrate  that  it  is  impossible  to  de‐
velop a  theoretical  kinetic  model  only on the basis  of  the  chemical  reactions that  occur
during sintering.  Very few models  are  developed for  the case in which the solid phase
partially reacts with the liquid phase but theoretical  models are developed by consider‐
ing  the  pore  size  and the  shrinkage  variations.  In  those  models  [19,20]  some geometri‐
cal  assumptions  are  exaggerated  respect  to  microstructure  of  compact  body.  Therefore,
the  results  of  these  equations  have  an  approximate  validity  regard  to  the  influence  of
kinetic  parameters  such  as  temperature  and  soaking  time  on  sintering  rate.  In  the  sin‐
tering  in  the  presence  liquid  phase,  the  viscosity  changes  continuously  by  increasing
soaking time due to the formation of  new crystalline phases and melting of  some crys‐
tals  such  as  quartz.  The  average  pore  size  increases  progressively  and  kinetic  models
were  proposed  to  describe  the  isothermal  sintering  based  on  the  average  pore  size
[21-23].  In this  section a kinetic  model  is  developed to describe the changes in porosity
of compact body during the soaking time, using the Navier-Stokes equation. The sinter‐
ing  process  is  due  to  the  liquid  phase  diffusion,  by  capillary  pressure,  in  the  intercon‐
nected pores.
The  type  of  pores  in  compact  materials  is  divided to  open and closed pores.  An open
pore is  cavity or  channel  that  communicates with surface of  body.  Closed pores are lo‐
cated inside of the compact body and are completely isolated from the external surface.
The summation of open and closed porosity gives the value of total porosity. The open,
total  and  closed  porosity  of  a  special  ceramic  body  versus  soaking  time  are  shown  in
Figure 12.  With increasing soaking time both open and total  porosity  decrease progres‐
sively.  The  closed  porosity,  however,  increases  with  rising  soaking  time.  The  trends  of
open  and  total  porosity  at  lower  soaking  times  are  very  similar,  indicating  that  all
pores  are  open.  As  the  soaking  time  increases,  the  value  of  closed  porosity  increases,
reaching a  point  where  all  pores  are  closed.  Scanning electron microscopy observations
of fracture surfaces of the bodies show a microstructure which lacks homogeneity, char‐
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acterized  by  some closed  pores.  Longer  soaking  times  favor  the  development  of  larger
amounts  of  glassy  phase,  so  the  sample  becomes  more  compact  and  interconnected
pores tends to disappear,  in agreement with minimum porosity.  At the sintering condi‐
tions  able  to  reach  the  minimum  porosity,  the  pores  are  generally  spherical  and  they
are  small.  It  is  interesting  to  note  that  a  too  large  increase  in  soaking  time  causes  ab‐
normal  growth  of  the  closed  pores  which  in  turn,  influences  mechanical  strength.  In‐
deed, the total  porosity is  affected by two factors.  (i)  The capillary pressure,  due to the
surface  tension  of  liquid  phase,  tends  to  reduce  the  pore  size,  which  in  turn,  reduces
the open and total porosity. (ii)  The pressure of gas inside the closed pores tends to ex‐
pand the pores,  when the minimum porosity  is  reached,  therefore,  the total  and closed
porosity increase simultaneously [16].
Figure 12. The variations of open, total and closed porosity as a function of soaking time for a typical porcelain stone‐
ware composition.
In the sintering in the presence liquid phase two types of pressure act on the pores during
the process. One of those is the capillary pressure, Pc, that is produced in the fine pores. The
other one is the gas pressure inside the pores, Pg. The capillary pressure and gas pressure
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work in opposite directions. Therefore, the total pressure, ΔP, is the difference between the
two pressures, ΔP=Pc-Pg. The general capillary pressure for spherical pores is given by equa‐
tion 6 where r1 is the average pore radius and γ is the surface free energy. In the first and
intermediate stages of the sintering process the effect of gas pressure inside the pores on the
sintering rate is assumed to be negligible as compared with the capillary pressure. In the fi‐
nal sintering stage, where the pores are almost closed, the pressure of the gas inside the
pores becomes high and influences the sintering rate. The minimum porosity is where the
gas pressure becomes equal to the capillary pressure. After this point, the total and closed
porosity both increase and the pieces expand with increasing soaking time. Since the sinter‐
ing process is finished when minimum porosity is reached, in this section the change in total
porosity is investigated until this point. In developing the model for this phenomenon we
considered an average radius, r1, for a total of pores which are surrounded by a spherical
shell and an equal amount of real incompressible material with radius of r2 [24].
Figure 13. The diffusion of materials into spherical pore.
When an external or a negative internal pressure is applied, the flow of the material inside
the shell decreases the pore volume by radial movement. Also, it is assumed that the varia‐
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If we assume Newtonian behavior and creeping conditions for the system, the mass and mo‐
mentum balance can be written in spherical coordinates according to equations 9 and 11:
Mass balance:
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sintering rate is assumed to be negligible as compared with the capillary pressure. In the fi‐
nal sintering stage, where the pores are almost closed, the pressure of the gas inside the
pores becomes high and influences the sintering rate. The minimum porosity is where the
gas pressure becomes equal to the capillary pressure. After this point, the total and closed
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shell and an equal amount of real incompressible material with radius of r2 [24].
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where ur and u1 are the velocity of real material at radiuses r and r1, respectively. Substitut‐
ing equation 13 into equation 14 and integrating between capillary and atmospheric pres‐
sures, we obtain the flow velocity at the boundary between the pore and real material, u1, as















The equation 16 shows that the velocity of pore and material boundary decreases as sinter‐
ing reach minimum total porosity.
8. Porosity variation in isothermal viscous flow sintering
In the sintering process the compact powder is usually held at constant temperature and the
porosity is measured as a function of soaking time. The volume of real material approxi‐
mately remains constant and the total number of pores does not change, if they are all equal
in size but, the pores really are not equal in size. The small pores disappear more rapidly
than the larger ones, so that the total number of pores decreases as soaking time increases
[22]. Therefore, it is important to evaluate the number of pores per unit volume of real mate‐
rial, n, to find the relationship between the different parameters. In this case the relationship
between pore radius and porosity is given by:
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The densification process of compact body is usually carried out at constant temperature in
experimental scale and total porosity is measured as a function of soaking time. The ob‐
tained results by Orts et al. showed that the pores with small dimensions are eliminated
during sintering process and the average pore size increases continuously [22]. Theoretical‐
ly, it is assumed that total number of the pores per unit of real volume of material do not
change if their dimensions are equal during sintering process. Also, the average volume is
considered for all of the pores. If the equation 18 is integrated, it is possible to calculate the















where a=(9γ/η)n1/3(4π/3)1/3. The left part of above equation can be easily evaluated by substi‐
tuting x3 = ε/(1−ε) and the result is summarized as a follows:
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F(x0) is the value of F(x) if the sintering process is started at ε = ε0. The effective viscosity of
the system largely depends on the amount and viscosity of liquid phase formed from the
quartz and fluxing agents present in the mix. Consequently, evaluation of the effective vis‐
cosity is very complex. According to Sack and Vora [25] the effective viscosity of a system
non-linearly varies with time. Also, it was shown that the average pore size of compact body
changes non-linearly in isothermal conditions [22]. The surface tension is assumed to be con‐
stant [15,16]. Therefore, the generalized form of equation 20, which is applicable for all the
materials that are sintered in the presence of liquid phase, can be expressed by following
equation:
( ) ( ) b0F x F x at- = (22)
The parameters of equation 22 can be obtained by non-linear regression method. The con‐
stant of a must be related to surface tension/viscosity ratio of system and total number of the
pores per unit volume of real material.
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The total porosity–soaking time plots shown in Figure 14 refer the sintering of a special por‐
celain stoneware composition at three firing temperatures. All curves are identical in nature
and are characterized by exponential behavior. This kind of plot is generally observed in
sintering in the presence of liquid phase. The observed exponential behavior can be attribut‐
ed to diffusing liquid phase formed at high temperatures. The total porosity decreases as
soaking time rises, expect for temperature and soaking times that body undergoes over fir‐
ing followed by expansion of air inside the occluded pores. The decrease in total porosity is
result of diffusing liquid phase into the open pores due to capillary pressure. As the sinter‐
ing progresses, the closed pores grow and open pores are transformed into the closed pores.
Finally, the total porosity increases due to expansion of air into the closed pores, leading to
an expansion in body dimensions. It is obvious that there is a clear increase in densification
rate with increase in temperature [24].
Figure 14. The variations of total porosity as a function of soaking time for a typical porcelain stoneware composition
sintered at three different temperatures [26].
In order to obtain the parameters of equation 22 and thereby to calculate the total porosity
for each body composition, the modified model is used to correlate total porosity-soaking
time data. This equation is significantly complex model and depicts structural changes tak‐
ing place in the pores of body during sintering process. Equation 22 also is used for estimat‐
ing exponential behavior of total porosity-soaking time data. Since the sintering of body
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occurs by diffusing liquid phase and takes place by capillary forces, application of this mod‐
el is justified. Model parameter, a, is related to kinetic rate constant and depends on temper‐
ature. Parameter b is related to physical changes occurring in ceramic body matrix. This
parameter is very important since its value determines the total porosity characteristics.
Thus for b=1, the total porosity changes follows homogenous first order kinetic. For b<1 a
exponential behavior is guaranteed. The model given by equation 22 is a general one and is
applicable to all temperatures and compositions. A non-linear plot of F(x)−F(x0) versus t will
give the values of a and b [26]. The total porosity–soaking time data fit the model very nice‐
ly. From the parameters of the non-linear correlations, the constants of a and b are easily cal‐
culated. By use of the constant parameters the rate constant is computed in each
temperature. For example, the values of a and b are tabulated in Table 2 for a typical porce‐
lain stoneware body and compositions containing different amounts of nepheline syenite.
The value of b virtually remains constant for each composition whilst the parameter a in‐
creases considerably as sintering temperature rises.
9. Kinetics of viscous flow sintering
If the values of a are plotted versus the inverse of temperature on semi-logarithm scale ac‐
cording to equation 23, the plots fit straight lines well, which indicate that the variation of a,








where a0 and Q are the constant parameters. Table 3 details the values of these parameters.
Since sintering process takes place in the presence of liquid phase, the rate of densification
defined in term of rate constant, k(ε), varies continuously with soaking time due to continu‐
ous structural changes in pores of ceramic body. The densification rate can be expressed as
following equation:
( )dε kε εdt- = (24)
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k(ε) can be calculated at each total porosity, for example in minimum total porosity. Arrhe‐
nius plots can be applied for different compositions according the following equation:
k(ε)=k0exp(− EaRT ) (26)

















Table 2. The constant values of equation 22 for a typical and modified porcelain stoneware compositions [26].





Table 3. The parameters of equation 26 for a typical and modified porcelain stoneware compositions [26].
where Ea is activation energy, k0 is the frequency factor and R is the constant of ideal gas.
The values of kinetic parameters are presented in Table 4. Also, the values of activation en‐
ergy special compositions are shown in Figure 15 at three values of total porosity as a func‐
tion of nepheline syenite content. This range of porosity is considered because it covers all of
the minimum porosity values for special compositions. The value of activation energy ap‐
proximately remains constant for each composition in the domain of porosity. The value of
this parameter increases, reaching to maximum value in the presence 5.0 wt.% of nepheline
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syenite. This phenomenon indicates that the mechanism of pore changes in ceramic struc‐
ture is different in the presence mentioned amounts of nepheline syenite.
The total porosity changes involve typically with surface tension/viscosity ratio of liquid
phase  that  increases  as  nepheline  content  reaches  to  5.0  wt.% in  body composition.  As
the amount of nepheline syenite rises in body composition this ratio falls down because
of dissolving quartz and mullite crystals in melted phase [11]. The surface tension/viscos‐
ity ratio of liquid phase grows and reaches maximum value in the presence of 5.0 wt.%
nepheline  syenite,  Figure  16  [16].  The  increase  in  surface  tension/viscosity  ratio  acceler‐
ates the removal rate of porosity but the more increase in nepheline content cannot posi‐
tively  increase  the  surface  tension/viscosity  ratio.  Therefore,  the  increment  of  nepheline
syenite  content  in  body  composition  has  negligible  role  on  densification  rate  of  body.
The trends of these changes in kinetic parameters show an overall positive effect on den‐
sification  rate  and as  a  result,  total  porosity  decreases  considerably  in  the  presence  5.0
wt.% nepheline syenite. The addition of nepheline syenite in porcelain stoneware compo‐
sition results  an increase in activation energy and frequency factor for composition pre‐
pared  with  5  wt.%  nepheline  syenite.  Finally,  the  variations  of  kinetic  parameters
improve the densification rate in the presence of 5.0 wt.% nepheline syenite. The densifi‐
cation  of  a  porcelain  stoneware  body  is  governed  by  the  viscosity  of  the  liquid  phase
formed  at  high  temperature  which  is  controlled  by  the  Na2O+K2O  content.  The
Na2O/K2O  ratio  is  also  a  controllable  factor  on  viscosity  of  liquid  glassy  phase.  In  the
compositions  modified by  nepheline  syenite,  the  bodies  contain  more  Na2O with  lower
amount  of  K2O and SiO2.  Although,  potassium oxide  leads  to  a  liquid  phase  with  less
viscosity compared to sodium oxide but,  increasing Na2O+K2O content  and low content
of silica in modified compositions are compensated this negative effect.  These variations
bring about  a  lower viscosity  of  liquid phase in  materials  containing nepheline syenite.
Fluxing  agent  like  nepheline  syenite  should  help  in  enhancing  the  densification  rate  of
ceramic bodies  if  melted phase viscosity  is  reduced by addition fluxing agent.  The rate
constant is improved in the presence 5.0 wt.% nepheline syenite. The addition of nephe‐
line  syenite  content  more  than 5.0  wt.% has  negligible  role  in  densification rate.  There‐
fore, the viscous melted phase is not able to diffuse into the pores by capillary pressure
since viscosity of  liquid phase is  not  effectively influenced by nepheline syenite content
especially at low sintering temperature.
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k(ε) can be calculated at each total porosity, for example in minimum total porosity. Arrhe‐
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Figure 15.  The variation of  activation energy as  a  function of  nepheline syenite  content  at  three different  total
porosity [26].
10. Role of particle size distribution on sintering
As previously discussed in section 4, the particle size distribution of composition can effec‐
tively influence sintering process. For example - if the composition containing 10 wt.%
nepheline syenite milled during 8 and 12 h is considered, Figure 11, the kinetic parameters
of equations 23 and 26 are summarized in Tables 5 and 6, respectively. The values of activa‐
tion energy this composition show that the increase in milling time changes the activation
energy values considerably, indicating that the mechanism of sintering in these particular
cases are different due to changes in surface tension/viscosity ratio. An increase in the spe‐
cific surface area of particles is sufficient to increase the sintering rate. The particle size dis‐
tribution of raw materials is more important factor in densification rate and plays a
beneficial role on specific surface area of materials to absorb energy. This is evident from the
fact that the value of frequency factor which is the function of specific surface area is more in
the composition milled for 12 h. The increase in milling time ensures a higher surface area to
improve the densification rate.
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Figure 16. The variations of surface tension/viscosity ratio of liquid phase and melting point of glassy phase of porce‐
lain stoneware body with nepheline syenite content [16].
Milling time (h) a0 Q (K)
8 2.9×1015 58871
12 7.0×1017 66623
Table 5. The parameters of equation 23 for a porcelain stoneware composition containing 10 wt.% nepheline syenite
milled at different time [26].
Milling time (h) k0 (min-1) Ea (kJ/mol)
8 1.8×1019 71.7
12 1.2×1025 91.9
Table 6. The kinetic parameters of Arrhenius equation for a porcelain stoneware composition containing 10 wt.%
nepheline syenite milled at different time [26].
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After substation equation 23 into equation 22, the following equation is developed to relate





where topt is the optimum soaking time to achieve minimum value of total porosity and A, B
are the model constants that are reported in Table 7 for mentioned compositions. The validi‐
ty of this model for obtaining optimum soaking time in other temperatures for a typical por‐
celain stoneware composition is summarized in Table 8. The agreement between
experimental data and model predictions is again excellent [26].
Nepheline syenite (wt. %) Milling time (h) A (h) B(K-1)
0.0 8 -4444.6 697.7
5.0 8 -2858.8 442.6
10.0 8 -1198.0 187.7
15.5 8 -1923.1 297.9
10.0 12 -1912.6 295.6
Table 7. The parameters of equation 27 for a typical and modified porcelain stoneware compositions [26].
Soaking time (min)
1230 ºC 1240 ºC 1250 ºC




Table 8. Experimental and calculated values of total porosity for a typical porcelain stoneware composition
corresponding to minimum value of 3.51 % [26].
11. Conclusions
Because of the complex interplay between the ceramic materials and the kinetics of sintering,
the viscous flow represents some of most complicated systems. Due to importance of liquid
phase motion, momentum balance is required to develop fundamental equation for under‐
standing sintering. Major challenges are the development of kinetic model and improvement
of viscous flow sintering theory. The liquid phase diffusion may produce unsatisfied micro‐
structure. The sintering behavior of ceramic materials is affected by surface tension/viscosity
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ratio. The surface tension is not altered by material composition in silicate systems such as por‐
celain and porcelain stoneware bodies. Surface wetting of liquid phase produces capillary phe‐
nomena in porous ceramic systems. In this chapter a complicated model was presented for
studying viscous flow sintering. For achieve an acceptable firing profile the relation between
soaking time and temperature should be determined. Since the surface tension/viscosity ratio
controls total porosity during the sintering, increasing fluxing oxides enhances the removal
rate of total porosity. A modified kinetic model was proposed to describe the variation of total
porosity during the isothermal sintering with temperature and soaking time. Also, the value of
frequency factor which is function of specific surface area, increases as the composition is pre‐
pared at high milling time. The proposed model can be used for the bodies that are sintered in
the presence of melted phase to achieve minimum porosity at each temperature. It is possible to
estimate the proper soaking time to obtain minimum total porosity at a given firing tempera‐
ture. The data of theoretical porosity are very similar to the experimental one. In summary, the
alkali oxides accelerate the sintering process by reducing viscosity of liquid phase. In effect at
constant temperature the soaking time is reduced by increasing temperature.
Nomenclature
constant parameter (s) A
particle area (m2) Ap
constant parameter a
constant parameter a0
constant parameter (K) B
constant parameter b
activation energy (kJ/mol) Ea
porosity function F(x)
value of F(x) for ε= ε0 F(x0)
external force per unit volume (N/m3) fg
Gibb's free energy (kJ/mol) G
rate constant (s-1) k(ε)
frequency factor (s-1) k0
characteristic length (m) l
number of species Ni
Reynolds number NRe
number of pores per unit volume of real material n
pressure (Pa) P
capillary pressure (Pa) Pc
gas pressure (Pa) Pg
pressure difference (Pa) ΔP
constant parameter (K) Q
constant of ideal gas (kJ/mol. K) R
average radius of pore (m) r1
average radius of material (m) r2
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After substation equation 23 into equation 22, the following equation is developed to relate
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standing sintering. Major challenges are the development of kinetic model and improvement
of viscous flow sintering theory. The liquid phase diffusion may produce unsatisfied micro‐
structure. The sintering behavior of ceramic materials is affected by surface tension/viscosity
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ratio. The surface tension is not altered by material composition in silicate systems such as por‐
celain and porcelain stoneware bodies. Surface wetting of liquid phase produces capillary phe‐
nomena in porous ceramic systems. In this chapter a complicated model was presented for
studying viscous flow sintering. For achieve an acceptable firing profile the relation between
soaking time and temperature should be determined. Since the surface tension/viscosity ratio
controls total porosity during the sintering, increasing fluxing oxides enhances the removal
rate of total porosity. A modified kinetic model was proposed to describe the variation of total
porosity during the isothermal sintering with temperature and soaking time. Also, the value of
frequency factor which is function of specific surface area, increases as the composition is pre‐
pared at high milling time. The proposed model can be used for the bodies that are sintered in
the presence of melted phase to achieve minimum porosity at each temperature. It is possible to
estimate the proper soaking time to obtain minimum total porosity at a given firing tempera‐
ture. The data of theoretical porosity are very similar to the experimental one. In summary, the
alkali oxides accelerate the sintering process by reducing viscosity of liquid phase. In effect at
constant temperature the soaking time is reduced by increasing temperature.
Nomenclature
constant parameter (s) A
particle area (m2) Ap
constant parameter a
constant parameter a0
constant parameter (K) B
constant parameter b
activation energy (kJ/mol) Ea
porosity function F(x)
value of F(x) for ε= ε0 F(x0)
external force per unit volume (N/m3) fg
Gibb's free energy (kJ/mol) G
rate constant (s-1) k(ε)
frequency factor (s-1) k0
characteristic length (m) l
number of species Ni
Reynolds number NRe
number of pores per unit volume of real material n
pressure (Pa) P
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gas pressure (Pa) Pg
pressure difference (Pa) ΔP
constant parameter (K) Q
constant of ideal gas (kJ/mol. K) R
average radius of pore (m) r1
average radius of material (m) r2
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velocity (m/s) u
velocity of real material at radius of r1 (m/s) u1
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surface tension (N/m) γ
total porosity ε
initial porosity ε 0
fluid viscosity (Pa. s) η
fluid density (kg/m3) ρ
shear stress (Pa) τ
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1. Introduction
Spark plasma sintering (SPS) or pulsed electric current sintering (PECS) is a sintering techni‐
que utilizing uniaxial force and a pulsed (on-off) direct electrical current (DC) under low at‐
mospheric pressure to perform high speed consolidation of the powder. This direct way of
heating allows the application of very high heating and cooling rates, enhancing densifica‐
tion over grain growth promoting diffusion mechanisms (see Fig. 1), allowing maintaining
the intrinsic properties of nanopowders in their fully dense products.
Figure 1. Material transfer path during sintering
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It is regarded as a rapid sintering method in which the heating power is not only distributed
over the volume of the powder compact homogeneously in a macroscopic scale, but more‐
over the heating power is dissipated exactly at the locations in the microscopic scale, where
energy is required for the sintering process, namely at the contact points of the powder par‐
ticles (see Fig. 2). This fact results in a favourable sintering behaviour with less grain growth
and suppressed powder decomposition. Depending on the type of the powder, additional
advantageous effects at the contact points are assumed by a couple of authors.
Figure 2. Energy dissipation in the microscopic scale
SPS systems offer many advantages over conventional systems using hot press (HP) sinter‐
ing, hot isostatic pressing (HIP) or atmospheric furnaces, including ease of operation and ac‐
curate control of sintering energy as well as high sintering speed, high reproducibility,
safety and reliability. While similar in some aspects to HP, the SPS process is characterized
by the application of the electric current through a power supply, leading to very rapid and
efficient heating (see Fig. 3). The heating rate during the SPS process depends on the geome‐
try of the container/sample ensemble, its thermal and electrical properties, and on the elec‐
tric power supplier. Heating rates as high as 1000 °C/min can be achieved. As a
consequence, the processing time typically takes some minutes depending on the material,
dimensions of the piece, configuration, and equipment capacity.
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Figure 3. Schematic representation of (a) HP and (b) SPS
On the contrary, in conventional HP techniques, the powder container is typically heated by ra‐
diation from the enclosing furnace through external heating elements and convection of inert
gases if applicable. Therefore, the sample is heated as a consequence of the heat transfer occur‐
ring by conduction from the external surface of the container to the powders. The resulting heat‐
ing rate is then typically slow and the process can last hours. In addition, a lot of heat is wasted as
the whole volume of space is heated and the compact indirectly receives heat from the hot envi‐
ronment. On the other hand, SPS processes are characterized by the efficient use of the heat in‐
put, particularly when electrically insulating powders is used and the pulsed electric current is
applied.
It should be however mentioned that in SPS processes the problem of adequate electrical con‐
ductivity of the powders and the achievement of homogenous temperature distribution is par‐
ticularly acute. In this way, the electric current delivered during SPS processes can in general
assume different intensity and waveform which depend upon the power supply characteristics.
In order to permit a homogeneous sintering behaviour, the temperature gradients inside the
specimen should be minimized. Important parameters that are drastically determining the tem‐
perature distribution inside the sample are the sample material's electrical conductivity, the die
wall thickness and the presence of graphite papers used to prevent direct contact between
graphite parts and the specimen and used to guarantee electrical contacts between all parts.
The application of external electric current to assist sintering was initiated by Taylor in 1933,
who incorporated the idea of resistance sintering during the hot pressing of cemented car‐
bides [Taylor, 1933]. Later, Cramer patented a resistance sintering method to consolidate
copper, brass and bronze in 1944 in a spot welding machine [Cremer, 1944]. The concept of
compacting metallic materials to a relatively high density (>90% of theoretical) by an electric
discharge process was originally proposed by Inoue in the 1960s [Inoue, 1965]. Inoue argued
that a pulsed current was effective for densification at the initial sintering stages for low
melting point metals (e.g., bismuth, cadmium, lead, tin) and at the later sintering stage for
high melting metals (e.g., chromium, molybdenum, tungsten). In the United States, Lenel al‐
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so used a spot welding machine for the sintering of metals [Lenel, 1955]. In addition to con‐
tinuous pulses, some researchers also investigated a single discharge method, i.e., the
powders were densified by a single discharge generated from a capacitor bank. In the late
1970s, Clyens et al. [Clyens et al., 1976], Raichenko et al. [Raichenko et al., 1973] and Gegu‐
zin et al. [Geguzin et al., 1975] studied the compaction of metal powders using electric dis‐
charge compaction (EDC) or electric discharge sintering (EDS). In all the methods cited,
electrically conductive powders are heated by Joule heating generated by an electric current.
In 1990 Sumitomo Heavy Industries Ltd. (Japan), developed the first commercially operated
plasma activated sintering (PAS) and spark plasma sintering (SPS) machines with punches
and dies made from electrically conductive graphite [Yanagisawa et al., 1994]. One of the sa‐
lient features of these machines was that, in addition to electrically conductive powders,
high density was also achieved in insulating materials. In PAS process, a pulsed direct cur‐
rent is normally applied at room temperature for a short period of time followed by a con‐
stant DC applied during the remainder of the sintering process (see Fig. 4a). This procedure
is often referred to in the literature as a "single pulse cycle process”. In the SPS process, a
pulsed DC is applied repeatedly from the beginning to the end of the sintering cycle (see
Fig. 4b). In this case the procedure is referred to as a “multiple pulse cycle process”.
Figure 4. Sintering techniques
2. The basic SPS configuration and process
The basic configuration of a typical SPS system is shown in Figure 5. The system consists of
a SPS sintering machine with vertical single-axis pressurization and built-in water-cooled
special energizing mechanism, a water-cooled vacuum chamber, atmosphere controls, vac‐
uum exhaust unit, special sintering DC pulse generator and a SPS controller. The powder
materials are stacked between the die and punch on the sintering stage in the chamber and
held between the electrodes. Under pressure and pulse energized, the temperature quickly
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rises to 1000~2500 °C above the ambient temperature, resulting in the production of a high
quality sintered compact in only a few minutes.
Figure 5. SPS system configuration and vaccum chamber
3. Principles and mechanism of the SPS process
The SPS process is based on the electrical spark discharge phenomenon: a high energy, low
voltage spark pulse current momentarily generates spark plasma at high localized tempera‐
tures, from several to ten thousand ℃ between the particles resulting in optimum thermal
and electrolytic diffusion. SPS sintering temperatures range from low to over 2000 ℃ which
are 200 to 500 ℃ lower than with conventional sintering. Vaporization, melting and sinter‐
ing are completed in short periods of approximately 5 to 20 minutes, including temperature
rise and holding times. Several explanations have been proposed for the effect of SPS:
3.1. Plasma generation
It was originally claimed by Inoue and the SPS process inventors that the pulses generated
sparks and even plasma discharges between the particle contacts, which were the reason that the
processes were named, spark plasma sintering and plasma activated sintering [Inoue, 1965, Ya‐
nagisawa et al., 1994]. They claimed that ionization at the particle contact due to spark discharg‐
es developed “impulsive pressures” that facilitated diffusion of the atoms at contacts. Groza
[Groza et al, 1999] suggested that a pulsed current had a cleaning effect on the particle surfaces
based on the observation of a grain boundary without oxidation formed between particles.
Whether plasma is generated or not has not yet been confirmed directly by experiments. There‐
fore, there is no conclusive evidence for the effect of a plasma generation in SPS. The occurrence
of a plasma discharge is still debated, but it seems to be widely accepted that occasional electric
discharges may take place on a microscopic level [Groza et al., 2000].
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Metal powders have been observed to exhibit lower yield strength under an electric field.
Raichenko et al. [Raichenko et al., 1973] and Conrad [Conrad, 2002] independently studied
electroplastic phenomena.
3.3. Joule heating
Joule heating due to the passage of electric current through particles assists in the welding of
the particles under mechanical pressure. The intense joule heating effect at the particle con‐
ducting surface can often result in reaching the boiling point and therefore leads to localized
vaporization or cleaning of powder surfaces [Tiwari et al., 2009]. Such phenomenon ensures
favourable path for current flow.
3.4. Pulsed current
The ON-OFF DC pulse energizing method generates: (1) spark plasma, (2) spark impact
pressure, (3) Joule heating, and (4) an electrical field diffusion effect (see Table 1).
Table 1. Effects of ON-OFF DC
In the SPS process, the powder particle surfaces are more easily purified and activated than
in conventional electrical sintering processes and material transfers at both the micro and
macro levels are promoted, so a high-quality sintered compact is obtained at a lower tem‐
perature and in a shorter time than with conventional processes. Figure 6 illustrates how
pulse current flows through powder particles inside the SPS sintering die.
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Figure 6. Pulsed current flow through powder particles
The SPS process is an electrical sintering technique which applies an ON-OFF DC pulse
voltage and current from a special  pulse generator to a powder of  particles (see fig.  7),
and in  addition to  the factors  promoting sintering described above,  also effectively  dis‐
charges between particles of powder occurring at the initial stage of the pulse energizing
for sintering.
Figure 7. ON-OFF pulsed current path through the spark plasma sintering machine
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High temperature sputtering phenomenon generated by spark plasma and spark impact
pressure eliminates adsorptive gas and impurities existing on the surface of the powder par‐
ticles. The action of the electrical field causes high-speed diffusion due to the high-speed mi‐
gration of ions.
3.5. Mechanical pressure
When a spark discharge appears in a gap or at the contact point between the particles of a
material, a local high temperature-state (discharge column) of several to ten thousands of
degrees centigrade is generated momentarily. This causes evaporation and melting on the
surface of powder particles in the SPS process, and "necks" are formed around the area of
contact  between  particles.  Figure  8  shows  the  basic  mechanism  of  neck  formation  by
spark plasma.
Figure 8. Basic mechanism of neck formation by spark plasma
Figure 9a shows the behavior in the initial stage of neck formation due to sparks in the plas‐
ma. The heat is transferred immediately from the center of the spark discharge column to
the sphere surface and diffused so that intergranular bonding portion is quickly cooled. As
seen in Figure 9b which show several necks, the pulse energizing method causes spark dis‐
charges one after another between particles. Even with a single particle, the number of posi‐
tions where necks are formed between adjacent particles increases as the discharges are
repeated. Figure 9c shows the condition of an SPS sintered grain boundary which is plastic
deformed after the sintering has progressed further.
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Figure 9. SPS sintering steps
4. Materials
The increasing importance of the electric current assisted sintering method as a tool for con‐
solidation of powders is demonstrated by the large number of papers published in the re‐
cent years. It should be noted that references written in English language, at least at the
abstract level, since 1922 to 2007 show an exponential growth since the late 90’s [Orru et al.,
2009]. While there are other reviews focused on a large list of materials sintered by SPS, we
concentrate here on some relevant applications, mainly hard materials.
4.1. Cutting tools – Carbon nitrides (Materials Science and Engineering A 543 (2012) 173–
179); hard materials
4.1.1. Titanium nitride
One of the most direct applications of SPS is the sintering of high melting point materials
such as titanium nitride. This ceramic has received little attention in its bulk form due to its
poor sinterability and inherent brittleness. Even more, all the works reported in the litera‐
ture used the hot press technique to achieve densification. In particular, it has been shown
[Yamada et al., 1980] that by employing extremely high pressures on the order of 1 to 5 GPa,
it is possible to sinter pure titanium nitride to high density. In that work, they claimed rela‐
tive densities of 98% for course powders and 95% for fine powders, respectively with a pres‐
sure of 5.0 GPa and a temperature of 1500 °C. More recent works showed [Graziani et al.,
1995] that after 30 minutes at 1850 °C with a pressure of 30MPa, it was possible to obtain
relative densities around 95%.
4.1.2. Transition metal carbonitrides
Similarly,  transition  metal  carbonitrides  are  becoming  increasingly  important  materials
due to their excellent properties in the fields of superhardness, tribology, superconductivi‐
ty and, electrical and thermal conductivities. Titanium carbonitride is the most widely em‐
ployed material because it is the main component in commercial cermets. These cermets
are prepared from a Ti(C, N) powder, or a combination of TiC and TiN powders, with Ni
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as binder and are manufactured by sintering the compacted powder mixture at a tempera‐
ture at which a liquid phase is formed. Again, due to the high temperatures required to
sinter this material, Ti(C, N)-based cermets, hot pressing, hot isostatic pressing, or a com‐
bination of HIP’ing and sintering, under vacuum, nitrogen or argon atmosphere are cur‐
rently  used.  One  of  the  most  common ways  to  prepare  titanium carbonitride  is  to  hot
press blended mixtures of TiC and TiN powders in vacuum or argon atmosphere at 1700–
2400 °C [Monteverde et al., 2002]. For this reason, SPS has emerged as a useful technology
and has already been used to densify titanium carbonitride powders at  a relatively low
temperature [Borrell et al., 2012].
Titanium–silicon–nitrogen (Ti–Si–N) composites were SPSed from a mixture of Si3N4, titani‐
um nitride (TiN), and titanium thus developing wear-resistant materials with good environ‐
mental and biological compatibilities in water and sea water [Hibi et al., 2002]. SPS
compaction experiments of nanostructured titanium carbonitride powders, synthesized
through rapid condensation from the gas-phase (high-frequency plasma), have been per‐
formed at 1600 and 1800 °C (sintering time = 1 min) [Angerer et al., 2005]. The sintering re‐
sults were compared with data obtained by various conventional sintering techniques such
as pressureless sintering, gas pressure sintering, and hot pressing. The experiments showed
that the SPS method is capable of obtaining high densities (about 94% of theoretical density)
combined with small grain size quotient d/d0 of 5.4–6.5.
4.1.3. Al2O3-SiC
Al2O3–SiC composites are usually sintered by hot pressing of powder mixtures [Sun et al.,
2005].  Although  the  simultaneous  heating  and  uniaxial  pressure  applied  facilitates  the
densification of these composites, high temperatures up to 1800 °C are usually required.
Due to the high sintering temperatures needed, alumina grain growth and the subsequent
final microstructure control is limited. Two temperatures were used for spark plasma sin‐
tering tests (1400 °C and 1550 °C) [Borrell  et al.,  2012].  In both cases, nearly fully dense
samples  (>99.0%  relative  density)  were  obtained  for  all  Al2O3–17  vol.%  SiC  composites
prepared through the different raw materials combinations tested. It was then shown that
when similar composite powders (Al2O3–SiC) are sintered by hot press,  at  least  1650 °C
and 1 h soaking time are required for total densification, even if the total SiC content is
lower (5 vol.%) [Wang et al., 2000].
4.1.4. Transparent ceramics
4.1.4.1. Alumina
As in the previous case, grain growth is an important issue determining the mechanical
performance of transparent ceramics. Even more, in the case of non cubic ceramics such
as  alumina or  zirconia,  the  birefringence  is  a  critical  factor  leading to  a  dispersion that
is  directly  related  to  the  grain  size  of  the  ceramics.  For  this  reason,  fine-grained trans‐
parent  Al2O3  ceramics  have recently  attracted much attention due to  their  superior  me‐
chanical  and optical  properties [Apetz et  al.,  2003].  Conventional sintering requires very
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high  temperatures  and  long  holding  time,  which  leads  to  a  deficient  mechanical  per‐
formance  [Wei  et  al.,  2001].  Hot  isostatic  pressing  reduces  the  temperature  required,
leading  to  high  strength  and  translucent  alumina  [Mizuta  et  al.,  1992].  It  has  been  re‐
cently  demonstrated  [Jin  et  al.,  2010]  that  it  is  possible  to  sinter  to  transparency  com‐
mon-grade  commercial  powders  by  spark  plasma  sintering.  The  powders,  previously
treated in HF, were sintered between 1300 and 1400 °C for 3 minutes under an applied
pressure of  80 MPa and a heating rate  of  100 °C min-1.  Another alternative reported in
the  literature  is  the  use  of  the  so-called  self-doping  process  [Suarez  et  al.,  2009]  in
which  alumina  powders  are  doped  with  aluminium  ethoxide  which  will  transform  to
alumina  after  calcination.  These  powders  were  sintered  at  1200  °C,  with  maximum
shrinkage  velocity  at  1000  °C,  under  an  applied  pressure  of  80  MPa  with  a  holding
time of  20 min.  In another doping process,  the precipitation of  CeO2  nanoparticles (< 5 
nm) on the surface of the starting alumina nanopowder using cerium(III) acetate as pre‐
cursor  has  been  studied  [Alvarez  et  al.,  2010].  It  was  then  shown  that  the  ceria  nano‐
particles  strongly  enhance  the  transparency  of  the  spark  plasma sintered compacts  due
to  both  the  ceria  nanoparticles  acting  as  powder  lubricant,  increasing  by  around  15%
the initial  density of  the powder in the SPS die and the CeO2  nanoparticles,  locating at
grain  boundaries,  hindering  alumina  grain  growth  by  pinning  during  SPS  sintering  at
1430 °C, under an applied pressure of 80 MPa for 2 min. This effect was found to be ef‐
fective only under SPS vacuum conditions.
4.1.5. Yttrium aluminium garnet
Yttrium aluminium garnet (YAG) is a material showing a large transparency range from 250
nm (UV range) up to 5 µm. It is often produced in the single crystal form, but this limits the
size and shape of the components produced. It was shown [Suarez et al., 2009b] that lyophi‐
lized YAG powders could be sintered to transparency (transmittance values of 82% in the
infrared region and 56% at 680 nm) by SPS at 1500 °C for 3 minutes, keeping a constant pres‐
sure during the sintering cycle of 50 MPa and a heating rate of 100 °C min-1.
4.1.6. Zirconia
As a hard-to-sinter ceramic, tetragonal zirconia polycrystal (TZP) samples are usually opa‐
que even after high-temperature sintering because the existence of residual pores considera‐
bly scatters incident light and deteriorates the transparency. However, although it is
possible to control the porosity through the sintering conditions (for example, using HP
[Duran et al., 1989] SPS [Casolco et al., 2008] and HIP [Klimke et al., 2011]), it is still very
important to keep the grain size as small as possible. Analogously to alumina, the non-cubic
crystal structure leads to an optical anisotropy, birefringence in TZP is one order of magni‐
tude higher than that of alumina, that causes diffuse scattering at grain boundaries. It has
been shown [Zhang et al., 2011] that, compared to the method of pre-sintering plus HIP,
high-pressure spark plasma sintering (HP-SPS) can be an extremely simple and effective
route to obtain highly IR transparent tetragonal ZrO2.
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4.1.7. Magnesium aluminate spinel
Magnesium aluminate spinel is a ceramic material showing a large transparency range, cov‐
ering from 0.2-5 µm. The densification to transparency (50% at 550 nm) by SPS of a fine-
grained high-purity spinel was successfully demonstrated [Morita et al., 2008]. The
temperature used in that study was 1300 °C with a holding time of 20 minutes and a low
heating rate: 10 °C min-1. Consequently, the versatility of SPS concerning heating rates can
also be considered as a key factor to obtain transparent ceramics as it may cover a wide
range of heating rates. Other works [Frage et al., 2007] showed very high optical transmis‐
sions in the visible range of spark plasma sintered powders of magnesium aluminate spinel
powders doped with LiF. Undoped powders sintered at the same temperature of 1220 °C
showed a smaller light transmission.
4.2. Biomaterials
Bulk hydroxyapatite (HA) compacts and composites with HA matrix may find a wide va‐
riety of applications in implantology [Martz et al.,  1997].  However,  HA shows a limited
stability at high temperatures and will dissociate into tricalcium phosphate and tetracalci‐
um phosphate at 1300 °C in air or 1000 °C in vacuum [Chaki et al.,  1994]. On the other
hand,  high  temperatures  and  long  sintering  duration  required  for  consolidation  of  HA
powders by conventional  techniques often result  in extreme grain coarsening or surface
contamination, which can degrade the desired mechanical properties. These problems can
be alleviated by using spark plasma sintering to avoid exposing the compacts to high tem‐
peratures for a long duration. It has been shown [Gu et al., 2002] that it is possible to sint‐
er  HA  powders  by  SPS  at  temperatures  as  low  as  950  °C  while  still  keeping  a  good
performance in terms of fracture toughness, microhardness and Young’s modulus. Densi‐
ties obtained at 950 °C after 5 minutes of holding time reached 99.6%. Also, these authors
reproted that no phase change was detected at 950 °C, whereas HA started to decompose
at 1000 °C. Also, no noticeable grain growth was observed at sintering temperatures be‐
tween 850 and 1100 °C.
However, the intrinsic mechanical properties of HA, particularly its low strength and high
brittleness, may still limit the applications of HA ceramics in loadbearing areas of the hu‐
man body that  HA should be  strengthened.  One attractive  way to  overcome these  me‐
chanical limitations is to use bioactive HA‘s ceramic/metal composites so as to achieve the
necessary  mechanical  strength  and  bioactive  properties  at  the  same  time  [Lynn  et  al.,
2002],  which include that the incorporation of bioinert ceramics and the addition of bio‐
compatible glass into HA matrix [Gautier et al., 1999]. However, due to the addition of a
secondary phase, the phase changes of the composites at the usual sintering temperatures
may  still  take  place.  For  this  reason,  the  sintering  by  SPS  of  TiO2/HA  composites  was
studied  [Que  et  al.,  2008].  These  authors  successfully  prepared  TiO2/HA composites  by
combining high-energy ball  milling with SPS.  Their  results  indicate that  the addition of
TiO2 had a positive effect on improving both the hardness and the Young’s modulus of
the HA, while still keeping a bioactivity as confirmed by in vitro tests.
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4.3. Materials for nuclear energy applications
The encapsulation of radioisotope materials such as 238PuO2 and 241AmO2 within tungsten
cermets is of particular interest for the production of radioisotope heat sources for thermal
management and radioisotope power systems [O’Brien et al., 2009]. The production of nu‐
clear fuels for fission reactor systems based upon W–UO2 or W–UN cermets is also of partic‐
ular interest for increased operational safety and security. Conventional sintering techniques
(such as hot isostatic pressing) required processing of materials at temperatures that were
high enough to exceed the dissociation temperatures of the radioisotope oxides, which
would lead to the formation of complete or partial non-cermet regions such as those descri‐
bed in the fuel element development summary in the General Electric report on the develop‐
ment of the 710 High-Temperature Gas Reactor [General Electric, 1967]. However, it has
been shown in the literature that SPS is also able to densify materials at lower temperatures
and shorter times than those required in conventional processes. Also, the presence of large
grains observed in sintering processes such as hot isostatic pressing lead to a loss of mechan‐
ical properties. Spark plasma sintering minimizes grain growth and it is therefore ideal to be
used in materials requiring a top mechanical performance. Other works also reported on the
encapsulation of plutonium dioxide or americium dioxide within a tungsten-based cermet
using the SPS technique [O’Brien et al., 2008].
4.4. Materials with low coefficient of thermal expansion
Materials with a very low coefficient of thermal expansion (CTE) are of great interest because of
their many different applications, from cookware to aerospace applications. An interesting
route to obtain this kind of materials is based on the combination of phases with positive and
negative CTE [Garcia-Moreno et al., 2010]. The lithium aluminosilicate family (LAS) is the most
studied system to prepare materials with very low CTE properties. Eucryptite and spodumene
are the most used and studied phases with these characteristics [Moya et al., 1974] and it is well
known that sintering of these materials to obtain dense ceramic bodies is quite complicated
[Mandal et al., 2004], due to their narrow range of sintering temperatures and the easy forma‐
tion of a vitreous phase. Therefore, by conventional methods of pressureless natural sintering,
the ceramic materials thus obtained have usually low mechanical properties and Young’s
modulus. The fabrication of submicron LAS-alumina composites by spark plasma sintering
has been suggested as a solution to this problem [Garcia-Moreno et al., 2011]. They found that it
was possible to sinter the composites to the theoretical density, reaching higher strength values
at lower temperatures than required by conventional sintering. In particular, composites com‐
prising 15.65 wt.% alumina and 84.35 wt.% β-eucryptite gave the closest to zero CTE value in a
wide temperature range.
5. Past, present and future of SPS process
5.1. Origin of spark plasma sintering
As previously mentioned, the technology related to current assisted sintering processes
started in the late 1930s when a sintering process using electrical heating was introduced in
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4.1.7. Magnesium aluminate spinel
Magnesium aluminate spinel is a ceramic material showing a large transparency range, cov‐
ering from 0.2-5 µm. The densification to transparency (50% at 550 nm) by SPS of a fine-
grained high-purity spinel was successfully demonstrated [Morita et al., 2008]. The
temperature used in that study was 1300 °C with a holding time of 20 minutes and a low
heating rate: 10 °C min-1. Consequently, the versatility of SPS concerning heating rates can
also be considered as a key factor to obtain transparent ceramics as it may cover a wide
range of heating rates. Other works [Frage et al., 2007] showed very high optical transmis‐
sions in the visible range of spark plasma sintered powders of magnesium aluminate spinel
powders doped with LiF. Undoped powders sintered at the same temperature of 1220 °C
showed a smaller light transmission.
4.2. Biomaterials
Bulk hydroxyapatite (HA) compacts and composites with HA matrix may find a wide va‐
riety of applications in implantology [Martz et al.,  1997].  However,  HA shows a limited
stability at high temperatures and will dissociate into tricalcium phosphate and tetracalci‐
um phosphate at 1300 °C in air or 1000 °C in vacuum [Chaki et al.,  1994]. On the other
hand,  high  temperatures  and  long  sintering  duration  required  for  consolidation  of  HA
powders by conventional  techniques often result  in extreme grain coarsening or surface
contamination, which can degrade the desired mechanical properties. These problems can
be alleviated by using spark plasma sintering to avoid exposing the compacts to high tem‐
peratures for a long duration. It has been shown [Gu et al., 2002] that it is possible to sint‐
er  HA  powders  by  SPS  at  temperatures  as  low  as  950  °C  while  still  keeping  a  good
performance in terms of fracture toughness, microhardness and Young’s modulus. Densi‐
ties obtained at 950 °C after 5 minutes of holding time reached 99.6%. Also, these authors
reproted that no phase change was detected at 950 °C, whereas HA started to decompose
at 1000 °C. Also, no noticeable grain growth was observed at sintering temperatures be‐
tween 850 and 1100 °C.
However, the intrinsic mechanical properties of HA, particularly its low strength and high
brittleness, may still limit the applications of HA ceramics in loadbearing areas of the hu‐
man body that  HA should be  strengthened.  One attractive  way to  overcome these  me‐
chanical limitations is to use bioactive HA‘s ceramic/metal composites so as to achieve the
necessary  mechanical  strength  and  bioactive  properties  at  the  same  time  [Lynn  et  al.,
2002],  which include that the incorporation of bioinert ceramics and the addition of bio‐
compatible glass into HA matrix [Gautier et al., 1999]. However, due to the addition of a
secondary phase, the phase changes of the composites at the usual sintering temperatures
may  still  take  place.  For  this  reason,  the  sintering  by  SPS  of  TiO2/HA  composites  was
studied  [Que  et  al.,  2008].  These  authors  successfully  prepared  TiO2/HA composites  by
combining high-energy ball  milling with SPS.  Their  results  indicate that  the addition of
TiO2 had a positive effect on improving both the hardness and the Young’s modulus of
the HA, while still keeping a bioactivity as confirmed by in vitro tests.
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the United States. In Japan, a similar process based on the pulsed current applied sintering
method was researched and patented in the 60s and is known as spark sintering [Inoue,
1963] [Inoue, 1961]. Nevertheless, the lack of application technology at that time limited
fields where it could be applied. Unsolved problems associated with industrial production,
equipment cost and sintering efficiency were key points. There was little literature on re‐
search into this process until the latter half of the 70s. The second generation was developed
from the middle of the 80s to the early 90s. These units were small experimental systems
with maximum sintering pressure of around 5 tons and pulse generators of up to 800 A,
used primarily for materials research. The emerging of SPS process took place along the 90s
when the third generation of this advanced technology was developed. These systems had
large DC pulse generators of 10 to 100 tons and 2,000 to 20,000 A and more. They gained a
reputation as new industrial processes for synthetic processing of gradient and composite
materials [Omori et al., 1994] [Omori et al, 1994].
The evolution of interest in SPS process can be followed by analysis of fair indicators such as
patents or scientific publications. The explosion of scientific research on this technology
started less than two decades ago and it continues nowadays. In Figure 10, it can be ob‐
served the number of published items and citations in scientific papers with “Spark Plasma
Sintering” as topic [Wok, 2012].
(a) (b) 
Figure 10. Published items (a) and citations (b) of Spark Plasma Sintering topic papers
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The excellent properties that can be obtained when this technique is used for consolidating ma‐
terials leads to an exponential growing of research publications on this topic. It has passed from
an exotic technique at the beginning of 90s to a fundamental tool for advanced material prepa‐
ration, especially in the case of nanostructured materials. But, the interest in this technology is
not limited to research area. Thus, 30% of patents related with SPS technology have priority
dates of less than 10 years. Moreover, SPS has been progressively incorporated as one of the key
steps in patents for obtaining advanced materials, especially for ceramic and metallic materi‐
als. The use of SPS for solving very diverse technological problems is a reality and first com‐
mercial products based on this technology are already in the market.
5.2. Industrial production requirements
As it was previously mentioned an enormous amount of reported FAST/SPS applications
are still in the area of material development and more than enough opportunities for an in‐
dustrial implementation were generated. Taking the next step forward to an industrial pro‐
duction of novel materials by FAST/SPS is currently highly dependent on the availability of
suitable equipment. The industrial application of the FAST/SPS sintering method for the
rapid consolidation of novel materials require special features, which have to be fulfilled by
the equipment and are different from the requirements of scientific work to some extent.
The main issues are discussed below:
5.2.1. Electrical output power
In order to assure a cost effective production, equivalent with high throughput (amongst
other things), a sufficient electrical output power must be provided by the system. It is im‐
portant, that the electric losses in the system are low in order to generate high heating power
at the location, where it is needed. The actual value of the required power depends on the
size and material of the powder compact and the pressing tool as well as on the intended
heating rates and maximum temperatures.
5.2.2. Flexible power supply
Depending on the type of the powder, several different sintering mechanisms are possible.
Some of them can be influenced by the type of the heating current. Therefore a power sup‐
ply with high flexibility is important in order to achieve optimum sintering results in terms
of throughput and material quality. FAST/SPS systems are capable of generating a wide
range of pulsed DC current with computer controlled, arbitrary pulse parameters to the
point of pure DC current (examples see Fig. 11).
5.2.3. Precise temperature measurement & control
The correct sintering temperature is the most important process parameter besides time and
heating rate. Due to a special design FAST/SPS systems are measuring the temperature in
the vicinity of the powder compact centre, which gives a much more significant value than
the measurement of the die temperature [Vanmeensel et al., 2005].
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Figure 11. Flexible output of pulsed DC current
5.2.4. Optimized pressing tool systems
Due to the special construction of FAST/SPS systems, the pressing tool system, consisting of
the two pressing punches, the die and other auxiliary components, is the “heart” of the sys‐
tem, because it not only contains the powder compact but also acts as the “heater” (in inter‐
action with the compact). Even though the temperature gradients in the system are
significantly lower than for conventional sintering methods, e.g. hot pressing (see Fig. 12), a
design optimization is advantageous anyhow, especially if higher heating rates, minimized
dwell time and optimum material quality are desired. A helpful tool for design optimization
is the numerical simulation (finite element method “FEM”) of the heating behaviour, taking
into account the temperature dependent thermal and electrical properties of the applied tool
materials as well as the powder compact [Vanmeensel, et al., 2006]. As an example Figure 12
shows the temperature distribution in a pressing tool system containing two powder com‐
pact circular disks of 200 mm diameter after heating to 1500°C within 12 min and 5 min
dwell time. With the standard tool design (left) the remaining temperature difference in the
compact amounts to 160 K, which can be reduced to 60 K by design optimization (right).
Sintering Applications334
Figure 12. Temperature distribution in standard and optimized pressing tool system
The benefit of optimized pressing tool systems is a superior material quality and homogene‐
ity, e.g. reflected by an even distribution of high hardness values across the diameter of a
200 mm circular disk compared with the standard pressing tool situation (Fig. 13). Further‐
more the highest heating rates made possible that way are an essential condition for the re‐
alization of nano-structured materials, which are often impossible to sinter by conventional
methods due to significantly longer sintering cycles.
Figure 13. Hardness distributions generated by standard and optimized pressing tool systems
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The so called “Hybrid Heating” is a combination of the FAST/SPS method with one or sev‐
eral additional heating systems, which act usually from the outside of the pressing tool sys‐
tems, as illustrated in Figure 14. Thus the thermal gradients of FAST/SPS, which are directed
from from the inside outwards typically, can be compensated by the inversely directed gra‐
dients of the additional heating system. As shown in Figure 15 the superposition of the gra‐
dients (left side) results in an extensively minimization of these gradients (right side). This
allows further enhancement of the heating rates at simultaneously optimized homogeneity
with all the advantages pointed out before.
A practical example showing the positive effect of hybrid heating can be found in Figure 16,
which compares the sintering behaviour of rectangular plates made of binderless tungsten
carbide (size 150 x 175 mm). The light grey curves show the densification byuse of FAST/
SPS, whereas the dark grey curves show the enhanced sintering behaviour by use of hybrid
heating.
5.2.6. Fast cooling system
The production capacity of an industrial FAST/SPS system is not only governed by the max‐
imum possible heating rate and a minimized dwell time, but also by a fast cooling facility,
which allows early discharge of the completed pressing tool. This is realized by an addition‐
al cooling chamber, separated from the actual sintering chamber by a gas/vacuum-proof,
gate and equipped with special fast cooling rams. An automatically working handling sys‐
tem shifts the hot pressing tool system from the sintering chamber to the cooling chamber.
After automatic closing of the gate the sintering chamber is ready for charging the next sin‐
tering cycle during cooling of the previous pressing tool.
Figure 14. Schema of an industrial high throughput sintering system with hybrid heating, separate cooling chamber
and semi-continuous operation facility
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Figure 15. Compensation of residual temperature gradients by hybrid heating
5.2.7. Automatic operation
In order to realize a cost efficient industrial application of FAST/SPS sintering systems, the
automation is an essential prerequisite. An important step is the semi-continuous operation
mode mentioned above in conjunction with the fast cooling system. Due to a combination
with robots and manipulators a fully automatic operation can be realized.
Figure 16. Comparison of sintering behaviour using FAST/SPS (light grey) and hybrid heating (dark grey)
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Since 2010, the Nanomaterials and Nanotechnology Research Center (CINN-CSIC), in col‐
laboration with FCT Systeme, the SPS technology leader in Europe, are working in the de‐
velopment of new advanced multifunctional materials obtained by using hybrid heating
equipment. The potential applications of the components developed are very diverse cover‐
ing fields such as space and aeronautics, automation, mechanical engineering or biomedi‐
cine. As examples of technical prototypes already developed, they can be mentioned
ultrastable components for satellite mirrors and high precision and accuracy optical devices,
ultrahard protection components, nanostructured cutting tools or biomaterials.
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laboration with FCT Systeme, the SPS technology leader in Europe, are working in the de‐
velopment of new advanced multifunctional materials obtained by using hybrid heating
equipment. The potential applications of the components developed are very diverse cover‐
ing fields such as space and aeronautics, automation, mechanical engineering or biomedi‐
cine. As examples of technical prototypes already developed, they can be mentioned
ultrastable components for satellite mirrors and high precision and accuracy optical devices,
ultrahard protection components, nanostructured cutting tools or biomaterials.
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Sintering is one of the final stages of ceramics fabrication and is used to increase 
the strength of the compacted material. In the Sintering of Ceramics section, the 
fabrication of electronic ceramics and glass-ceramics were presented. Especially 
dielectric properties were focused on. In other chapters, sintering behaviour of 
ceramic tiles and nano-alumina were investigated. Apart from oxides, the sintering 
of non-oxide ceramics was examined. Sintering the metals in a controlled atmosphere 
furnace aims to bond the particles together metallurgically.  In the Sintering of 
Metals section, two sections dealt with copper containing structures. The sintering of 
titanium alloys is another topic focused in this section. The chapter on lead and zinc 
covers the sintering in the field of extractive metallurgy. Finally two more chapter 
focus on the basics of sintering,i.e viscous flow and spark plasma sintering.
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